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A STRESS CORROSION CRACKING MECHANISM
BASED ON SURFACE MOBILITY -

JosEé R. GALVELE

Departamento Materiales, Comisién Nacional de Energia Atémica,
Avda. Libertador 8250, Buenos Aires 1429, Argentina

Abstract—A mechanism for stress corrosion cracking (SCC) is developed from simple metallurgical
principles and assuming that high surface mobility is present in the process. An equation is found for crack
velocity as a function of surface mobility and stress concentration at the tip of the crack. This mechanism
is shown to predict SCC specificity, as well as the effect of temperature on SCC. and the enhancement of
crack velocity by hydrogen. A correlation between SCC, liquid metal embrittlement and hydrogen
embrittlement of non-hydride forming metals is established.

INTRODUCTION

THE PROBLEM of environment-sensitive fracture which is over a century old,' is of
great technological and scientific interest, and has given place to many thorough
reviews, meetings and publications.>!! Numerous mechanisms have been proposed
to explain stress corrosion cracking (SCC), hydrogen embrittlement (HE) and liquid
metal embrittlement (LME).'"*? One of the big limitations of most of the available
mechanisms is that, as pointed out by various authors,'>"* great similarities are to be
found in the embrittlement phenomena, but none of the available mechanisms seems
to give a satisfactory explanation of such similarities. Another serious limitation' is
that with the available mechanisms we are still unable to predict new cases of
environment-sensitive fracture.

The purpose of the present paper is to discuss a new mechanism of environmental
embrittlement which, although still very speculative in nature, has the following
attractive qualities:

(1) it gives account of most experimental observations in SCC and LME;

(2) it joins SCC, LME and some cases of HE in just one mechanism;

(3) it can be extended to non-metallic solids;

(4) it allows the prediction of new cases of environment embrittlement; and

(5) it is susceptible of simple experimental verification.

As suggested in two recent publications,'>!® high surface mobility would be the
only common factor to be found in SCC in liquid environment, SCC in gaseous
environments and LME. A solid material subjected to a tensile stress can relax that
stress either by glide motion of dislocations, by dislocation creep, by diffusional flow
or by developing cracks perpendicular to the direction of the tensile stress. If the
stress is lower than the flow stress no dislocation glide will be observed.'” If, at the
same time, the temperature is below 0.5 7,,, T, being the melting point of the
material in K, dislocation creep and diffusional flow will be too slow to be detected. 17
The present mechanism'® suggests that under those conditions, if a sufficiently high
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surface mobility is induced by the environment, the stresses will be relaxed by cracks
growing into the material. In the present paper such a mechanism is deweloped,
assuming that cracks will grow by the arrival of surface vacancies to, or emsssion of
adatoms from, the bottom of the crack. According to Rhead'® high surface mobility
is produced by low melting point contaminants on the metal surface. In shis way
specificity in producing SCC can be explained, and compounds capable of ihibiting
SCC can be detected. The presence of hydrogen, by interaction with vacanaes, will
accelerate the cracking process. :

: THE CRACK PROPAGATION MECHANISM

When a crystal is stressed, the equilibrium concentration of vacancies is different
from that in the absence of stresses.'® The concentration will be higher than thermal
equilibrium if the stresses are tensile, and lower if they are compressive. At high
temperatures, clos= to the metal melting point these changes in vacancy ooncen-
tration are responsible for the Nabarro-Herring creep.? Under higher stresses, and
with high surface mobilities, intergranular creepcracks, growing by surface diffasion,
are also observed.?-2

At temperatures at which SCC is usually found, below 0.5 T, the above
processes become so slow that they are of little practical interest.!”> Attention will
now focus on what happens at these iow temperatures if the surface diffusivity
becomes abnormally high. Figure 1 shows schematically the atom distributios at the
bottom of a stressed crack. For didactical purposes the atom distribution in Fig. 1
follows the crack tip geometry found by deCelis and coworkers®* through molecular
dynamics simulation of crack tips in alpha-iron. Usually, as a result of the emission
of dislocations from the bottom of the crack, the growing cracks will be wider than
those of Fig. 1. Nevertheless, as shown by Paskin et al.,” the width of the cracks, at
an atomic level, has little effect on the stress concentration at the bottom of theerack,
and the conclusions to be drawn from Fig. 1 will be valid also for cracks of different
shape.

Following the reasoning used by Nabarro for creep,' an energy U, is requweed to
form a vacancy in a stress free region. If the area exposed by each atom to thestress
oisa®, then the work done by the stress on removing the atom is o2, and the effective
energy of formation has become U, — gu®. In thermal equilibrium, the concentration
of vacancies, C, on a tensile region will be:

3
C= Cyexp (i'%) (1)
Co being the thermal equilibrium concentration of vacancies in the stress free region;
T the temperature in degrees K; and & the Boltzmann constant. The equilibrium
concentration, C, will be reached by interaction of the lattice with the most common
sinks and sources of point defects, like surfaces, dislocations, grain boundaries, etc. 2
This interaction will involve surface, grain boundary and volume diffwsion.
- Nevertheless, at the temperatures considered, the volume and grain bousdary
diffusion coefficients are so low that no significant changes are observed.

The transition A-B, in Fig. 1, introduces a vacancy into the lattice site A, andwill
be favoured by the tensile stresses. But again, in the presence of an atomically dean
surface, and at the temperatures considered, the surface diffusion coefficient, D, is

so low that this effect will remain undetectable.
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Fic. 1. A schematic description of the surface mobility cracking mechanism. Stresses, at

the tip of the crack, will favor the A-B exchange, introducing a vacancy at the tip of the

crack, and advancing the crack one atomic distance. The rate determining step will be the

rate at which the excess atoms, C, are transported, by surface diffusion, from the tip of the
crack to a new lattice site: B-D. (Atoms distribution from de Celis e al.™).

If, on the other hand, the surface diffusion coefficient, D, is high, the adatom
produced by the exchange A-B will move along the crack surface, B~C-D, giving
way to new A-B exchanges. These A-B exchanges will introduce an excessive
concentration of adatoms on the crack surface. C, that will be annealed out as soon
as those adatoms reach kink sitc- on the surface, D. If instead of using a description
of surface diffusion based on adatoms, surface vacancies are considered, the above
description is still valid.

During the A-B exchanges when a vacancy takes its place at A, the stressed lattice
will partially relax, and the crack will advance one atomic step. This will lead to the
crack propagation process, that in Fig. 1 will be equivalent to the relocation of the
atoms in the plane A-A’. Figure 1 shows the propagation of a transgranular crack,
but the same reasoning is valid if a grain boundary is present along A-A'.

It is possible to calculate crack velocity, V,, when propagation occurs by this
mechanism. The difference in vacancy concentration between the stressed and the

stress-free region will be:
oa’
C CO = Co [exp (ﬁ—) 1]. (2)

To calculate the vacancy concentration gradient, the distance L between the stressed
and the stress free regions must be found. Under high surface mobility conditions the
surface layers will be expected to be in equilibrium with the lattice atoms close to the
surface, and any gradient in vacancies between stressed and stress-free regions
should be reflected by an equal gradient in the surface defect concentration. The
present mechanism is only concerned with stresses that reach the surface. In a crack
there will be a high stress concentration on the surface at the tip of the crack.? This
will not be the case with the surfaces at the sides of the crack. From atomic crack
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Fi6. 2. The distance (L) that the excess atoms have to travel from the tip of the crack toa
kink site on the crack surface. The distance will be smaller (L') if the excess atoms are
dissolved by reaction with the environment (C), or if selective dissolution of the alloy s
taking place (E). In both cases empirical correlations between crack velocities and anodic
dissolution will be found. -

models* the stresses on the side surfaces of the cracks are found to drop substantially
after only 5-7 atomic distances away from the tip of the crack.

Since the surface stressed region is very small, the value of L will be determined
mainly by the distance the adatom has to travel before it reaches a kink, A-D in
Fig. 1. This distance will be a function of the crystallographic orientation of that
surface. In most of the SCC cases the diffusion distance, L', will be smaller than L
(Fig. 2) because of the reaction with the environment. The environment will act by
dissolving the excess of adatoms, C, or by introducing surface vacancies, E, asin the
de-alloying of Cu~Zn alloys. In this case the higher the content of Zn in the alloy, the
lower L' should be expected to be.

‘Reactions C and E, in aqueous solutions under anodic polarization conditions,
will involve charge transfer, and the rate of exchange will be proportional to the rate
of crack propagation, the transition process A-B. This would explain why numerous
authors reported a proportionality between current densities on straining metals and
crack velocities. !--8-28-31

The vacancy concentration gradient will be given by

dC _ Co oa 3
T [“‘P (k—r') 1] )
and the vacancy flow, per unit of time, will be:
_ dc .
‘J, = D, e (4)

For the sake of convenience, instead of the coefficient of surface diffusion of
- vacancies, D,, the coefficient of surface self-diffusion, D,/C,, will be used.? In
-addition, the concentration_of vacancies, given in equation (2) as the number of
vacancies per unit of site, will be given in vacancies per unit of volume. The flow of
vacancies, per unit of area and unit of time will then be given by:

3
], = L%‘,-‘ [exp (er) - 1]. ()

Vdi
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Fic. 3. Crack velocities as a function of the stress at the tip of the crack (o) and the surface
self-diffusion coefficient (D,), calculated with equation (6), for L = 107" m; a = 2.5 X
10~'° m; and temperature, 25°C.

If » = @~ is the number of atoms per unit of area, then every time that v vacancies
move to the tip of the crack, the crack will advance a distance a. The crack velocity,

V,, will be given by:
D, oa’
o= T [""P (7&‘) - 1] ©)

V, being the crack velocity, in m s™'; D, the surface self-diffusion coefficient, in m?

s~1: L the diffusion distance of the adatoms or vacancies, in m; o the elastic surface
stress at the tip of the crack, in N m~2; a the atomssize, in m; k the Boltzmann constant
inJ K™!; and T the temperature in K.

At very low stress values, when oa® <€ kT, equation (6) can be approximated by:

V,=—L . )

Figure 3 shows the crack velocity values calculated with equation (6), for different
surface diffusion coefficient values. Figure 4 shows the region of stress values where
equation (7) is valid. For the above calculations we use the following values: L: 1078
m;a:2.5 % 107%m; k: 1.380662 x 1072 J K~!; and T: 298 K (25°C).

To evaluate the effect of a and L on V,,, each one of these parameters was
changed, keeping the other at the values given above, and assuming a surface

diffusion coefficient of D, = 10" ¥ m?s~",
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Fic. 4. Crack velocities, as in Fig. 3, showing the low stress region where equation (7)is
valid.
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F16. 5. The effect of the value of a on the crack velocities calculated with equation (6). D,

=10""“m?s"}; L = 107* m; temperature: 25°C.
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Fic. 6. The effect of the value of L on the crack velocities calculated with equation (6). D,
=10""m’s"';a = 2.5 x 10~ m; temperature: 25°C.

As shown in Fig. 5, small changes in the value of a have a strong effect on the
predicted V, value. The interatomic distance, a, for most of the common metals (Fe,
Co, Cr, Ni, Cu) is of the order of 2.5 X 107! m.*® For most of the other metals the
values of a are higher, reaching 3.18 X 107! m for zirconium and 3.50 x 10~' m for
lead. To determine the precise value is difficult because, according to Quéré,” there
is a volume shrinkage in vacancies, so the @’ value should be reduced by 10%. On the
other hand, Wynblatt and Gjostein™ showed that the lattice interplanar spacing near
the surface is higher than that in the bulk, and this would lead to higher a values.

Figure 6 shows how V,, is modified when different L values are used. The value of
L, on a given crystallographic plane, will be smaller than the distance between two
ledges on the surface terraces, point D in Fig. 2. Such a distance is frequently used in
the studies of electrocrystallization, when the effect of surface diffusion is considered.
In the literature of electrocrystallization®** values of 10~ m, for the distance
between ledges, were assumed. In this case, the effective diffusion distance, L’ in
Fig. 2, could be even smaller, so a value of L = 10~® m as used in the present work is
considered as a conservative approximation.

SURFACE SELF-DIFFUSION COEFFICIENTS (D,)

Surface self-diffusion of metals is a subject of high theoretical and practical
interest, and a lot of work and extensive reviews on it have been published.”
Several experimental techniques were used in the measurement of D, on metals.”®
Some of them, like grain-boundary grooving or surface-scratch smoothing, are
mass-transfer techniques. They were applied to a wide variety of metals, but they
usually require high temperatures, above 400°C. Other techniques, such as field ion
microscopy”®’ can be used at low temperatures, even below room temperature, but



they are restricted to refractory metals, like tungsten, platinum, etc. With this Jast
technique the movement of individual atoms can be followed. 34

All the above measurements were made either in vacuum or in the presencé of a
gas, like hydrogen, argon or helium. The results were systematized by Gjostein, 7
but he pointed out that strong deviations were observed in the presence of contami-
nants. The effect of contaminants was studied by Rhead and coworkers,** who
were able to include the effect of contaminants in the systematization made by
Gjostein. : :

" Gjostein® has shown that a plot of log D, versus T,/T (T,,: melting point; T:
temperature; both in K) correlates the surface diffusion data for most fcc metals. The
plot is non-linear and can be represented by the sum of two Arrhenius factors. At
high and low temperatures, respectively the Arrhenius constants are given approxi-
mately by: -

- -1

g; = %?m?:_‘{""‘ } TIT, = 0.75 ®)
— -1

g; = (1).303":;12 moe } T/T, < 0.75 )

where Q, is the activation energy, and D, is the Arrhenius pre-exponential factor.

Strong deviations were observed from the predictions of equations (8) and (9)
when impurities were present. It was found that while some impurities led to D,
values lower than those predicted, others gave much higher values.

Rhead*'* rationalized the effect of impurities by postulating that a constant
value of D;, ap. 3 x 108 m?s™!, was found at the melting point. Rhead found that
the results obtained in the presence of impurities followed equations (8) and (9) if
instead of the melting point of the bulk metal, the melting point of the surface-
adsorbed product was used for T,,. This conclusion was supported by measurements
on the following systems: Ag-S, Cu-Pb, Cu-T1, Cu~Bi and Au-Pb. The melting of
lead adsorbed on copper*® and of adsorbed monolayers of bismuth on copper* were
confirmed by low-energy electron diffraction (LEED) by Rhead and coworkers. The
above correlations were later extended by Delamare and Rhead® to Cu~Cl, Cu-Br,
and Cu-I, by Pichaud and Drechsler* to W-Ni, and by Oda and Rhead* to Ni-Cl,
Ni-Br and Ni-1.

Surface self-diffusion of metals is also important in electrochemistry and cor-
rosion, since it is an important step in the processes of dissolution and electrocrystal-
lization. The theoretical aspects for this second process have been developed in great
detail.*** Unfortunately the experimental measurement of D,, in the presence of

~ electrolytes, has proved to be very difficult® and no D, values for metals in the

presence of electrolytes are found in the literature. This is particularly bad in our case
since it is precisely the kind of information we need for SCC in aqueous environ-

- ments. "¢ AT

In environmentally assisted cracking metal surfaces are always contaminated by
impurities. There are no atomically clean surfaces. To estimate the most probable D,
- values the following assumption must be made. It is assumed that in all cases of
environmentally assisted cracking D, will be given by equations (8) and (9), with the
modification introduced by Rhead:



D, (m*s™') = 740 x 10™* exp — (30 T,,/RT) + 0.014 x 10~ exp — (13T, /RT)
(10)
R being the gas constant (R = 1.987 cal mole™! K™'), T the absolute temperature in
K, and T, the melting point of the surface adsorbed impurity in K. In the work of -
Rhead ezal., the T, values used were the melting point of Ag,S for the Ag-S system,
CuCl for Cu—Cl, CuBr for Cu~Br, Cul for Cu-I, Nil, for Ni-1, NiBr, for Ni-Br, etc.

In our case for SCC of aluminium in NaCl solutions we will consider the melting
point of AICI,; for copper alloys in perchlorate solutions, the melting point of
Cu(ClO;),; for Zr-1,, the melting point of Zr,; etc. Gjostein’s equations (8) and (9)
were found from experimental data from fcc metals, while Rhead made no reference
to the crystal structure of the adsorbed products. In the use of equation (10), no
distinction is made between the crystalline structures of the bulk metal or the surface
product.

The above approach to the calculation of D, for SCC processes may seem very
crude, but it is the best one possible at present, and it gives correct predictions when
dealing with the phenomenon of specificity in SCC. It will be seen that low melting
compounds are those that lead to fast SCC, while high melting point products are
those that inhibit SCC. Empirical equations, like (8) and (9), using the meiting
temperature as a correlating parameter, have been frequently used for properties of
materials in chemistry and physical metallurgy.’' They were successfully used in the
prediction of unknown parameters and in mastering large amounts of data. No
conspicuous differences were observed between bec structures and close-packed
structures on any of the properties correlated by this kind of empirical equations.*!

- Equation (10) was used to calculate the self-diffusion coefficient for a variety of
surface contaminants. The calculations were made for temperatures between 0 and
200°C. The T, values used ranged from 373 K, for a surface compound melting at
100°C, up to 2073 K, for a surface compound melting at 1800°C. The resuits are
shown in Fig. 7. For the sake of comparison the D, values for aluminium, copper,
nickel and iron, predicted by equation (10), have also been included.

If we take for a minimum crack velocity, V,, a valuz of 107" m s~! (roughly 1 mm
in 3 years), Fig. 3 shows that for an intermediate stress value of 600 MN m™2, a surface
diffusion coefficient of 1072° m? s™! will be required. This D, value was chosen in
Fig. 7 as the safety limit. For room temperature, 25°C, it can be seen that this safety
limit is reached by surface compounds melting at 1200°C. Compounds melting at this
temperature, and above, can be considered protective, since they will allow very low
surface mobility. It is important to point out that, at 25°C, copper and aluminium
show predicted D, values above the safety limit. In the case of copper the predicted
D, value is about 107" m? s™!, which for 600 MN m~? would give a crack velocity of
10" m s™!. In the case of aluminium, the predicted D, value is about 10~ m? s},
and the crack velocity 10 m s™!. On the other hand, aluminium oxide, with a
melting point of 2045°C, will be an excellent inhibitor for SCC of aluminium. The
_above observations would explain why Speidel®? reported SCC of Al-Mg-Zn alloys
even in high purity water. Any environmental condition interfering with the
immediate formation of Al,O; inside the cracks, e.g. localized alkalinization due to
dissolution of magnesium from the alloy, will lead to SCC even in the absence of
specifically corrosive anions. A similar situation, though with lower crack velocities,
is found with copper. Parkins et al.>* reported that slow SCC of brass was found in a
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Fic. 7. Surface self-diffusion coefficients (D,) for metals, at various temperatures, and as
a function of the metal melting point, calculated with equation (10), based on the work of
Gjostein.” For SCC and LME, where surface contaminants are present, it will be assumed,
following Rhead,** that the value of D, is a function, not of the metal meiting point, but of
the surface contaminant melting point. For the sake of comparison the calculated D, values
for clean aluminium ( A), copper (0O), nickel {O) andiron (@) have also been included. The
safety limit indicates the D, value that, with a crack tip stress of 600 MPa, will give a crack
velocity of 107" ms~t.

wide variety of environments, including pure water. The same happens with iron and
nickel when the environment temperature is above 100°C. In this case, impurities
segregated to the grain boundaries, and with melting points only slightly lower than
those for the bulk metal, could lead to SCC, as found for steam turbine rotors. >
The above observations on aluminium, copper, iron and nickel show that for the
present mechanism we have to distinguish between intrinsic SCC susceptibility and
specific SCC susceptibility. In the first case the metal, or its impurities, can exhibit D,
values big enough to account for SCC. In the second, the environment has ionsthat,
by adsorption to the metal surface, can lead to higher surface mobility and SCC
velocity. In the case of aluminium, its low melting point, 660°C, allows for D, values
high enough to produce SCC, but in the presence of NaCl solutions, at appropriate
clectrode potentials, AlCl; will be adsorbed on the metal, and this compound with a
meltingnpoint of 190°C, will lead to crack velocities several orders of magnitude
higher. .
gl;'-‘rom Figs 3 and 7 we find that, at room temperature, a D, value of 10~? m?s™! is
a safe limit, and that it is related to a melting point of 1200°C. To evaluate compounds
that could be formed on the metal by reaction with the environment, we will regard

"~ - as protective any compound having a mélting point equal to or higher than 1200°C.

With lower melting point products SCC could be expected, but the crack velocity will
be function of the D, value.

The D, values predicted by Rhead for contaminated surfaces are for full coverage
of the metal surface.*'*2 In gaseous environments, this means that the partial
pressure of the contaminant is equal to the equilibrium pressure of the compound at

10



that temperature. If the partial pressure is lower the D; value will also be lower. For
example, for copper at 900°C, in the presence of CuCl vapor at the equilibrium
pressure, Delamare and Rhead® found a D, value of ca 107> m?s™!, but if the vapor
pressure of CuCl was only one half of the equilibrium value, D, dropped to ca 1078 m?
s~1. Similar observations were reported for Au-Bi,'® Ag-S," Cu-Bi'® and Ni-1.* In
liquid metals, or in gaseous environments with sufficiently high vapor pressure of the
aggressive compounds, crack velocities of the order of those predicted by Figs 3 and
7 could be expected. In aqueous environments, on the other hand, the D, value will
be a function of the degres of surface coverage by the contaminant, which will be, in
turn, a function of the electrode processes on the metal surface. Oxides usually have
very high melting points and if they are formed by direct reaction with the metal, they
will protect against SCC. Cracking will be found under conditions where thick tarnish
films are found if in these cases a mechanism of dissolution and precipitation occurs
in the film formation process,* since time will be available for surface mobility and
thus SCC. Cracking will also be found in those potential regions where the oxide film
is partly unstable, as in the active—passive transition or in the passive-pitting
transition. In those regions the low melting point compounds can compete with the
oxide film in the coverage of the metal surface, and can lead to SCC. Anodic
potentials will favor the formation of the low melting point compounds, thus
accelerating SCC, but the degree of coverage could be limited by competing anodic
reactions. If the low melting point compound is very soluble, high coverages wiil be
followed by fast metal dissolution, and a general corrosion process will compete with
the nucleation of SCC. Then, in aqueous environments we will expect that D, will be
a function of the electrode potential, and that it will be usually lower than the
- maximum values predicted by equation (10).

Going back to Fig. 7, at melting points below 1200°C SCC will be possible, but
with various degrees of aggressiveness. For a compound with a melting point of
800°C, D, at 25°C will be ca 107" m?s™! for full coverage, or 107" m*s™" for a lower
coverage. In that case, depending on the degree of coverage, it could be either a
dangerous or an innocuous compound. According to this, we will label those
compounds with melting points between 1200° and 800°C as unsafe compounds.
Finally all the compounds with melting points lower than 800°C will be labeled as
dangerous compounds. It is with these criteria that Table 1 was prepared. In most
cases only anhydrous compounds were considered. This was done on the assumption
that the reaction of the metal with water, leading to oxide films, will compete with
SCC. There are cases, particularly with noble metals, where the metal is thermo-
dynamically stable in contact with water and hydrated salts will not lead to oxide
formation. For this reason hydrated salts were also tabulated for platinum and
copper. As for the case of iron and nickel nitrates, only the melting points of the
hydrated salts were found*” and are reported in Table 1. Some organic acid salts, like
palmitates, stearates and oleates of nickel, copper, etc. have low melting points, but
they were not included in Table 1, because it is not clear if equation (10) will be valid
 for these large organic molecules. This point, as well as that of the hydrated salts, will
require experimental confirmation.

Table 1 shows a good correlation with the available information of SCC suscepti-
bility. Aluminium, as seen above, is intrinsically susceptible to SCC, and cracking
will be accelerated by chiorides, bromides and iodides. Fluorides have no accelerat-
ing effects, as shown by Speidel.”

11
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For beryllium, acetates appear, together with halides, as dangerous compounds.
Bismuth should not be susceptible to SCC because of its low 0.5 T, value. For
cadmium, we should expect SCC susceptibility in chlorides, bromides, iodides,
nitrates and acetates, but because of its low 'melting point what we called above
intrinsic SCC will most probably predominate.

In the case of Fe-Cr-Ni alloys, like austenitic stainless steels, Table 1 shows that
in the presence of halide ions the susceptibility to SCC would be due to the iron halide
compounds, with melting points lower than 700°C. On the other hand, at high
potentials, in the transpassive region, SCC should be expected, as it is the case,®
because of the formation of CrO; with a melting point of only 196°C.

Cobalt alloys should show SCC susceptibility in chlorides, bromides and iodides,
at those experimental conditions where cobalt halides are formed on the metal
surface. -

Copper forms veiy low melting point compounds with chlorates, perchlorates,
nitrates, etc., all of them highly aggressive from the SCC point of view.5% Gold
alloys are known to show SCC susceptibility in FeCl, ;% gold oxide, Au,0,, decom-
poses at low temperatures, 160-250°C, and could explain the susceptibility of these
alloys in strongly oxidizing solutions like chromates. From Table 1it is predicted that
gold alloys should be susceptible to SCC in the presence of tellurium vapor. No
information was found for hafnium, but behaviour similar to that of zirconium shouid
be expected.

The susceptibility to SCC of hydrated iron in nitrates is very well known®% 3nd
it is consistent with the low melting point of iron nitrate. Susceptibility to SCC in
caustic solutions®® is probably due to what is above called intrinsic SCC, and the
function of the alkali would be to dissolve the oxide film and interfere with the
passivation of iron, thus allowing for surface mobility. In these conditions magnetite
is formed by a dissolution and precipitation mechanism® which agrees with the above
explanation. Iron silicates could inhibit SCC.% In the case of lead, as expected from
Table 1, SCC has been reported in solutions containing lead acetate and nitrate
ions.>* Other possible aggressive environments are shown in Table 1, nevertheless,
the low flow stress of lead will limit the level of stresses available for SCC.

For magnesium, besides the specific SCC predicted in halides and acetates,
intrinsic SCC should be expected. In the case of nickel, besides the intrinsic SCC, in
high temperature water discussed above, susceptibility should be expected in the
presence of sulphides and iodides. As for nitrates, the behaviour of nickel should be
close to that of iron. Unfortunately, no melting point data was available for the
anhydrous nickel nitrate. The hexahydrate has a very low melting point, 56.7°C, but
the anhydrous salt decomposes above 105°C,% and the. melting pointis not reported.

Silver is attractive from an academic point of view because of the high number of
low melting point compounds reported. No information was found for SCC of
tantalum, except for hydrogen susceptibility.®® Nevertheless, tantalum is susceptible
to pitting in halide solutions™ and SCC susceptibility should be expected near the.
- pitting potential. - ST o '

Tin could be susceptible to SCC in a wide variety of environments, but its low
0.5 T,, value suggests that no SCC should be found at room temperature. For
titanium SCC chloride, bromide and iodide ions have been reported”’ as accelerators
of SCC while fluoride ions are inhibitors, in good concordance with their respective
melting points. Tungsten could be susceptible to SCC in the presence of halogen
vapors. Uranium is very reactive, and easily produces hydrides that will compete
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with the present mechanism. Nevertheless, under appropriate conditions, uranium
. should be expected to show SCC in halogen vapor.

Vanadium, the same as chromium, should be susceptible to SCC in the transpas-
sive region, where V,0; could be formed. Zinc should show SCC in halide solutions,
and also intrinsic SCC susceptibility.

Zirconium alloys are susceptible to SCC in the presence of halogens, because of
the low melting point of its halides, all of them lower than 500°C. So far no
contradictions have been found between the predictions of Table 1 and what is
reported in the literature. On the other hand, the good coincidence between
prediction and experience gives a strong support to the mechanism proposed in the
present paper. :

Table 1 is not exhaustive as the melting points of some important compounds
were not available.’” Approximate melting point values of those compounds could be
evaluated from their crystal structure.”

EFFECT OF HYDROGEN

The hydrogen-related failure of metals involves a variety of failure modes™ and
its discussion falls outside the scope of the present paper. Nevertheless, frequent
. references to similarities between LME and HE'*"* and between SCC and HE™"
have been found in the literature. In the second case examples were found where the
distinction between SCC and HE is subtle, and sometimes unconvincing. We will
analyse now what effect the hydrogen, present in the lattice or evolving on the metal
surface, could have on the mechanism of crack propagation proposed in the present
paper.

Hydrogen could accelerate crack propagation in two main ways. The first and
most straightforward one is by r=duction of the oxide films present on the metal
surface. The removal of these high melting point products will aid surface mobility,
and allow for intrinsic SCC. This process could be important in low melting point
metals that have easily reducible oxide films. In the case of nickel on steels at room
temperature, as observed in Figs 3 and 7, this could only account for very low crack
velocities.

The second, and most important one, is related to the hydrogen-vacancy
interaction. Recent work”’"’® has shown that vacancies act as deep trap sites for
hydrogen at room temperature. The binding energy reported”’ for H-monovacan-
cies, in nickel was E, = 0.43 eV. As for iron, the values reported were E, = 0.53 eV
for H-monovacancies and E, = 0.71 eV for small vacancy clusters.

By comparison with carbon interstitials, which increase the self diffusion in y-iron,
Gibala™ suggested that hydrogen, interacting with vacancies, should also increase
the self-diffusion of the metal. According to this author, the activation enthalpy for
self-diffusion is reduced by an amount equal to the binding enthalpy-of a vacancy-

~ interstitial. Similar effects should be expected for surface self-diffusion. In any case,
. the presence of low hydrogen concentrations in the metal lattice should induce only
a moderate increase in the D, value. Nevertheless, very large hydrogzn concentra-
tions are expected in elastically strained regions, like the tip of a
crack.#% The high difference in hydrogen concentrations, between the tip and the
sides of the cracks should lead to an effect similar to that described above for
vacancies in stressed crystals. To account for the influence of hydrogen in a crack the
following change in equation {6) is suggested:
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D, oa’ + aE ,
e e[ () ] ay

where a is a dimensionless function that measures the difference in degree of
saturation with hydrogen of the vacancies, between the stressed and the stwess-free

- regions.. The value of a should range between 0 and 1, and will be function of stress.
In the case of carbon in y~iron (see Fig. 4 in Ref. 79), saturation of the vacamcies is
reached for a content of 2 atomic percent of carbon in the metal. We have no
equivalent information for hydrogen in metals.

According to equation (11), under maximum hydrogen availability (a = 1), the
H-vacancy binding energy for nickel could account for a crack velocity increase by a
factor of 2.2 x 107, while in the case of iron the increment could be as muchas 1.1 x
10° times. So far it has been assumed that there is at least a minimum of surface
mobility even in the absence of hydrogen. This could explain why the presence of
segregated impurities is so important in the HE of nickel and high strength steels. %
HE of nickel is strongly related to the segregation of sulphur to the grain bound-
aries.® From Table 1 we see that T, for either Ni;S; or Ni§ is close to 800°C. From
Fig. 7 we find that the predicted diffusion coefficient will be D, = 5.6 x 10" m?s~!.
Even if there is no full coverage by the nickel sulphide on the grain boundaries, the
diffusion coefficient can be expected to be >10"% m?s™4. As will be shown, ewen this
very low surface diffusion coefficient is high enough to account for HE of nickel.

The maximum crack velocities (a = 1) predicted by equation (11) for nickel and
for high strength steels must now be considered. In the case of nickel, wsing the
following values: D, = 107® m?s™!; T= 298 K; E,(Ni) = 0.43eV; L = 10~%m;a =
25x107""m;0=5x 10 Nm™% k = 8.617347 x 10%eV K~! = 1.380662 x 10-2]
K~!; the crack velocity predicted is:

| V, (HE-Ni) = 1.25 X 107* m s7';
and for steel, with the above values and E,(Fe) = 0.53 eV, equation (11) predicts:
V, (HE-St) = 6.14 x 107> m s™!,

The maximum values reported by Lynch for HE of nickel' and of high strength
steel™ were V, = ca 107* m s™". The coincidence between the predicted valmes and
those found in practice is outstanding. Nevertheless, it is important to point aut that
the present mechanism requires that, in the absence of hydrogen, and without any
interference from oxide films or other inhibiting compounds, the cracks in nickel
should propagate under stress at a rate of atleast 5.7 x 102 ms~*. In the cascof high
strength steels, where the predicted value is much higher than the measured ome, the
crack velocity in the absence of hydrogen could be ca 107> m s~!. These crack
propagation rates fall within the range of what we called above intrinsic SCC
susceptibility. In this respect, the present mechanism is in the same standing as the
decohesion mechanism developed by Oriani and Josephic, when they say® that

.. .. nothing qualitatively new happens in cracking with hydrogen that does not occur in

its absence and that hydrogen embrittlement of steels is best termed hydrogen-
assisted cracking.

As shown above, the surface mobility crack mechanism developed in the present
paper can be assisted by hydrogen. According to this, it is concluded that mucheof the
discussion found in the literature showing anodic dissolution SCC and HE of non-
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According to the present mecnanisn, bolil pIOLCssCs Lafi DL LIALL WAl @ At
difference between them. The only point is that the experimental conditions favoring

the formation of low melting point anodic films will hinder hydrogen evolution, and
vice versa.

Another important conclusion is that no differences should be expected between
the fractographic features of anodically assisted failures and those of hydrogen-
assisted failures. This puts some doubt on the frequently made assumption® that if
the fractography of steel, in aqueous solutions, at a high electrode potential is similar
to that under hydrogen evolution conditions, both cracks will be due to hydrogen.

In the case of copper where no HE has been reported, the binding energy
measured for hydrogen-monovacancies™ is E, = 0.4 ¢V, and with ¢ =2 X 10! N m?
and a = 1, equation (11) predicts a crack velocity of 1.24 x 10~3ms™!. Assuming that
the reported value for E, is correct, the availability of hydrogen, as measured by a,
is believed to play a key role in this system. A positive contribution of hydrogento V,
should not be disregarded, particularly in aged Cu-Be alloys, where high o values
could be reached. '

EFFECT OF TEMPERATURE

It is well documented in the literature’2¥-% that temperature has a strong effect
on environmental cracking susceptibility. If the temperature is increased, the crack
velocity increases, showing a variety of apparent heat activation energies. When the
temperature is further increased, conditions are reached where cracking suscepti-
bility eventually disappears. This is observed in LME'**! 92 and also in superalloys for
turbine components.” In this last case several nickel and cobait alloys were found to
crack in sulphate/chioride melts at 704°C, in what was called, for turbine applications,
low temperature corrosion. No cracking was observed at higher temperatures.

According to the present mechanism, the high temperature cracking-non crack-
ing transition found in LME and in turbine components should be related t0 0.5 7,,,.
At this temperature dislocation creep and diffusional flow!” will compete against the
high elastic stress necessary for cracking. The exact transition temperature will be a
function of the strain rate. With higher strain rates the diffusional process will have
less time for stress relaxation, and cracking will be found at higher temperatures. An
effect of this type has been observed in numerous cases of LME,?192¢ g_during the
straining of zinc in indium, of 2024-T4 aluminium alloy in mercury, etc.

According to equations (6), (7) and (11) the crack velocity, V,,should be affected
by the temperature in a complex way. Since most of the information available is for
high o values, only equations (6) and (11) will be considered. As shown in equations
(8) and (9), the surface self-diffusion coefficient, D,, is a function of the temperature,
with an activation energy, Q,, ranging from 13 7, up to 30 7, cal mole™!. But,
according to equations (6) and (11), the apparent activation energy for crack
propagation, Q,,, will be lower than Q,. For high o values, the activation energy for
crack propagation will be: : '

Qcp =0, - oa’ — aE,. ) - (12)

Q., will then be concluded to be a function of T,,, o and aE,. The lower the T,, the

lower the activation energy; on the other hand, the higher o and the higher aE;, the
lower the Q.
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Fra. 8. The apparent activation energies for crack propagation under the surface mobility

mechanism, as a function of the surface melting point. O values were calculated from the v,

values predicted at 0°C and 100°C, in the absence of hydrogen, and with the following stress

values at the tip of the crack: [ = 85 MPa; @ = 240 MPa; A = 800 MPa; and O = 1400 MPa.

A: Example of a Q value calculated in the presence of hydrogen (T,, = 1200°C; ¢ =
500 MPa; E, = 0.53 eV).

From equations (6) and (10) the crack velocities for T,, values between 100°C and
1600°C, for o values from 85 MPa up to 1400 MPa, and for temperatures of 0°C and
100°C, were calculated. With these V, values, the apparent activation energies were
found, and these values are shown in Fig. 8. The present theory predicts that, in the
absence of hydrogen and for o values ranging between 1400 MPa and 85 MPa, the
apparent activation energy could span between 4.2 and 23.6 kcal mole~. In the
presence of hydrogen the values will be lower, because of the contribution of aF,.

The most reliable experimental Q., values available are those measured by
techniques of fracture mechanics. Three regions are usually detected in the log V, vs
stress intensity diagrams, and different Q. values are found for each region. As we
will see later, Region II is the one that most probably relates to the present
mechanism. The activation values measured in this region follow closely the values
predicted in Fig. 8. For aluminium alloy 7039-Té64, in aqueous KI solutions, two
values were found for this region,* one of 20 kcal mole~! and the other of 4 kcal
mole~!. For aluminium alloy 7079-T651, in3 M aqueous Kl solution, for the same
region, a value of 3.8 kcal mole™! was reported. 52 For Nimonic 105, steel 300M, 12%
chromium steel and aluminium alloy 7039 T061, all of them in distilled water,
Speidel™ reported a value of ca 9 keal mole . For Monel 400 in 0.063 M CuF, + 0.38
M HF solution an apparent activation energy of ca 11 kcal mole~! has been found ™
For titanium alloys in 1 M HCl and 0.6 M neutral chioride solutions, the activation
energy values reported are ca 5 kcal mole~!.”! All these values fall closely in the
regionpredicted by Fig. 7. -~ - - - o cmeesel

Values lower than the minimum in Fig.7,i.e. 4.2 kcal mole™!, particularlyfor T,
values higher than 300°C, are most probably due to the contribution of aE,. For
example, in the above studied case of iron, assuming that T,, = 1200°C, o= 5 X 10° N
m™2, and aE, = 0.53 eV, in the absence of hydrogen the activation energy would be

Y
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Fic. 9. A comparison between theory and experiment: effect of temperature on the rate

of stress corrosion cracks in austenitic stainless steels exposed to chloride solutions;

experiments reported by Speidel.” @: 304 sensitized; O: 304 annealed; O: 304L anneaied.

Experiment at 130°C in 42% MgCl,; all the other experiments in aerated 22% NaCl

sotution. For the predicted values the following parameters were used: T,, = 1100°C; o =
240 MN m ™2 (yield strength of the samples used by Speidel).

17.8 kcal mole™!, while in the presence of hydrogenitshould drop to 5.8 kcal mole™ L

As pointed out above, the exact T, value of the films formed in aqueous solutions
cannot be given at present. But. it is possible at least to see if the predictions of the
present mechanism foliow the trend of the experimental values. Figure 9 shows the
values reported by Speidel® for austenitic stainless steels type 304 and 304L in
aqueous chloride solutions, as compared with the change in V, with temperature
predicted by the present mechanism. The conclusion to be drawn from Fig. 9 is that
if V, is measured for one temperature, the values at the other temperatures can be
predicted with the present mechanism.

It is with the purpose of pointing to this predictive capability that Figs 10, 11 and
12 have been prepared. They show the V, values predicted by the present mechanism,
for o values of 240, 800 and 1400 MN m™2. For the sake of comparison, the values
measured by Speidel on 304 stainless steels in chloride solutions were included in
Fig. 10. Figure 11 shows some other experimental values reported by Speidel.®Inall
these cases the measured values follow the trend predicted by the mechanism
described in the present paper. '

MEASUREMENTS EMPLOYING FRACTURE MECHANICS

. The techniques of fracture mechanics are very important in the studies of
environmental cracking,” and it would be very convenient to find out how the
present mechanism fits in with the information obtained through those techniques.
For that purpose we have to find a relation of the stress at the tip of the crack, o, with
the stress applied to a pre-cracked specimen, o, and with the stress intensity, K.
Paskin et al.,” using molecular dynamic simulations, investigated the stress distri-
bution, at an atomic level, near the tip of a crack. They found a linear relation
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Fic. 10. The prediction of the effect of temperature on the growth rate of stress corrosion

cracks, for various T, values, and with a stress, at the tip of the crack, of 240 MN m~2, Tke
experimental points were reported by Speidel® for AISI 304 exposed to chloride solutions.
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Fic. 11. The prediction of the effect of temperature on the growth rate of stress corrosion

cracks, for various 7T,, values, and with a stress, at the tip of the crack, of 800 MN m2

Experimental values reported by Speidel:* @: Nimonic 105; O: steel 300 M; A: 12%
chromium steel, all treated in distilled water.



(m.s")
aﬂ 5:\'
— \ .
] 2
o
" I " 1

PREDICTED CRACK VELOCITY

050 00 W0 300
TEMPERATURE ( *C )

FiG. 12. The prediction of the effect of temperature on the growth rate of stress corrosion
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cracks, for various T,, values, and with a stress, at the tip of the crack, of 1400 MN m™>.

audh —
[} o,
[ ~

-
=1
]

CRACK VELOCITY (m.s™")

-
(=]
-

16°
10“2-_ ..

0 10 20 30 &40 50 60
STRESS INTENSITY{MN.m V)

FiG. 13. 'The predicted effect of stress intensity on stress corrosion crack velocity, for two

different surface self-diffusion coefficients, at 25°C. Comparison with experimental values

reported in the literature: @: aluminium alloy 7075-T651 in liquid mercury at 23°C;* A

titanium alloy (Ti—-8Al-1Mo-1V} in liquid mercury at 24°C;® O: yellow brass (Cu-63% Zn)

over NH,OH solution, at room temperature;”” A: Zircaloy-4 in 1 M KBr + 0.25 M Br,,
open circuit, 23°C;* [0: Zircaloy-4 in 3 M KI solution at +450 mV(NHE).%
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between the stress concentration factor [{o70,) — 1], at the tip of the crack, and the
crack length, d. Their results fit the following equation:

4
a

Z_1=034 (13)

O,
- where o is the local stress at the tip of the crack, d is the half crack length and a the
interatomic spacing. In the present case, @ = 2.5 X 10'° m. To be coherent with
Paskin et al.’s work, for the stress intensity factor, K, for mode I behaviour;

K[ = U.(‘ll'd)"z (14)

which applies to a sharp elliptical crack with major axis length of 2d.

From equations (6), (13) and (14) the crack velocity, V,,, can be calculated as a
function of the stress intensity, K;. Figure 13 shows the results for two D, values,
assuming a value of d = 2.5 X 107 m for the half crack length. The values chosen for
the surface self-diffusion coefficients were D, = 10~ m?®s™!, and D, = 10" “ m®s™".
The first value is expected at the melting point of the metal or the surface contami-
nant,*'*2 and is the value we expect in LME. The other value, D, = 10~* m? 57!,
corresponds to T,, = 550°C, and should apply to cases of fast SCC. The same figure
shows various experimental curves for LME and SCC.

As was expected, the predicted curves are similar in shape to those in Fig. 3. In the
absence of adsorbed substances that could inhibit surface mobility, small stress
intensity values will lead to a sharp increase in V,. In practice this is seldom found.
Adsorption of oxygen or water vapor will lead to the surface adsorption of high
melting point products that will hinder the crack propagation process. The only
exception among the cases reported in Fig. 13 is aluminium—-mercury. It is well
known that, once mercury wets an aluminium surface,’ the latter metal loses its
ability to form protective films. As shown in Fig. 13, the values measured for 7075
aluminium alloy in mercury*? follow very closely the predicted values, thus suggesting
that the cracks propagate by the mechanism described in the present paper, and that
the D, value chosen is correct. When oxide films are formed, higher K| values are
needed to start cracking, an aspect that was covered by various authors® when
discussing anodic dissolution and other SCC mechanisms.

After the initial part, Region I, all the experimental curves show variable lengths
of curved regions that closely follow the predicted values. Similar curved regions
were reported in various other systems, like aluminium alloy 7039-T61 in distilled
water at 80 and 99°C;'® Ti-6Al-4V alloy in 5.0 M KI solution at various potentiais;”
Ti-8Al-1Mo-1V alloy in the following media: 10 M HCI solution at various
temperatures,” spectrograde methanol and methanol-KI solutions,” spectrograde
carbon tetrachloride and carbon tetrachloride plus iodine;”® U—4.5% Nb in wet
oxygen,” etc.

At higher K] values a plateau is usually reached, which is called Region II. One
frequent explanation for the occurrence of this region is that it is due to environmen-

-+ - tal limitations to crack propagation.®*7!:1% It is assumed that cracks can growonly =~ -~

as fast as the embrittling species can be transported to the crack tip. In SCC this would
" be related to the maximum rate at which the metal can be solvated, leading to growth
by dissolution, or, in HE, the maximum rate at which hydrogen is transported to the
region of crack growth. This explanation seems to be correct for LME, where, as
shown in Fig. 13, different metals, like aluminium and titanium alloys, reach the
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- Same crack velocity in mercury. It 1s not, though, as clear i1n other cases. Crack
. velocity in Region 11 is strongly dependent on the electrode potential for aluminium
alloys®? and for titanium alloys.®® This could be understood in the mechanism
described in this paper, because the degree of coverage of the anodic surface filmis a
function of the potential, and will have a strong effect on the D, value. On the other
hand, it is not so clearly understood how the rate of metal solvation could be so
radically changed by the potential.

For the surface mobility mechanism, the presence of a plateau indicates that,
provided the corrodent reaches the tip of the crack, the maximum stress at the tip of
the crack should reach a constant value, above a certain K| value. Several indications
~ support this conclusion. Atomic crack modeling? shows that, when K] is increased,
in ductile metals, dislocations are emitted from the crack. This will have the effect of
crack tip blunting, and will limit the maximum stress value, at the crack tip. If this was
correct, V,,, in Region II, should be a function of the yield strcngth of the material.
This type of dependence is observed in some aluminium alloys® where overaging
produccs adecrease in the V), value. This effect is most noticeable in the case of steels
in deaerated water, at 100°C In this system Speidel” found a very strong effect of the
yield strength of the steel on the V), value in Region II. He obscrvcd that when the
tensile yield strength of the steel increases from 700 to 1600 MN m™?, the Region 11
crack velocity increases from 107! m s™! to 107* m s™'. According to the surface
mobility mechanism, the higher the yield strength, the higher the maximum o value
at the crack tip. According to this same mechanism, the activation energies measured
in Region II should follow the values predicted in Fig. 8, as seems to be the case.

It would be of interest to determine if the crack microbranching and macro-
branching frequently observed in Region II**%7 have their origin in the same process
that limits the maximum value of o.

FRACTURE MORPHOLOGY

As shown in Fig. 1, in the surface mobility mechanism, crack propagation is
equivalent to the relocation of a single layer of atoms, A~A'. If the corrosion rate of
the alloy in the environment is low, and if the experimental conditions are such that
plastic deformation of the cracked surfaces is minimal, both sides of the crack should
match perfectly after cracking, even at very hlgh magnifications. This type of
matching crack surfaces has been reported by various authors.'%-1%

According to the present mechanism, the choice between intergranular and
transgranular cracking is subtle, and both types of cracks could be present inthe same
alloy. Gram boundary segregation of low meltmg pointimpurities, as m hagh strength
steels,® or of low pitting potential phases, as in aluminium alloys,"” will favour
intergranular SCC. On the other hand, thin and adherent passive films can limit crack
initiation to slip steps, and transgranular cracking will be found. In this case, cracking
will start on the slip steps, but it will break into smaller cracks, perpendicular to the
tensile stress direction, as reported for austenitic stainless steels in MgCl, solutions,'®
and for copper single crystals in sodium nitrite solutions.!®

According to Fig. 1, the cracks will propagate in a direction perpendlcular to the
tensile stress direction. The anisotropy of surface diffusion,”®*” however, suggests
that cracks will try to follow those crystailographic planes where D, is higher.
Unfortunately, most of the D, vs crystal orientation information on those metals that
are of interest from an environmental cracking point of view was obtained only at
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s pEehy e G ed Gl el el RBHRG D LUINNAININANES. we aave not enough
experimental information at present to predict the crystallographic planes on which -
cracks will propagate.

In a recent review'!? it was shown that cracks in bee metals are very close to {100}
planes. Surface diffusion measurements on tungsten® show that at room temperature
the surface diffusion rate decreases in the following way:

{211} > {110} = {321}.

Mecasurements on Fe-Si,'"! at high temperatures, show that at 1400 K D, for { 100}
planes is close to that for {110} planes. Extrapolations at lower temperatures give:

{100} > {110}.

It is not known if this relation can be extrapolated to room temperature. A
For fcc metals there is some disagreement in the information'' reported, but it is
- found that cracks usually initiate at {111} slip planes and propagate, in non-ferrous
“metals, along {110} planes. For austenitic stainless steels the cracks propagate close
to {100} planes, although {110} and {111} planes were also reported.
As for surface diffusion, for copper at 800°C the following order was reported:!!?

{110} > {111} > {100}.

For surface diffusion on fcc metals, at room temperature, the following infor-
mation is available:¥

for rhodium:
{111} > {110} > {331} > {100}
and for platinum:
{110} > {311} = {331}.

The information available confirms that, as'expected, there is anisotropy incrack
propagation. As for the exact planes on which cracks should propagate, although
coincidences are observed between fracture orientation and surface diffusivity, there
is no adequate information on which to make a reliable prediction. It should be
pointed out also that the present mechanism applies to LME, SCC, and HE of
non-hydride forming metals. It should not be extended to systems where cracking is
due to brittle hydrides, where cracks will follow the habit planes of those hydrides.

DISCUSSION AND CONCLUSION

According to the mechanism developed in the present paper, crack velocities
should be predictable, provided the composition and the properties of the surface
contaminants arc known. The results found for aluminium alloys in mercury, Fig. 13,
are satisfactory. Another area where reasonable predictions could be expected is in
. corrosive gaseous énvironments. Kerns and Stachle'® reported, that high strength
* steels are susceptible to slow crack growth in chlorine gas environments. In 300 torr
dry chlorine, at room temperature, they reported crack velocities between 1.1 x 10~3
and 1.5 x 10™* m s, From the work of Sieradzki and Ficalora!™* it can be assumed
~ that higher crack velocities should be found at higher chlorine pressures.

Daniel and Rapp® reported that iron, in the presence of chlorine, forms two
chlorides: FeCl, and FeCl, (or Fe,Clg), their melting points being, respectively,
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675°C and 306°C. The fact that, from X-ray photoclectron spectroscopy (XPS)
studies only FeCl, was reported,'* could be a source of confusion. But in that work
all the effort was applied to demonstrate the presence of an iron halide film. The
difference in XPS peaks for FeCl, and FeCly is only 0.7 eV, and no deconvolution -
of the peak was reported.'* On the other hand, the shakeupsatellite of 4.4 ¢ V quoted
by Sieradzki'"* was measured by Vernon et al.!'” on FeCl,, not on FeCl,. All seems
to indicate that Daniel and Rapp are correct, and that both FeCl, and FeCl, are
formed. From the point of view of the proposed model, the most aggressive one will
be that with the lowest melting point, FeCl,. From Fig. 7 the value of D, at 20°C, for
full coverage with FeCl,, should be 3 X 10~2m?s, If the tensile stress, at the bottom
of the crack, is of the order of 1000 MPa, Fig. 3 predicts a maximum crack velocity of
1.26 x 1072 m s™'. The predicted and the experimental values show very good
agreement, if allowance is made for the fact that the predicted V, is the maximum
value expected, and that the one reported by Kerns and Staehle should be higher for
higher chlorine pressures. |

If we apply the same reasoning to high strength steels in fluorine, where the
melting point of FeF; is 1027°C, the present mechanism predicts, for 1000 MPa, a
crack velocity of 2 x 10~° ms™!, a point that could be experimentally checked.

In the case of SCC in aqueous environments, although anodic dissolution cannot
be sustained as the cause of crack propagation, the concept of repassivation as a
critical factor in the propagation of stress corrosion cracks, introduced by Scully!'®
and endorsed by many authors,*1*13 ha5 t0 be re-vindicated. As most of the oxide
films have a high melting point, they will inhibit surface diffusion. If repassivation is
fast and follows a mechanism of the type:!?*

Me + H;O = MeOH,, + H* + e
MCOHld = Meoad + H+ + e

there is no time for the surface diffusion necessary to produce crack propagation. As
soon as water or oxygen molecules are adsorbed on the metal surface, surface
mobility will be inhibited.

If on the other hand, repassivation follows a dissolution and precipitation
mechanism® we could expect a reaction like:

MeX,y = X~ + Me?t + ¢~
Me?* + H,0 = MeO, + 2H*

or similar, where X is an anion adsorbed to the metal surface. This would be a slower
repassivation process that will allow for surface mobility, provided MX is a low
~ melting point compound. According to the surface mobility mechanism, slow
repassivation is a necessary but not a sufficient condition for SCC, a point confirmed
by recent repassivation rate measurements. '

The application of the present mechanism to aqueous environments is not as
. straightforward as it is to ILME or.to gaseous environments. The competitive
adsorption of MeX and water molecules leads to D, values much lower than those
found when only MeX is present. In this case only a qualitative evaluation of the
degree of aggressiveness of the various compounds can be made, as shown in
Table 1. The frequently reported observation of specificity in SCC can be explained
in this way. In order to make a quantitative prediction of the V, values, the degree of
surface coverage by MeX, and its effect on D; value, should be known.
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It is concluded that the crack velocity, V,,, in SCC, LME and HE of non-hydride -
forming metals, could be predlctcd by the following equation:

D, oa’ + aFE
B

where D;, is the surface self-diffusion of the metal; L is a diffusion path, typically of
107% m; ais the atomic diameter; o the maximum stress at the tip of the crack; E; the

" hydrogen-vacancy binding energy; a the relative degree of saturation with hydrogen

of a vacancy at the tip of a crack; k the Boltzmann constant; and T the absolute
temperature. D, is strongly affected by the composition of the env:ronment and an
empmcal relation is used for its calculation.
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THE SUSCEPTIBILITY OF TYPE AISI 304 STAINLESS
STEEL TO TRANSGRANULAR AND INTERGRANULAR
SCC IN 40% MgCl, SOLUTION AT 100°C

C. Manereor,® I. A. Maier and J. R. GALVELE

Departamento Materiales, Comision Nacional de Energia Atomica, Avda. Libertador 8250,
. 1429 Buenos Aires, Argentina

Abstract—Stress corrosion cracking (SCC) of Type 304 austenitic stainless steel in 40% MgCl, solution at
100°C was studied with constant potential intermediate strain rate techniques and slow strain rate
techniques. Loss of HCI from the solution, during SCC tests was found to have a strong effect on crack
morphology. In fresh solutions potential regions with transgranular cracks and with intergranular cracks
were observed. No critical potential for SCC could be found in those solutions. In preboiled solutions only
the high potential cracking. predominantly transgranular, was found. In these solutions a critical potential
for SCC could be defined. Contrary to what was reported in the literature, no evidence of anodic
dissolution was found during the intergranular cracking. The results are discussed from the point of view
of the surface mobility SCC mechanism.

INTRODUCTION

IN A previous paper' the intermediate strain rate test (ISRT) technique was applied
to obtain the predicted crack velocity—potential diagrams for Type 304 stainless steel
in MgCl,, CaCl, and LiCl solutions at room temperature and at 90 and 100°C. This
technique allowed the prediction of potential ranges of stress corrosion cracking
(SCC) susceptibility and to esihaate crack propagation rates. ¥ These SCC diagrams
indicated that at 90 and 100°C SCC susceptibility should be expected in a wide
potential range below the pitting potential (£;) and that crack propagation rates
would increase by three orders of magnitude when the applied potential was shifted
from the corrosion potential (E.) to the pitting potential. It was also found, in
agreement with results reported by Silcock and Swann," that the morphology of the
attack and crack propagation rates were a function of the solution pH. In potentio-
static SCC tests with Type AISI 304 stainless steel in MgCl,'™* and CaCl,"
solutions, several authors found a critical potential above, but never below which,
cracks propagate, in agreement with the predictions of the SCC diagrams.

Okada et al.'® observed transgranular cracking in AISI304 stainless steel smooth
specimens tested in boiling MgCl, solution at 143°C, at constant applied load,
without potential control. They found both trans- and intergranular fractures in
samples exposed to solutions boiling at 125 and 115°C and they reported that the
intergranular fracture region increased with decreasing temperature. Takano'” and
Nakayama and Takano '® used notched specimens stressed at different strain rates. In

" a boiling 42% MgCl, solution at 143°C they observed that cracking was predomin-

antly transgranular at low strain rates (<9 x 107%s~") whereas intergranular crack-
ing predominated at high strain rates. In a boiling 36% MgCl solution at 128°C

* Present address: INTEMA, Juan B. Justo 4302. 7600 Mar del Plata. Pcia. Buenos Aires. Argentina.
Manuscript received 27 November 1986.
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smooth samples at 1.67 x 1075 s~/ strain rate and observed intergranular fractures -
using a boiling MgCl, solution at 135°C, whereas transgranular fractures were
obtained in a boiling MgCl, solution at 154°C. Kuwano® found an interesting
relation between the fracture mode and the applied load, working in a 42% MgCl,
solution at 143°C. Under an applied stress of 15 kg mm™2 the fracture surface was
mainly transgranular, with some intergranular fractures only in regions close to the
center of the specimen cross section, while under a stress of 30 kg mm™? the opposite
result was obtained. In a later work, Kuwano et al.*' studied the effect of stress on
polarization curves of Type AISI 304 stainless steel in the same solution. They found
that an increase of the applied stress caused a decrease in the corrosion and the pitting
potentials of the specimens and also a decrease in the difference between E_ and E,.
They also observed that transgranular cracking predominated in anodically polarized
samples, while intergranular cracking increased with cathodic polarization, thus
explaining the influence of stress on the cracking mode. . -

Kesster and Kaesche " studied the fracture mode of Type 304 stainless steel as a
function of potential, by constant load and slow strain rate tests (SSRT) in 35 and
38% MgCl, solutions at 120 and 135°C. They observed an increase in failure time and
in fracture strength at potentials below —0.13 V(NHE). No intergranular cracking
was found in the 35%MgCl, solution at 120°C, while in the 38% MgCl, solution at
135°C transgranular cracking predominated at potentials above —0.13 V(NHE), and
both transgranular and intergranular cracking were obtained in the ~0.13 to —0.17
V(NHE) potential range. Intergranular cracking increased with decreasing potential
and finally became the predominant type of crack.

The purpose of the present work was to get more information about SCC attack
in MgCl, solutions at high temperatures, especially in the range where a steep
increase of crack propagation rate with potential is observed. Using the ISRT
technique the corresponding SCC diagrams were plotted, extending the strain rate
range used in our previous work. Predictions of the SCC diagrams were compared
with the results of constant-potential SSRT (Parkins’ technique) and the influence of
the solution pH was determined as a possible explanation of some contradictory
results reported in the references.

EXPERIMENTAL METHOD
The material used was a 0.075 cm diameter wire of Type AISI 304 stainless steel. The typical
composition of the steel was: Cr, 18.7; Ni, 8.8; Si. 0.75; Mo, 0.3; C, 0.08; S, 0.05; Fe, balance, wt%. The
wires were annealed at 1100°C for 30 minutes under 200 mmHg argon atmosphere and quenched in
ice-containing water. Specimens used in the intermediate strain rate tests (ISRT) were slightly abraded
with 600 grade SiC paper, because ina previous work” mechanically polished samples proved to give better
. predictions of crack propagation rates. Wires for the slow strain rate tests (SSRT) were electropolished to

applied in a refrigerated 90% butylcellosolve +10% perchloric acid solution, at 36 V, in four one-minute
periods. Before testing, the samples were cleaned with acetone and dried in hot air,

The cell used was described in a previous paper.Z The 40% MgCl, solution was prepared with
analytical grade reagents and double distilled water, immediately .before testing. As the solution is
" ‘oversaturated at room temperature, it had to be warmed at 80°C to complete salt dissolution. The cell was
heated by an electric resistance system. Potentials were measured through a Luggin capillary with a
saturated calomel electrode at room temperature, and are reported in the normal hydrogen electrode scale
(NHE). A LYP Electronica potentiostat and millivoltimeter and a Tacussel EPL 2-20G recorder were
used in the present work. The SSRT were performed in a straining machine made in our laboratory. The
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cell was coupled to the moving grip of the machine lhrough a puliey to ensure that no new metal surface
would enter the cell during the stretching of the wires.*

ISRT were performed at initial strain rates of 4 X 107%, 8.3 x 10™" and 1.7 % 10~ s~ The 40%
MgCl, solution was kept in the cell at 80°C for 30 min while it was de-aerated with nitrogen, purified
according to the Gilroy and Mayne method.> Afterwards, the cell temperature was increased to 100°C,
and the specimen was allowed to reach a steady potential for 15 min. The chosen potential was then applied
for a 30 min-period while the current was recorded, and afterwards the wire was strained to fracture. For
potentials close to the pitting potential the static period was less than 5 min, to prevent crevice corrosion
under the stoppers of the cell and pitting of the sample.

For the SSRT at constant potential, strain rates of 1.5 x 10~*and 1.5 x 10™*s™' were used. In these
tests the solution was not de-aerated as the current was not recorded. Three types of solutions were used:
(a) 'fresh’ solution: the solution was prepared immediately before testing, as described above; (b) boiled’
solution, like (a). but kept at slow cbullition (at approximately 140°C) for 535 min, and then brought to
initial volume by adding distilled water; (c) ‘re-acidified” solution, prepared as in (b), and then brought to
initial pH by HCI addition. The pH was measured by taking a sample of the oversaturated solution and
diluting it in an equal volume of water.™ The pH values here reported correspond to these diluted
solutions. After fracture, the specimens of the SSRT were observed under a scanning electron microscope
(Philips SEM 500) and then metallographically mounted and sectioned to measure the crack depth. From
the length of the longest crack and the exposure time a mean crack penetration rate was calculated.

EXPERIMENTAL RESULTS

Intermediate strain rate tests (ISRT)

The intermediate strain rate technique, as used in the present work. has been
described in previous publications.” By this technique, the following parameters are
measured: the initial current density. i;; the current density on the bare metal. i, ; the
crack aspect ratio, i, /i,; and the predicted crack velocity, V.

As discussed before.'”** SCC susceptibility is expected for those potenual
ranges in which V|, and iy /i, are above a minimum value. The aspect ratio should be
10 and a minimum crack propagation rate of 1 x 107" ms™' for Type AISI 304
stainiess steel was empiricaily assumed.”

In Fag. 1, i; and i, for AISI 304 stainless steel in 40% MgCl, solution at 100°C are
shown as a function of potential. From these values, anodic and cathodic polarization

10

i.A.clliz

Fic. 1. Anodic and cathodic polarization curves for Type AISI 304 stainless steel in 40%

MgCl, solution at 100°C. A i, anodic; A i, cathodic; O iy anodic. v = 1.7 x 107 s™"; @,

cathodic, v = 1.7 x 1072 s™'; ¥ j, anodic. v = 8.3 x 107 ™% O i, anodic, v = 4 x
10-%s™"; Wi, cathodic, v = 4 x 107's™".
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Fic. 2. Predicted crack velocities V,, as a function of potcnu.nl for Type AISI 304 stainles
steel stressed in 40% MgCla solution at INPC. A v = 4 x 107 s Ov = 8.3 x 10757
Ov=17x 107"

curves for the static metal and the fresh metal are drawn. Results show some
dispersion at potentials close to the corrosion potential. For the static metal, E, lay
between —0.125 and —0.14 V(NHE), and pitting was observed at potentialsabove
—0.11 V(NHE). The cathodic polarization curve showed an inflection brtween
—0.25 and -0.30 V(NHE), which would correspond to the anodic dissolutian:peak
studied by Rockel and Staehle™ and by Hoar and Slater.?® The anodic polasization
curve for the fresh metal was shifted about 100 mV below that of the static meta. The
corresponding corrosion potential lay between —0.23 and —0.28 V(NHE). There-
fore, anodically induced cracking could be expected in freshly exposed areas
produced by straining, at potentials above —0.25 V(NHE).

Figure 2 shows crack penetration rates, V,, predicted from ISRT as a funaoen of
potential. It can be observed that V,, mcreascd with potcntlal up to the ptting
potential E;, where it reached a limit value in the 1 x 10~ ms™! range. TheRigher
values generally correspond to results of the faster strain rate tests and #ad to
decrease with strain rate, but results showed some dispersion, especially at pontials
above E;. For each strain rate, there exists a minimum potential below whih: the
initial cathodic current increased due to straining, and which were assumed tobe the
corrosion potential of the freshly exposed metal. Above this potential the initial
cathodic current decreased or even turned anodic during straining, so this mitical
potential would be the lower limit of anodic dissolution of freshly exposed metal
areas. This minimum potential value decreases when the strain rate increases.

7
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Fic. 3.  Aspect ratio ip/i.. as a function of potential. for Type AISI 304 stainless steel
stressed in 40% MgCl. solution a1 100°C. 2 v =4 % 077 s T e =83x 1077 57"
Ov = 1.7 x 1077s74

In Fig. 3 the aspect ratio is observed to be very high at potentiais below £,
decreasing steeply in the potential range between E. and £, and becoming lower than
10 at potentials above E,. Based on the SCC diagrams represented in Figs 2 and 3
SCC susceptibility would be expected for AISI 304 stainless steel in 40% MgCl, at
100°C. in the potential range that begins 100 to 120 mV below E_ up to some 50 mV
above E, [i.e. approximately between —0.25 and —0.06 V(NHE)].

In the previous work' the predicted V, values in ‘fresh’ solutions were compared
with those obtained in an ‘aged’ solution, in which the pH value increased in two units
(measured without dilution). It was observed that, at —0.10 V(NHE), V,, in the
‘aged’ solution was two orders of magnitude lower than the value determined in the
‘fresh’ solution. Using the scanning electron microscope the initial attack on the
surface of wires strained at this potential at 2 X 107?s™" strain rate in both solutions
was compared. Specimens strained in the ‘fresh’ solution exhibited heavy attack on
slip lines, twin boundaries and grain boundaries, while a thick film formed on the
" surface of wires strained in the more alkaline solution, and cracks and pits nucleated
in zones where the film was broken. These results were similar to those reported by
Silcock and Swann,'” who compared the morphotogy of samples strained in 42%
MgCl, solution at 150°C, when strained in freshly prepared solutions or preboiled
solutions. Attack in the preboiled solutions (in which the pH value had increased)
was almost identical to that observed in the present ‘aged’ solution.
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In the present work the pH of diluted samples of the 40% MgCl, solution taken
before and after running the ISRT was measured. The initial pH was 4.0; after the
tests a pH increase, of the order of 0.2-0.7 units was detected. Therefore, in an
attempt to determine how V|, values were affected by this decrease in pH, some ISR
tests at 1.2 X 1072s™! strain rate in a 40% MgCl, solution acidified by HCl addition

~were run. After testing, the pH of the diluted sample was 1.2, this showing that the
acidity of the solution remained unchanged all through the experiment bejfow the
initial pH value of regular 40% MgCl, solutions. The applied potentials were —0.20
- and —0.25 V(NHE). At ~-0.20 V(NHE) calculated V, values lay between the limits
of the values obtained-in ‘fresh’ solutions (Fig. 2) At —0.25 V(NHE) V, was
increased by a factor two by acidification. Tl'us point is dnscusscd at a later stap with
the resulls of stow strain rate tests S

Slow stmu: rate tests (SSRT)

‘Fresh’ soluuon tests. Slow strain rate tests were run betwcen —0.45 and +0.10
V(NHE). When straining at 1.5 x 10™° s~! strain rate, no cracking was observed
below —0.20 V(NHE), whereas straining at 1.5 x 107%s~! cracks were obtained all
through the studied potential range. Figure 4 shows the measured crack penetration
rates as a function of potential.. Good correlation was found between the predicted
values and those measured with SSRT, at potentials above —0.14 V(NHE). Below
—0.10 V(NHE) the wires showed slight surface corrosion plus cracking, and the
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FiG. 4. Crack propagation rates for Type AISI 304 stainless steel measured in potentio-

static slow straining tests in 40% MgCl, solution at 100°C. O Fresh solution. v = 1.5 x 10~

s™'; @ fresh solution, v = 1.5 x 107" s~'; A boiled solution, v = 1.5 x 107 s, ¥
reacidified solution, v = 1.5 x 107°s™",
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predominant (B Ty 1 ong- Below —0.15 V(NHE) intergranular cracking was
predominant (Fig. 7), whereas at higher potentials most of the brittle fracture was
transgranular (Fig. 8). These results are similar to those reported by Kessler and
Kaesche.'* Above —0.10 V(NHE) strong surface attack was found and cracking

shown by West. 7

In order to determine if the intergranular attack was due to improper heat
treatment, the specimens were submitted to a standard test for sensitization 2 AlA
cm~ anodic current density was applied for 120 s to the samples, ina 10 g oxalic acid
in 100 ml distilled water solution. The wires showed no intergranular attack, thus
confirming that they were not sensitized. ,

Below ~0.14 V(NHE) the V} values predicted by ISRT, Fig. 2, are from one to
two orders of magnitude lower than those found after SSRT, Fig. 4. To make sure
that this difference was not caused by an increase in PH during the ISRT, some tests
were done in acidified solutions, as reported above, at ~0.20 and —0.25 V(NHE).
The low V, values were found not to be due to a loss of HC] from the solution. The
conclusion was that, below ~0, 14 V(NHE), ISRT censistently predicted much lower
crack velocity values than those found in slow strain rate tests,

As the fractography of the samples below -0.14 V(NHE) showed a hij gh
proportion of intergranular cracks, the relative relation between intergranular and

coincided, above —0.14 V(NHE), more than 70% of the fracture surface was
transgranular, At lower potentials the proportion of transgranular cracks dropped

velocity. Then the product of the total crack velocity, measured by SSRT, times the
fraction of area of transgranular cracks, Fig. 10, should give a rough estimate of the
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Fic. 10. Transgranular cracks fraction area percentage, as a function of potential, for
Type AISI 304 stainless steel, stressed in fresh 40% MgCli, solution at 100°C; strain rate,
1.5 x 10735,
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Fic. 11. Transgranular crack velocity values. measured in slow strain rate tests. for Type

AISI 304 stainless steel in fresh 40% MgCl. solution at 100°C: strain rate. 1.5 x 107% s\

The continuous lines show the crack velocity values predicted by the intermediate strain rate
tests (see Fig. 2).

transgranular crack velocity. Figure 11 shows that the transgranular crack velocity
values fit very well with the predictions of ISRT. Since the ISRT is based on anodic
dissolution measurements, the results in Fig. 11 indicate thatin the present system,
f there is any relation between SCC and anodic dissolution, it should involve only
transgranular cracks. This observation contradicts the assumption made by the
supporters of the cleavage SCC mechanism * who suggested that only intergranular
cracks could be related to anodic dissolution processes.

Some SSRT were performed at very low potentials, below —0.30 V(NHE),
where. as shown in Fig. 1, high cathodic currents were observed both on the filmed
metal and on the freshly exposed surface. In this region transgranular cracks were
again observed, as shown in Fig. 12.

‘Boiled’ solution tests. ‘Boiled” MgCl, solutions were prepared as described above.
The pH of samples diluted to half the concentration was measured and the main value
obtained was 8.1, thus indicating that alkalinization of the solution by loss of HCI
took place. SSR tests at 1.5 x 10~¢ s~! were run in this solution and the corre-
sponding results are shown in Fig. 4. At potentials equal to or lower than —0.15
V(NHE) no cracks were observed. At higher potentials the measured crack penetra-
tion rates were one order of magnitude lower than those obtained in the ‘fresh’
solution and the cracks were predominantly transgranular.

‘Re-acidified’ solution tests. SSRT were run in the boiled and re-acidified solution at

a 1.5 x 1079 s~! strain rate and at -0.25, —0.30 and —0.35 V(NHE). The resuits
obtained are also shown in Fig. 4. At —0.25 and —0.30 V(NHE), cracking was
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Fic. 5. Corroded surface of a Type AISI 304 stainless steel wire, stressed in fresh 40%
MgCl; solution at 100°C. Potential: ~0.10 V(NHE); strain rate, 1.5 x 1073s™!; failure time,
19 min.

Fic. 6. Corroded surface of a Type AISI 304 stainless steel wire stressed in fresh 40%
MgCl; solution at 100°C. Potential —0.175 V(NHE); strain rate, 1.5 x 10~° s~!; failure
time, 94 min.

895



Fic. 7. Fracture surface of a Type AISI 304 stainless steel wire stressed in fresh 40% MgCl;

solution at 100°C. Potential, —0.175 V{NHE); strain rate, 1.5 x 10~*s~!; failure time, 94

Fic. 8. Fracture surface of a Type AISI 304 stainless steel wire stressed in fresh 40% MgCl;

solution at 100°C. Potential, —0.10 V(NHE); strain rate, 1.5 x 10~% s7/; failure time, 19
min.
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Fic. 9. Corroded surface of a Type AISI 304 stainless steel wire stressed in fresh 40%
MgCl, solution at 100°C. Potential —0.075 V(NHE); strain rate, 1.5 x 107* s!; failure
time, 12 min.

- Fic. 12. Fracture surface of a Type AISI 304 stainless steel wire stressed in fresh 40%
MgCl, solution at 100°C. Potential, —0.40 V(NHE); strainrate, 1.5 x 107%5~"; failure time,
148 min.
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Fic. 15. Fracture surface of a Type AISI 304 stainless steel wire stressed in fresh 40%
MgCl, solution at 100°C. Potential, —0.20 V(NHE); strain rate, 1.5 % 1035, failure time,
160 min.

Fic. 16. Detail of the fracture surface of a Type AISI 304 stainless steel wire stressed in
fresh 40% MgCl, solution at 100°C. Potential, —0.15 V(NHE); strain rate, 1.5 x 107°s7";
failure time, 125 min. '
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Fic. 17. Detail of the fracture surface of a Type AISI 304 stainless steel wire stressed in
fresh 40% MgCl, solution at 100°C. Potential, ~0.125 V(NHE); strain rate, 1.5 x 10~%s~!:
failure time, 29 min.

Fic. 18. Detail of the fracture surface of a Type AISI 304 stainless steel wire stressed in
fresh 40% MgCl, solution at 100°C. Potential, —0.10 V(NHE); strain rate, 1.5 x 10-3s~'; )
failure time, 19 min.



predominantly intergranular (Fig. 13). as found in the tests performaed in 1rcsi
solutions. even though crack penetration rates were somewhat lower for the ‘re-
acidified” solutions. At —0.35 V(NHE) the crack penetration rate was similar to the
value measured in the ‘fresh’ solution and the attack morphology was also similar,
showing mainly transgranular cracks, Fig. 14.

The results obtained indicate that, when the MgCl, solution is kept at tempera-
wures close to the boiling point for long periods, HC is lost and the pH of the solution
increases. This alkalinization makes the transgranular crack propagation rate
decrease, shifts the SCC susceptibility to higher potentials. and eliminates the
intergranular cracking region. 1f we compare Figs S and 6, we see that intergranular
crack density is smaller than transgranular crack density and also that the former
propagate in a more occluded type of cracks, as shown in Fig. 15. Apparently
intergranular cracks are more difficult to nucleate than transgranular cracks, as
shown by the difference in density. On the other hand, the occiuded type of cracks
suggests that the composition changes inside the cracks favour intergranular crack
propagation. o

The present results show the strong influence of the pH of the MgCl, solution both
on crack penetration rates and on crack morphologies. This could explain discrepan-
cies in the results reported by different authors. and what is more important, HC!
evaporation during long tests. could lead to erroneous interpretations. For example.
the results of Nakayama and Takano. ' who found intergranular SCC at high strain
rates and transgranular SCC at low strain rates. could be explained as differences in
the loss of HCL. due to differences in the exposure time.

Surface mobility as the cause of SCC

Recent publications™! postulate that SCC is related to an enhanced surface
mobility process. The present work was not intended to check the vaiidity' of the
surface mobility mechanism. Nevertheless. it is important to see if the present results
are in agreement with that theory. which predicts, for aqueous environments, three
types of SCC processes: (I) Specific SCC susceptibility: when by anodic reaction with
the environment, a low melting point compound is formed on the metal surface. (II)
[ntrinsic SCC susceptibility: when either the metal itself, or impurities segregated to
grain boundaries, have a low melting point value. In this case SCC will be observed
under those chemical or electrochemical conditions that hinder the formation of high
melting point oxide films on the metal surface (e.g. acidified or strongly alkaline
solutions for amphoteric oxide films). (111) Hydrogen embrittlement: if case 11 1s
reached under conditions of hydrogen evolution. the interaction of hydrogen with
vacancies will cause a substantial increase in the crack velocity.”

As shown in Fig. 4, three different SCC regions were detected for AISI 304
austenitic stainless steel in MgCl, solutions. At potentials close to the pitting
potential, cracking s mainly transgranular, and itis observed in both fresh and boiled
MgCl, solutions. It is believed to be type 1 SCC. Pitting of stainless steels in acid
chloride solutions has been described as a special case of pitting.** It can be seen as
the result of the formation of chloride-rich salt films on the metal-solution interface.
As reported earlier ™! the specificity of halide ions in producing SCC in austenitic
stainless steels is due to the low melting point of iron halide compounds. On a
stressed metal. the surface oxide film will be ruptured at the shp steps. Near the
pitting potential, the metal halide compounds will be preferentially formed on those
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slip steps, which are the initiation sites for transgranular SUL. FIgl.&3 &= =7
how the attack on the slip steps is increased by increasing the electrode potential.
This type of cracking fits in the definition of specific SCC, type L.

Below the corrosion potential ,if the,_potential islowered, the rate of transgranular
crack propagation decreases to very low values, and eventually it goes down to zero.
In the boiled MgCh solutions no cracking :s observed in this region of potentials.
Both in the fresh and in the re-acidified solutions, however, there is 3 region of
potentials where only intergranular cracks are observed. According to the measure-
ments reported by Rockel and Stachle® and by Hoar and Slatez,2® this is the region
where active dissolution of the alloy is taking place. If there is any intrinsic
susceptibility, it should be shown in this region of potentials. Intergranular cracking
is believed to be due to segregatiori of impurities to grain boundaries.- High purity
alloys should not show this type of cracking. Since these cracks are observed below
the corrosion potential .i.c. under hydrogen evolution, itisnot possiblein the present
case to determine if the cracking is of either type 11 or type 111

Below —0.30 V(NHE) strong cathodic currents are observed even on freshly
exposed metal, Fig. 1. Under these conditions a high fugacity of hydrogen should be
expected in the metal surface layers. It has been reported™ that this high fugacity
hydrogen induces phase transformations in the austenitic stainless steels as well as
transgranular cracking. This type of cracking falls outside the scope of the surface
mobility SCC mechanism.

The SCC observations made in the present work are consistent with the predic-
tions of the surface mobility SCC mechanism. -

CONCLUSIONS

Three different regions for SCC were found for AISI 304 austenitic stainless steel
in a 40% MgCl, solution at 100°C. The occurrence of these regions was a function of
the potential and of the degree of acidity of the solution.

Above —0.20 V(NHE) intergranular and transgranuiar cracks were observed.
"The proportion of transgranular cracks increased with increase in the potential.
Above the corrosion potential cracking was observed in all the solutions tested.
Below this potential no cracking was found in previously boiled MgCl, solutions.
Transgranular cracking was predictable by the intermediate strain rate technique
(ISRT). Intergranular cracking was not predicted by this technique.

Between —0.20 and —0.30 V(NHE) only intergranular cracks were observed,
and only if fresh or HCl acidified MgCla solutions were used.

Below —0.30 V(NHE) transgranular cracks were found again. These transgranu-
lar cracks were attributed to the presence of high fugacity hydrogen in the metal.
Again this cracking was found only in fresh or in HCl acidified MgCl, solutions.

All the above observations were consistent with the surface mobility SCC
mechanism. ' _ | .
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REPASSIVATION KINETICS IN STRESS CORROSION
CRACKING—I. TYPE AISI 304 STAINLESS STEEL IN
CHLORIDE SOLUTIONS

R. M. CarraNzA and J. R. GALVELE

Departamento Materiales. Comision Nacional de Energia Atémica, Avda. Libertador 8250,
Buenos Aires (1429), Argentina

Abstract—The repassivation kinetics of AISI 304 austenitic stainiess steel was studied in 0.5 M Na.SO,
solution, 1 M HC1 solution and 1 M NaCl solution, at room temperature and at various electrode
potentials. Under the cxperimental conditions used in the present work. stress corrosion cracking (SCC)
of the steel was known to occur only in the HCl solutions. The repassivation kinetic results were described
by relations of the type i = A-r*. In Na,SO, solutions b = —1 was found. In NaCl solutions and in HCl
solutions b = — 1 was found only in the first 100 ms after straining. In the next 10s a value of b= —0.5 was
recorded. and for longer exposures values of b = 0.5 and b = ] were observed. There is strong evidence
that a dissolution—precipitation film formation mechanism is involved in the region where b = —0.5. By
comparing the results in HCI solutions with those in NaCl solutions, slow repassivation. of the type b =
~0.5. is concluded to be a necessary but not sufficient electrochemical condition for SCC susceptibility.

INTRODUCTION

NUMEROUS theoretical'™ and experimental®™!” papers indicate that repassivation rate
is an essential factor in the stress corrosion cracking (SCC) of metals and alloys.
Repassivation describes the process by whicha damaged surface film is reformed. All
these papers are based on the assumption that the presence of a surface film is a
necessary condition for SCC in aqueous environments. The various models assume
that if the localization of corrosion is due to the rupture of the passive film and the
reaction of the bare metal to the environment, the repassivation rate should
determine the susceptibility to SCC as well as the crack velocity. An inadequate
repassivation rate should be the key point for SCC susceptibility. ' A fast repassiva-
tion rate will not allow enough localized corrosion to lead to crack formation, while,
on the other hand. a slow repassivation rate should lead to extensive metal waste,
giving rise to pitting instead of SCC. A non-quantified intermediate repassivation
rate would be the essential condition for SCC.

In the present work the repassivation rate of type AISI 304 austenitic stainless
steel was studied in sodium sulphate solution and in various chloride-containing
solutions, at room temperature. Austenitic stainless steels are susceptible to trans-
granular SCC in acidic chloride solutions, at room temperature.!” No SCC was
reported for these steels in neutral NaCl or Na, SO, solutions.' 2 In the above’ as

‘well as in other environments'>447243-cracking susceptibility of these steels is

believed to be a function of the repassivation rate. To damage the surface films a fast
straining rate technique®'® was chosen. The reason for this choice is the assumption
that the metallurgical changes introduced by straining are closer to those found at the
bottom of the crack? than to those produced by other techniques such as scratching
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or abrasion. From the results of the present work the rate of repassivaion is
concluded to be a necessary but not a sufficient electrochemical condition for SCC in
aqueous environments.

EXPERIMENTAL METHOD

The measurements were performed with commercial type 304 austenitic stainless steel wire, 08 mm in
diameter. The composition of the steel was, in weight, Cr: 18.2%; Ni: 9.9%; Mo: 0.30%; C:0.07%;
balance Fe. Samples 25 cm long were prepared. The samples were degreased with acetone, annealed for
1 h at 1100°C in argon atmosphere, and water-quenched. Before the measurements the sampies were
electropolished for 4 min in a cooled 90% butyl cellosolve plus 10% perchloric acid solution, washed with
distilled water and alcohol, and dried with hot air. The solutions were prepared with analytical grade
reagents and distilled water, and were degassed with prepurified nitrogen, according to the Giloy and
Mayne techaique. ¥’ All the measurements were performed at room temperature. For straining the wires
a fast strain rate technique (10 s~') was used. For this purpose a device by which the release of aspring
produced a 10% elongation of the wires was used, Fig. 1. The elongation was completedin less thanl0 2 s.
The cell used was described in a previous publication.”

The potential was kept constant with a potentiostat PARC Model 173 with a fast response module
(Model 176). It was measured through a Luggin capillary, with saturated calomel reference electvades for
the chloride-containing solutions, and with a saturated mercurous sulphate electrode for the sulphate-con-
taining soiutions. All the potentials are reported on the normal hydrogen electrode scale.

The cell was flushed with pre-purified nitrogen prior to the introduction of the solution in e cell.
which was degassed with the same gas during 90 min. After allowing the solution into the wil, the
degassing was continued, while the specimen was allowed to reach a constant open circuit potential. which
usually took from 1 to 2 hours. Once the steady open circuit potential was reached, the working patential
was applied and the specimen was allowed to reach a stationary current (2-30 min). Only then the spring
was released and the current transient was measured.

The current-time data was recorded with the equipment schematicatly described in Fig. 2. Due to the
wide change in i~ values, three systems were simultaneously used. A Hewlett-Packard 3052A data
acquisition systemn, with readings every 60 us. was used for the readings between 0 and 0.06 5. A Tektronix
5115 oscilloscope was used for the readings between 0 and 1 s, and a mechanical Houston X-Y mcorder
for the values between 0 and 400 s. Good overlapping was found between the three sets of measurements.
The measured values were fed to a Hewlett—Packard 9525B microcomputer for processing,

EXPERIMENTAL RESULTS
The first approach to the study of repassivation kinetics of AISI 304 was the study
of the metal behaviour only during the few milliseconds after the rupture of the
surface film. For this purpose, using a Hewlett-Packard HP 6942A multiprogram-
mer, the current was recorded every 60 us during the first 60 ms.

RELEASE

FiG. 1. Schematic view of the device used for the fast straining rate experiments.
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Fic. 2. Schematic description of the equipment used in the measurement of the current-
time transients after straining the samples.

Measurements were made in the following environments, and at the following
electrode potentials:
(a) environments producing SCC in AISI 304:

1 M HCl solution, at —0.09 V(NHE)

1 M HCl + 1 M NaCl solution, at —0.090 V(NHE)

1 M HCl + 2 M NaCl solution, at —0.090 V(NHE)
(b) environments where no SCC of AISI has been reported:

1 M NaCl solution, at 0.200 V(NHE)

2 M NaCl solution, at 0.200 V(NHE)

3 M NaCl solution, at 0.200 V(NHE)

0.5 M Na,SO, solution, at —0.140 V(NHE)

1 M Na, SO, solution, at —0.140 V(NHE)

1.5 M Na,SO, solution, at —0.140 V(NHE).

To calculate the current density on the freshly exposed metal it is necessary to
know the area of bare metal exposed by straining. For this purpose the model
developed by Gravano,” Fig. 3, was used. According to this model, the area exposed

Fic. 3. Calculation of the area of bare metal exposed by straining, after an elongation A/,
according to the model developed by Gravano.” The shaded area is the area of the bare
metal and a is the radius of the wire sample.
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a being the radius of the wire sample and Al = I, ¢, where /s the initia! length of the
wire inside the cell, and ¢ is the strain. Since after straining part of the wire sample
leaves the cell, the following correction was introduced:

S = nadl |,
P sind5°l, + Al

S, being the area of bare metal exposed by straining. If the current measured at any
time is /, the current density on the bare metal (iy, ) will be found in the following way:

I=i-S, +i-S, (3)

where S, is the sample area covered by passive film, after straining, and i, is the
current density on the passive metal, which is taken as equal to the current density
before straining. If S is the initial area of sample exposed in the cell

(1)

(2)

_— Slllll - Sn
o L+Al 1+e 4
and
iy = 11 + &) — &S, ] sin 45° )

.Taluf

For small strain values {- < 0.20) the values of in given by equation (5) are very close
to those calculated by using the model of Bubar and Vermilyea.™
Figure 4 shows a typical current transient measured in these experiments. Two

AlSI 304

CURRENT DENSITY

0 TIME

Fic. 4. Typical current-time transient, measured during the fast straining experiments.
The current increase takes place during the straining of the wire and its maximum is reached
when straining is interrupted. The dotted line shows the method used to define the initial

time. 1.



parts are to be distinguished in these curves. The first one is the large, nearly linear,
current increase during straining. The second one is the current change after
straining. The object of the present work is the analysis of this second part. The
current density in this second part is given by:¥

By =i + 0y = i+ iy + o, + iy + i (6)

where i_ is the cathodic current density on the bare metal, i is the current density due
to the passive film formation, i, is the current density due to oxygen evolution, i, is
the current density due to dissolution, and i, is that due to the oxidation of species
present in the solution. In the present work the contributions of i., ip, and i, have
been ignored. At the potentials used there is no evolution of oxygen, and the only
cathodic reaction possible, in the de-aerated solutions used, is evolution of hydrogen,
which, again. at the potentials used, can be ignored. On the other hand. no
contribution of i, should be expected under the present experimental conditions.
When passive films are formed, the dissolution current is usually very small, unless
passivity breakdown due to pitting is present; otherwise it is assumed that i, = i,.

During the constant potential straining process, the charge of the double layer on
the newly exposed metal surface will appear as a contribution to the measured
current. It will be shown that this contribution is very small and can be ignored. The
value of the capacitance of the double layer on platinum. mercury and other metailic
surfaces ranges between 10 and 40 uF cm ™2 * the value of the capacitance being a
function of the concentration of the electrolyte. its composition and the applied
potential. To make a conservative estimate. the maximum capacitance value will be
assumed for the samples used in the present work. The fresh metal, exposed du ring
straining. is subjected to a potential change:

) AE = E - E, (7)

where E is the applied potential and E|, is the open circuit potential of the bare metal.
In the case of AISI 304 in 1 M HCI solution* the value of E,, is less than 0.1 V lower
than the corrosion potential of the alloy in the same sotution. Under the present
experimental conditions AE is lower than 0.2 V. Using again a conservative
approach, the change in potential of the double layer will be assumed to be AE =
1 V. Then, a grossly overestimated value for the charge of the double layer during
straining would be:

Q = C-AE = 40pCcm™. (8)

As shown below the values found by integration of the it curves are much higher
than that involved in the doubie layer charge process and this can be safely ignored.

For good characterization of the current-time curve in part two, Fig. 4. a
logarithmic scale was used. For this purpose it was necessary 10 establish the time
zero, or the initiation time for straining. Small changes in this value introduce
significant changes in the shape of the initial part of the log i-log ¢ curves. Some
authors™™ have chosen as time zero the instant when the current starts to increase.
It is difficult to measure this point with adequate precision. Other authors'!"" prefer
to start counting ¢ at the time the current ceases to increasc. The drawback of this
criterion is that it ignores the charge circulated during straining. Another criterion
used™ was to choose a value of ¢, in the middle of the above-mentioned values. No
satisfactory reason was given for this approach. In the present work the current
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FiG. 5. Typical repassivation curve, plotteﬂ in logarithmic scale. The experitﬁental resilts
can be described by three curves of the type i = A -¢*, with different values for b. Exposune
time: 60 ms. -

increase during straining was assumed to be linear. A straight line was drawn from
the maximum current (Fig. 4), making sure that the area covered (charge) by the
straight line was equal to the experimental one. The intercept with the originof the
current was taken as time zero. Figure 5 shows a typical log-log curve of the
repassivation measurements. The experimental results could be interpreted ssthree
straight lines, following a relation of the type:

i= A (9)

Then the full repassivation curve, for the first 60 ms, is described by the fdlowing
relation:

i=S A, t* (n = 1-3). (10)
|
Q
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FiG. 6. Slopes of the log i-log f curves for the repassivation of AISI 304 austenitic stainless
steel in various electrolytes and during the first 60 ms of repassivation time.
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TasLE 1. MEAN VALUES AND STANDARD DEVIATIONS FOR THE MAXIMUM
CURRENT (i) AND THE SLOPES b,. by AND b; IN THE LOG {~LOG ! CURVES FOR
REPASSIVATION OF AIST 304 AUSTENITIC STAINLESS STEEL IN VARIOUS
ENVIRONMENTS, MEASURED DURING THE FIRST 6() ms OF THE REPASSIVATION

PROCESS
Standard

Environment Parameter Mean deviation %
HCIIM b, 1.5 I.6 20.7
—-90mV(NHE) b, 2.25 0.03 1.3
by 1.1 0.2 16.8
in(Acm™) 0.11 0.06 5.5
HCiM+ NaCl1M b, 8.5 0.7 8.7
—~90mV(NHE) b, 2.2 0.2 8.5
b, 1.05 0.03 3.0
im(Acm™%) 0.12 0.01 9.8
HCI 1M + NaCI2M b, 9.3 0.6 08
- 90mV(NHE) b, 2.3 0.1 5.4
b, 0.87 0.05 5.3
in(Acm™) 0.28 0.09 32
NaCi1M b, 7.3 0.3 4.2
200mV(NHE) b 2.29 0.07 2.9
b, 1.12 0.04 36
im(Acm™) 0.31 0.04 1.6
NaCl2M b, 9.9 1.7 16.9
200mV(NHE) b+ 3.0 0.4 14.9
b, ' 1.3 0.3 20.4

im(Acm™?) 0.33 0.03 9.1
NaCI3M b, 10.8 2.0 18.7
200mV(NHE) b 2.8 0.4 15.5
b, 1.5 0.1 ]9
im(Acm™) 0.32 0.02 6.8
Na,S0,0.5M b, 9.5 1.4 14.6
— 140mV(NHE) b, 37 0.3 7.6
b, 1.21 0.04 33
in(Acm™) 0.13 0.02 13.0

Na,SO, 1M b, 10.0 0.6 6.1
= 140mV(NHE) b, 3.1 0.2 6.4
b 1.5 0.2 14.0
i (Acm™2) 0.14 0.02 14.3
NﬂzSO;].SM b| 10.1 0.8 8.3
— 140mV(NHE) b, 3.2 0.3 7.9
b, 1.29 0.02 1.9
ig(Acm™2) 0.13 0.01 10.6

The values of b, were calculated by the least squares technique and each experiment
was repeated at least in triplicate. The mean values and standard deviations are
shown in Table 1. A comparison of the b;, b, and b3 mean values is shown in Fig. 6.
The values of b, show the widest dispersion. This is due to the experimental difficulty
in obtaining reproducible results in this very short initial transient. No significant
differences were found in the values of b in the various electrolytes and concentra-
tions tested. Taking into account that environments producing SCC (HCl solutions)
are compared with other environments where no such corrosion is found (NaCl
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Fic. 7. Maximum current density values recorded in the repassivation measurements B
AISI 304 austenitic staintess steel in the foilowing cnvironments: A: | M HCH + v M Ndit
solution: [T]: Na, SO, solutions; O: NaCl solutions.

solutions and Na, SO, solutions) the slopes b, as shown in Fig. 6, are concludmto be
irrelevant with regard to SCC. '

Another important parameter in defining the repassivation curvesis the
maximum current value reached at the end of straining. Figure 7 shows the makmum
current density values found in the repassivation measurements. As the vabes for
HCl solutions are equal to those for Na, SO, solutions, it must be concludekagain
that the present repassivation measurements show no distinction between smeepti-
bility and non-susceptibility to SCC.

In view of the above results, it was decided to run a second set of experments,
with longer exposure times. The intention was to see if the differences i SCC
susceptibility were noticeable over longer exposures. It was decided to extead the
repassivation measurements up to 400 s. It was known from intermediate strmo rate
techniques " that from straining experiments lasting less than 400 s it was pmsible
to detect SCC susceptibility by electrochemical techniques. Incidentally, thisexpo-
sure time was also used by Ford? in the study of repassivation of stainless smels in
high temperature aqueous solutions. '

In this second set of experiments it was decided to increase the range of elmtrode
potentials tested. The experiments were performed in the following systems:

1.0 M HCl solution, at 0.0, —0.09, —0.10 and —0.11 V(NHE)

1.0 M NaCl solution, at —0.16, 0.20 and 0.30 V(NHE)

0.5 M Na, SO, solution, at 0.04 and 0.65 V(NHE).

Typical log i-log f curves are shown in Figs 8-10. For the sake of compason, a
selection of those curves was collected in Fig. 11. In a 0.5 M Na, SO, solutioe(Fig.
10) after some 30 ms the repassivation rate follows a straight line with a shpe of
b = —1. In HCI solutions and in NaCl solutions, on the other hand, no straighlines
arc observed. In both solutions, for long exposure times, the current starts to inwease
and eventually a change in the sign of b is found. In view of the clear diffoence
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Fic. 8. Typical carrent—time repassivation curves for AISI 304 in a 1 M HCI solution at
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Fi6. 9. Typical current-time repassivation curves for AiSI 304 in a 1 M NaCl solution at
various electrode potentials. Exposure time: 400 s,
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Fig. 10. Typical current~time repassivation curves for AISI 304 in a 0.5 M Na,SO,
solution at two different electrode potentials. Exposure time: #0) s,
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Fia. 1. Comparison of selected current—time repassivation curves for AISI 304 austenitic

stainless steel in various environments. The steel. under the present experimental condi-

tions, is susceptible to SCC in the 1 M HCl solution, but is immune to SCC in the other two

solutions. No clear indication of susceptibility to SCC can be given from the shape of these
' repassivation curves.

between the curves in Na, SO, solutions and those in HCl solutions, Fig. 11. it could
be argued that there is a relationship between repassivation rates and SCC suscepti-
bility. The fastest repassivation rate is found in Na,SO, solutions, under experimen-
tal conditions where no SCC of AISI 304 is observed. This conclusion loses ground
when comparing the curves in HCl solutions with those in NaCl solutions. It has been
reported that no SCC is observed in NaCl solutions under the present experimental
conditions,™ but there is almost no difference between the repassivation curvesin a
I M HCI solution at —0.11 V(NHE) and those in a 1 M NaCl solution at —0.16
V(NHE). It is impossible to predict in which solution AISI 304 will be susceptible to
SCC just from the shape of the repassivation curves.

DISCUSSION
According to Ford,* from the log i~log ¢ transients it should be possible to predict
the SCC crack velocity. The analysis is based on SCC mechanisms dominated by
anodic dissolution, based mainly on the constant charge criterion introduced by
Scully' and the constant time approach used by Vermilyea.? From the current-time
transients the charge density vs time is calculated (Fig. 12). If the frequency of film
rupture under slow strain rate conditions, ¢, is known, the crack propagation rate

(CPR) is given by:
CPR = (M/Fz)(Q¢/tr) (11)

M being the atomic weight and ¢ the density of the metal reacting at the tip of the
crack, z the valence of the reacted metal, F the Faraday constant and Q the density
- of charge consumed during #;. The value of ¢ is given by: -

t = v (12)

where & is the strain at which the passive film cracks and v is the strain rate used
during the SCC test. A typical value for £®is £; = 0.001, and since the calculations

for the transient reported in the present work are going to be compared with SCC

A
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Fic. 12. Changesincharge density. Q, and film thickness, X calculated from the repassiva-
tion current—time curves, for AISI 304 austenitic stainless steel in the following environ-
ments: : 0.5 M Na.S0, solution, at 0.65 V(NHE); ----- : 1 M NaCl solution, at 0.20

tests'” where v = 4 x 107% s~! was used, it is concluded that #; = 250 s. The other
values used were: M = 55.20.0 = 7.8gcm ™%, z = 3, and F = 96500 C.

Figure 13 shows the crack propagation rates predicted for AISI 304 ina 1 M HCI
solution. using the treatment suggested by Ford. The same figure also shows the
experimentally measured crack velocities. It is observed that the values predicted are

. 10
4 AlSI 304 . 1M HCI
/T
generat gssolunon
169- ™ °
_ '.o/ - -
-:‘. / ° no SCC .
E -
-'1010" L] /
o
a
) [
11
10"+ - -
SCC SCC
10’1L 1 1 ] 1 1 1
=02 0 0,2 04
E (Vnhe)

Fic. 13. Crack velocities for AISI 304 austenitic stainless stee! in a | M HCl sotution, at
various electrode potentials, at room temperature. O: Values predicted by the repassivation
rate measurements, following the treatment introduced by Ford;® @: experimental values
reported by Maier er al.' The predicted values are lower than the experimental results.
Better predictions were reported by the intermediate strain rate technique."-*
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Tapte 2. COMPARISON BETWEEN THE CRACK VELOCITIES PREDICTED FROM THE
REPASSIVATION RATE MEASUREMENTS. ACCORDING TO FORD.™ AND THE
EXPERIMENTAL VALUES REPORTED BY MAIER ¢t al..’” For AISI 304 AUSTENITIC
STAINLESS STEEL IN VARIOUS ENVIRONMENTS

Experimental Predicted Charge
Potential crack velocity crack velocity density
Solution (V(NHE)] (ms~") {ms™') Q(Cem™
HCIIM -0.110 9.2x 10~ 1.50x 10-"*  2.55x 10°*
HCIM -0.100 1.3x 10" 4.20x10°%  4.30x107*
HCIIM -0.090 1.7x10°* 189X 10-"  1.93x 10"
HCIIM 0.0 5.5% 107" L2tx 10" 124
NaCliM =0.160 NoSCC 246x 107" 2.852x107?
NaClIM 0.200 NoSCC 23x 107" 2.18x 1072
NaClIM 0.300 NoSCC LOIx 107" 1.04x 107"
"' Na,S0,0.5M 0.650 NoSCC 0.90x " 925 0"

* Generalized dissolution.

-onsistently lower than those experimentally measured. The difference is higher at
lower potentials and it is almost two orders of magnitude lower than the measured
value at —0.11 V(NHE). It should be pointed out that. from a predictive point of
view, considerably better coincidence between prediction and experiment is found
when using the intermediate strain rate technique. '

Table 2 shows the crack velocity values predicted for all the environmentstested.
As expected from the repassivation rate curves. this approach does not make a
distinction between HCl solutions and NaCl solutions. SCC should be found in both
solutions and with similar crack velocities. The analysis of Ford predicts SCCevenin
a 0.5 M Na,SO, solution, at 0.65 V(NHE). and with a crack velocity close to that
predicted for a 1 M NCl solution at —0.11 V(NHE).

Matsuda er al. measured. by ellipsometry. the passive film thickness on 18-8
austenitic stainless steelina I MNa, SO, solution* and in 2 0.1 M Na, SO, solution.’
They found similar results in both solutions. reporting that the film thickness changed
from 1.2 to 4.2 nm when the potential changed from 0.1 to 1.0 V(NHE). By
integration of the current transients, in the present work. ina 0.5 M Na, SO, solution
at0.65 V(NHE). Fig. 12, the film thickness after 400 s was found to be 4.0 nm. A very
good coincidence is observed between the ellipsometric measurements reported by
Matsuda eral. and those in Fig. 12, indicating that all the current measured during the
repassivation transient was used in the film formation process. This gives support to
the assumption made in the present work that the contribution of i in equation (6)
could be ignored.

Smialowska and Lukomski* measured, by ellipsometry. the film growth rate on
AISI 304 austenitic stainless steel in a 1 M HCI solution. They reported, for
. exposures between 2.5 and 12 min, a film growth from 3 to 10 nm. Figure 12 shows
that a film thickness of 10 nm is observed on AISI 304 ina 1 M HCI sotution, at—0.09
V(NHE). after some 30 s exposure. As described below, the high apparemt film
thickness values. found at longer exposures. could be due to a pitting process. Again
this observation gives support to the assumption that . in equation (6) is very small,
and could be ignored.

The various film formation mechanisms are related to well-defined & valees in
equation (9)."' The experimental results of the present work were analysed taking
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Fia. 14, Analysis of 'lhc log i-log ¢ repassivation curves. AISI M in a 0.5 M Na.SO,
solution. at (.65 V(NHE). The results foliow a law of the type i = A-¢ ', indicating that
most probably a high ficld film growth mechanism is operative.

into account those b values. Figures 14-18 show some of the experimental log i~log ¢
curves broken into straight lines of well-established b values. The simplest case is that
of AISI 304 strained in a .5 M Na, SO, solution (Fig. 14). In this case. after the first
20 ms, a slope of —1 is found. The charge involved in the first 20 ms involves the
formation of a film monolayer (Fig. 12). The slope of — 1. that involves the main part
of the repassivation process. is typical of the high field film formation reaction on
valve metals.™*" A mechanism of film formation with a slope of —1 was also
described by Sato and Cohen™ for iron in borate solutions. This mechanism involves
aplace exchange process. This type of slope b = — ! is usually related to the formation
of a compact highly protective passive film.

The behaviour of AISI 304 in 1 M HCl solutions, Figs 15-17, is not as simplc as
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Fii. 15, Anadysis of the log i~tog  repassivation curves., ATSE304 ina T M HICEsolution. at

=011 VINHE). An initial part of high ficld film growth mechanism is followed by a

mechanism of the type i = A -17"*, maost probably due to a dissolution and precipitation tilm

fornmation process. At longer exposures a process of the type 7 = A1 ' atributed 1o
pitting. is observed,
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Fic. 16. Analysis of the log i-log r repassivation curves. AISI 304 in a | M HCl solution.»
=0.10 V(NHE). As in Fig. 15, a sequence of high field film growth mechanism is followsk
by u dissotution and precipitation film growth mechanism, and finally a pitting processa
observed. Inthis case, the pitting/growth process seems to follow alaw of the type i = A4 -1

that in Na,SO, solutions. A region with a slope of —1 is observed in st the
measurements, in the initial portion of the log i-log ¢ curves. This behavios lasts
<100 ms. Afterwards a change from slope —1 to slope —0.5 is observed. A skpe of

b = —0.5 is usuaily attributed to diffusion processes, either in the solid orn the
liquid phase.?* In such cases a relation of the type:
i = (oDCy/M)\-zFt'? (13)

should be expected, D being the diffusion coefficient, C, the concentrationsf the
diffusing species at the metal/oxide interphase, M the molecular weight of the film
and g its density, z is the valence and F the Faraday constant. From equation§13) a
rough estimate of the value of D can be made. The film is assumed to be comgosed
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FiG. 17.  Analysis of the log i-log ¢ repassivation curves. AISI 304 in 2 1 M HCl solution,
=0.09 V(NHE). As in Fig. 15, a sequence of high ficld film growth followed by a
dissolution—precipitation film growth and by pitting, is observed.
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Fic. 18. Analysis of the log i~log t repassivation curves. AISI 304 in a 1 M NaCl solution,
at —0.16 V(NHE). As in Fig. 15, a sequence of high field film growth, dissolution—precipita-
tion film growth and pitting, is observed.

by Fe,O; plus Cr,O;, ana the values M = 158 and o = 5.23 g cm ™} will be used. The
value for C,is unknown and a very conservative approach would be to use the atomic
concentration of the metal in the alloy, C, = 0.14 mol cm =3, Table 3 shows the
diffusion coefficients thus calculated. Since the value of C, is probably much lower
than that assumed here, the real diffusion coefficients should be higher than those
given in Table 3. No diffusion coefficients for Fe, O, and Cr, O, at room temperature
have been found in the literaiuie, and extrapolated values will have to be used. By
extrapolation from high temperature*- an oxide like Fe,O; should have a value of
D = 1.5 x 10~ m25s~! at 20°C. Although this extrapolation certainly involves gross
errors, the comparison with Table 3 suggests that the diffusion through a solid film is
very improbable in the case of Figs 15-17. Current-time curves with a slope of b =
—0.5 and high diffusion coefficients, as found in the present work, are more
compatible with a porous film that grows by a dissolution and precipitation process.*
Tarnish films formed by this process have been reported in various SCC systems, like
mild steel in caustic solutions or brass in ammoniacal solutions.* Most probably a
similar process was present in Figs 15-17.

Figures 15-17 show that after some 10 s exposure a new process, with a slope of -
b =1orb = 0.5, is detected. Positive slopes like these are usually related to a process

TABLE 3. DIFFUSION COEFFICIENTS CALCULATED
FOR THE FTLM FORMATION PROCESS ON AISI 304 1N
VARIOUS ENVIRONMENTS

Potential Diffusion coefficient

Environment  [V(NHE)] (m?s™")
HCIM -~0.090 1.12%x 107"
HCIIM -0.100 8.53x 107
HCIIM =0.110 2.82x 107

- NaCl1lM =0.160 7.09x 50~

V-



of nucleation and growth of a new phase* or to a process of nucleation and growth
of pits.'” Most probably the second alternative applies to the present work, since the
presence of pits has been reported in those systems.2 : '

A similar analysis of the log i~log ¢ curves could not be extended to AISI 304 in a
1 M HCl solution at 0.0 V(NHE) because of the high generalized dissolution taking
place at this potential. As for the measurements in NaCl solutions, Fig. 18 shows that
at —0.16 V(NHE) regions with slopesof b = ~1,b = ~0.5and b = 1 are observed,
similar to those found in HCl solutions. At higher potentials, 0.2 and 0.3 V(NHE), a
pitting process obscures the film formation process. '

CONCLUSIONS

The results in the present work indicate that in the initial stages of repassivation,
up to approx. 60 ms, the repassivation rate is the same in solutions producing SCC
and in those where no SCC is found. If there are any relevant differences, they are
observed only about 100 ms after straining.

For AISI 304 in a 0.5 M Na,SO, solution the only process detected is the
formation of a highly protective passive film. The log i~log f curve shows a slope b =
— 1. and the passive film is formed either by a high field Cabrera~Mott mechanism or
by the place exchange Sato and Cohen mechanism.

Below the pitting potential there is no significant difference between the repassi-
vation curves of AISI 304 in HCl solutions and those in NaCl solutions. Since SCC is
found only in the HCl solutions. the conclusion is that the shape of the repassivation
curves is not sufficient to predict SCC susceptibility.

A change in the repassivation rate, from b = —1to b = -0.5, was found for AISI
304 in chloride-containing solutions. There is strong evidence that a dissolution-pre-
cipitation film formation mechanism is involved. Since similar mechanisms have
been reported for other SCC systems, this could be a necessary, albeit not a
sufficient, electrochemical condition for SCC susceptibility.
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REPASSIVATION KINETICS IN STRESS CORROSION
CRACKING - II. a-BRASS IN NON-AMMONIACAL
SOLUTIONS

R. M. CarraNza and J. R. GALVELE

Departamento Materiales. Comisién Nacional de Energia Atémica, Avda. Libertador 8250, Buenos
Aires 1429 Argentina :

Abstract—The repassivation rate kinetics of a-brass in NaNO; solutions of various concentrations, in
borate buffered Na.SO, solutions, and in sulphide-containing Na,SO, solutions was studied. Slow
repassivation rates, with slopes of & = —0.5 in the current decay curves. were observed to be present in
all the cases where SCC was found. This slow repassivation rate also proved to be a necessary, but not a
sufficient condition for SCC. since the same slope was found in some cases where no SCC occurred. The
use of repassivation rate technigques in the prediction of SCC susceptibility was evaluated. and the
limitations of those techniques are discussed.

INTRODUCTION

THE SUSCEPTIBILITY of brasses to stress corrosion cracking (SCC) in a great variety of
non-ammoniacal solutions has been broadly recognized.'™ nitrite sotutions being of
special interest for brass.™" as well as for pure copper.’ because of the very high crack
propagation rate found in these solutions. Anodic dissolution is frequently referred
to as the active mechanism in SCC.*"" both in ammoniacal and in non-ammoniacal
solutions. As mentioned in the first part of this work.' the essentiai requirement for
crack propagation. in anodic dissolution mechanisms. is an intermediate repassiva-
tion rate. It should be neither too high. because the film is rapidly repaired and no
cracking is produced. nor too small because generalized corrosion or pitting 1s
produced. In the first part of this study it was shown that this was not the case for type
304 stainless steel in chloride and in sulphate solutions at room temperature. Slow
repassivation, in these cases, seemed to be a necessary. but not a sufficient.
electrochemical condition for SCC.

In the present work the relation between the repassivation rate and SCC of 64/36
a-brass in a variety of solutions, is studied. The high strain rate technique'' was used
because it is considered as an analogy to the conditions at the tip of the crack. Here
again, the repassivation rate is found to be a necessary but not sufficient electrochem-
ical condition for SCC to occur.

EXPERIMENTAL METHOD

The material used was wire (0.08 mm diameter) of alpha brass cut in appropriate lengths. The
composition of the brass was Cu 63.7;Sn < 0.1;Pb ~ 0.01: Zn balance. wt% . The wires were degreased
with acetone and annealed at 450°C for 24 h under a 120 mmHg argon atmosphere and quenched in water
at room temperature. Metallographic observations indicated that this time was sufficient to obtain a full
alpha phase alioy. Before the tests the specimens were chemically polished for a few seconds at room
temperature in a solution containing 25% acetic acid, 55% phosphoric acid and 20% nitric acid, cleaned
with distilled water and alcohol and dried in hot air. :
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solutions were prepared with analytical grade chemicals and de-ionized-distilled water.and were
de-aerated with purified nitrogen according to the Gilroy and Mavne method."* The followingsolutions -
and potentials were used:

Solution Potential [mV(NHE}R]
1 M NaNO,;pH 10 70: 125, 150; 200; 250
0.1 M NaNO,;pH 10 125: 150; 200; 250; 350
0.01 M NaNO,;pH 10 N 70:125; 150; 200; 250; 350; 500
1 M NaNO, + 0.5 M Na,SO,;pH 10 70; 125, 150; 200; 250; 325
0.1 M NaNO, + 0.5 M Na;50, ;pH 10 70: 125; 150; 200; 250
0.01 M NaNO; + 0.5 M Na,SO, ;pH 10 70; 125; 150; 200; 250
0.5 M Na,SO, + 0.2 M(H,BO; + NaH,BO,):pH9.2 200 250; 300; 325; 335, 350
0.01 M Na,$S + 0.5 M Na.SO, =200; 200; 300; 350; 400; 550
0.05 M Na,$S + 0.5 M Na,SO, =200;200; 300; 350; 400; 550; 65%.800.

In some of these solutions the occurrence of SCC is a function of the applied potentiai. Atslficiently
low potentials cracking can be stopped. The tests were run at room temperature and at least in miplicate.
The cell used was described in a previous paper."* The same applies to the high strain rate madiine and
ancillary equipment.'® Wire samples were strained 10% at a strain rate of 10 s~', and the cmment was
recorded during and after the interruption of straining. Anodic potentiodynamic polarization erves, at
0.2 mV s™%. were also run in a conventional three electrode electroiytic cell. In these last measmements,
sample wires of 1 cm*® were used. and these tests were run at least in duplicate. In all the tests. patentiais
were measured through a Luggin capillary with a Hg-Hg.SO; reference electrode and they aremeported
in the normal hydrogen electrode scale (NHE). The counter electrode was a platinum spiral wa around
the working electrode. The measurement technique was described in the first part of this work "

EXPERIMENTAL RESULTS
Figure 1 shows the potentiodynamic polarization curves for brass in 1 M.0.1 M
and 0.01 M NaNQ; solutions. at pH 10. A passive zone is observed. followed by a
passivity rupture potential. The smaller the NaNO. concentration the higker the
potential. Ina 1 M NaNO; solution an anodic peak is found before passivity mepture.
The potential of this peux is close to the Cu.0/CuQ thermodynamic equibrium
potential at pH 10."

06

=) =3 =2
log i (A/cm2)

Fic. 1. Potentiodynamic polarization curves (0.2 mV s~! ) for brass in NaNO. solutions at
different concentrations at pH 10. The passivity rupture potential is higher the smaller the
NaNO. concentration.
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Fic. 2. Typical curreat-time repassivation curves for brass in a 1 M NaNO, solution at
various potential vaiues. Exposure time: 400 s.

In another set of measurements, 0.5 M Na,SO; was added to the NaNO,
solutions. keeping the pH of the solution at 10. Sulphate ion is aggressive and
produces pitting on brass.® Another effect of the presence of sulphate in the solution
could be an increase in its electrical conductivity. Little difference is observed
between the polarization curves obtained with the sulphate containing solution. and
those measured in the absence of sulphates. The main difference is found at high
potentials, above the passivity breakdown potential, where the current density
values reached in the sulphate containing solutions are much higher than those
measured in its absence. Above the passivity breakdown potential a tarnish film is
formed on the surface of the samples. By XPS (X-ray Photo-electron Spectroscopy)
and by electron diffraction the tarnish film was found to be mainly Cu,0O. No CuO
was detected through these techniques.

Figures 2-5 show the repassivation curves obtained after rapid straining of brass
wires in the NaNO- and NaNO-. + Na,SO, solutions. The way in which the bare
metal current density {i,) was calculated was described in the first part of this work."
Ina 1 M NaNO, solution {Fig. 2) at 0.070 V, log i decays almost linearly with log ¢,
following a simple law i = AP, with a b value of —0.84. At higher potentials,
although the current density diminishes with time, its behaviour is not as simple as
that at0.070 V. There is an intermediate lapse of time where the current decay is very
slow. For long periods of time the current remains at values as high as 0.1 Acm™or
higher, and is a function of the applied potential.

Repassivation curves in 0.1 M and 0.01 M NaNO, solutions (Figs. 3 and 4)
exhibit some differences with respect to those in a 1 M NaNO; solution. At iow
potentials the shape of the curve is similar to thatina1 M NaNO;solutionat0.070 V,
_.although its decay is not so linear. At higher potentials, after an exposure time of the
order of 1 s the current starts to increase, reaching a maximum, and decreasing again.
The value of this maximum is a function of both the applied potential and the solution
concentration. Surface observation with the scanning electron microscope (SEM)
shows the surfaces covered with thick bnttle oxide films, particularly at high
potentials and in the more concentrated NaNO, solutions. In a 0.01 M NaNO,

Fo



|
N
|

|
L
|

-
-._._-
-----

log i (A/cm2)

|
S

—  0aM NaNUz

_6#_ pH10

=4 -3 -2 -1 0 1 2
log t is)

Flc".l Typical current—time repassivation curves for brass in 2 0.1 M NaNO, solutiona
various potential values. Exposure time: 400 s.

solution. at potentials above 0.125 V. where the sample surface shows few corrosion
products. crystallographic pits were observed. SCC has been reported®! in alf these
NaNO. solutions at the potentials studied.

The addition of 0.5 M Na,SO, to the nitrite solutions caused a change in the
log i-log t curves only in IM NaNO, solutions (Figs 2 and 5). The preseace of
sulphate in the 1 M NaNO. solution produced current maxima similar to those
observed in pure 0.1 M and 0.01 M NaNO:. solutions. The addition of NasSO, to
0.1 M and 0.01 M NaNO, solutions, on the other hand. had little effect on the
repassivation curves. In all these solutions the surface of the strained spedmens
showed abundant corrosion products. the magnitude of which increased with the
potential. Crystallographic pits were observed at all the concentrations tested.

-
- -

0.01M NaNlJz
pH 10

fog ifA/cnd)

P A 7. )Y

=4 =3 -2 -1 0 1 2
log t (sl

Fic. 4. Typical current-time repassivation curves for brassin a 0.0} M NaNQ, solution at
various potential values. Exposure time: 400 s.
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Fic. 5. Typical current—time repassivation curves for brass in a 1 M NaNO, + 0.5 M
Na.SO, solution at various potential values. Exposure time: 400 s.

Repassivation rates of brass were studied also in borate buffered Na,SO,
solutions. In Fig. 6 the anodic polarization curve of brass in a 0.5 M Na.SO, +
0.2 M(H:BO; + NaH.BO:) solution. pH 9.2. is shown. This curve shows a first
anodic peak at a potential very close to that given in the Pourbaix diagrams'* for the
equilibrium Cu.O/CuQ at pH 9.2. At higher potentials a short passive zone is
observed and passivity rupture is produced at potentials close to 0.400 V. Crystallo-
graphic pits were observed with the SEM. Straining tests in this solution were
performed within the passive zone potentials (Fig. 7). At the lowest applied
potential. 0.2 V. the current decreased following a simple logarithmic law with a
siope of b = —1, until the stanonary current vatue of the prestrained samples was
reached. At higher potentials current increases and current maxima were observed.

0.6
- 0.5M NaZSU4 + O.ZMIH3BO3+NaHZBD3J - pHS.2

204t /
=
z
ok

0.2

1 ] 1 1
07 =5 =5 4 =3 =2
log i (A/cm?2}

FiG. 6. Potentiodynamic polarization curve (0.2 mVs™') for brass in a 0.5 M
Na,SO, + 0.2 M (H,BO, + NaH,BO;) solution at pH 9.2.
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Fic. 7. Typical current-time repassivation curves for brass in a 0.5 M Na,SO, + 0.2 M

(H,BO, + NaH;BO,) solution. pH 9.2, at various potential values. Exposure time: 400 s.

The arrow shows the towest potential at which SCC was found. No distinction can be made

in the repassivation curves in potentials where SCC is found from those where no cracking
was reported.

The curves at these potentials are similar in shape to those found for brass in diluted
NaNO, solutions. Brass suffers transgranular SCC in a 0.5 M Na,SO, + 0.2 M
(H;BO; + NaH,BO;). pH 9.2, solution at potentials equal to. or higher than,
0.300 v.*

Figure 8 shows the polarization curves for brass in Na.S + Na.SO, solutions. At
potentials above the corrosion potential. a sharp current increase is observed,
reaching a maximum of about 107 A cm ™. The current density remains at this value,
with small alterations, for a wide range of potentials. The pseudo-passive region was

15
T aoan $+0.5M Na.SO
d . a
L oo ° 2%
09
E06
o ]
-
X _______'_’::-
- 1 1 1 I
0§7 -6 -5 -4 -3 =2

log i (A/cmd

Fic. 8. Potentiodynamic polarization curves (0.2 mV s-!) for brass in 0.05 M and 0.01 M
Na,S solutions with the addition 0f0.5 M Na,SO,. The sulphide ions act as pitting inhibitors.
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Fic. 9. Typical current-time repassivation curves for brass in a 0.05 M Na.S + 0.5 M

Na.SO, solution at various potential values. Exposure time: 400 s. The arrow shows the

lowest potential at which SCC was found. No distinction can be made in the repassivation
curves in potentials where SCC is found from those where no cracking was reported.

wider in the solution with the higher Na.S content. In a 0.05 M Na.S + 0.5 M
Na.SO, solution the region of quasi-constant current density spanned over | V.
while in the 0.01 M Na,S + 0.5 M Na,SO. solution it covered only 400 mV. At
higher potentials a passivity breakdown process is found. Once passivity breakdown
has taken place. the sample is covered by a thick layer of black corrosion products.
This laver of corrosion products is loosely adherent and is easilv removed by rinsing
the samples with water. After removal of the corrosion products. the metal surface
shows crystallographic pits. Most probably the passivity rupture is due to the
sulphate ions and the sulphide ions are acting as pitting inhibitors, as expected from
a weak acid salt.'®

The repassivation transients measured in both sulphide-containing Na,SO, solu-
tions were similar. Figure 9 shows those for 0.05 M Na-S + 0.3 M Na,SO; solution.
At low potentials a linear behaviour. with a slope of b = —0.5 is observed in both
solutions. At higher potentials the current remains high during the first few seconds
after straining, but shows a decreasing trend afterwards. In this case, the current
decrease is most probably due not to a repassivation process. but to a mechantcal
shielding effect of the loose corrosion products accumulated on the metal surface.
The potential at which the surface corrosion products start to accumulate is lower in
the strained samples than that observed during the potentiokinetic polarization
curves. As shown in Fig. 9, SCC of brass was found during slow strain rate
experiments® only at potentials equal to or higher than 0.4 V. Figure 9 shows no
difference between the repassivation rate of brass in this solution at 0.4 V, where
SCC is found and the rate at lower potentials, where no SCC was observed.

DISCUSSION

As in Part I of this work,'” the repassivation rate data were used to predict SCC
velocities. These predictions are based on the assumption that the SCC mechanism
is a film rupture process. where the repassivation rate plays a key role.'” . In these

24



calculations the equations used by Ford!' were applied. The crack propagation rate
(CPR) is given by: :

CPR=M%. | & ()

M (64.20 g/mol) being the mean atomic weight of the alloy and o(8.47 gam™?) its
density. z (1.36) is the mean change in valence for the alloy leading to Cu;O plus
ZnO; F the Faraday constant; Q; the charge density circulated during the time «; ¢
being the periodicity of film rupture. This value is calculated from the strain at
rupture (¢ = 0.001) divided by the strain rate applied to the alloy (v). For the strain
rates quoted in this discussion® (2 x 107" and 1.7 x 10~% s™') the values for f, were
5 s and 85.5 s respectively. The predicted crack velocity values. for brass in three
different concentrations NaNO. solutions, and in a 0.5 M Na.SO, + 02 M
(H;BO, + NaH,BO;). pH 9.2 solution, are shown in Figs 10-13. These values are
compared with experimental crack velocities reported for the same solutions. 3% !5
The crack velocities predicted by the charge integration technique are consistently
lower than the experimentally measured values. It is worthwhile to note that. as a

10

CPR {m/s)

ol 1 1 ] 1
0 1100 300 500 700
E (mv}
Fii. 10.  Crack velocities (CPR) for brass in a | M NaNO, solution at various electrode
potentials, at room temperature. - - - : Values predicted by the repassivation rate measuse-
ments. following the treatment introduced by Ford.' for different film rupture periodicities
(). O: 1, = 58.8s. @: 1, = 5%, — band of experimental values obtained for differess

strain rates by Alvarez et al.® In this case a reasonably good agreement is vbtained at high
potentials. while at low potentials the predictions give too low values.
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Fic. 11.  Crack propagation rates (CPR) for brass in a 6.1 M NuNO- solution at various
clectrode potentials. - - - Values predicted by the repassivation rate measurements follow-
ing the treatment introduced by Ford." for different film rupture periodicities {1).
Cit, =588, @1, =35 . bund of experimental values obtined tor different strain
rates by Rebak eral.' The predicted values are Jower than the experimental results,

predictive technique. the intermediate strain rate technique gives a better correlaiion
between the predicted and the measured values.*"!

A detailed analysis of the repassivation curves for type 304 stainless steel in
various solutions was reported in the first part of this work," where, for the churge
density values involved, the contribution of the charging of the double layer was
shown to be negligible and the first monolayers of the passive film shown to be formed
in the first ms after straining. As in the previous paper. it will be assumed that the
current densities measured are due only to the anodic reaction of the alloy with the
environment and that reactions like oxygen evolution or solution decomposition can
be ignored.

Figures 14 to 17 show the decomposition of the repassivation curves, various
~ anodic processes being taken into account. As reported in Part I, aslope b = —~11is
expected when the film grows by a high field ion migration mechanism,”> or by a
place exchange mechanism.* Brass in 1 M NaNO, solutions at 0.070 V, Fig. 14,
shows a slope of b = —0.84. This value could be misleading. The valuesof b = —1
found in the literature>>? show some scattering and b = —0.84 could fit inside this
scattering. On the other hand, separate observations put some doubt on the
existence of a very protective film on brass in a 1 M NaNO;, solution, at 0.070 V., as
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Fig. 12, Crack propagation rates for brass in a 0.01 M NaNQ., solution at varios

¢lectrode potentials. - - -: Values predicted by the repassivation rate measurements fm

different film rupture periodicities. O: f; = 58.8 5. @: 1, = 5 s: : band of experimemu

values obtained for different strain rates by Rebak et al.'* The predicted values are lowa
than the experimental results.

it should be expected from b = —1. If the samples are left for more than24 h at
0.070 V, the surface of the metal shows incipient tarnishing. suggesting thata thick
film has been formed. Most probably the repassivation curve observed at 0.80 V is
an incipient stage of what is observed at higher potentials. Then it is believed #mt the
curve at 0.070 V is not a scattered value of b = —1, but, due to an incipient gwocess
of passivity breakdown, it is a mixture of slopes b = —1 plusslopesb = ~0.%

At 0.125 V (Fig. 14), the repassivation curve has a shape found to be typicaof all
the measurements made in NaNO, containing solutions (Figs 14-16). A shortregion
of b = —1is followed by a diffusion controlled mechanism, b = —0.5,%% pmhably
due to a dissolution and precipitation film formation process.’® Then a awrent
increase is found, with b = 1, due either to the nucleation of a new phase? orto the
nucleation of pits.? This last alternative seems to be the most probable, since pi¢s are
.observed, under the scanning electron microscope, on the corroded sampls. The
soluble salts, produced inside the pits, are hydrolysed and the precipitation ofexides
or hydroxides leads to the occlusion of the pits and to a reduction in the measured
current. This current decrease, due to accumulation of corrosion products em the
pits, was reported by Alvarez and Galvele® for repassivation after scratchingaf zinc
above the pitting potential.
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Fic. 13. Crack propagation rates for brass in a 05M NaSO,+02M
(H.BO; + NaH,BO,) solution at various electrode potentials. - - - Values predicted by

the repassivation rate measurements. / = 58.8s; : experimental values obtained at
1.7 % 107% s~ ' by Alvarez etal.* The predicted values are lower than the experimental ones.
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Fic. 14. Analysis of the log i-log ¢ repassivation curves. Brass ina 1 M NaNO, solution at

70 and 125 mV(NHE). 70 mV: it is believed that the —(0.84 slope is 2 mixture of slopes —1

plus slopes —0.5; 125 mV: an initial part of high field film growth mechanism (b = —1)

followed by a mechanism of the type i = At~ most probably due to a dissolution and

precipitation film formation process. At longer €Xposures a process of the type i = At*',

attributed to pitting, is observed. The ulterior decrease in current is dueto accumulation of
corrosion products on pits.
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Fic. IS.  Analysis of the log i~log f repassivation curves. Brassina 0.1 M NaNO, solution

at 125 and 250 mV(NHE). As in Fig. 14, a sequence of high field film growth mechanism is

followed by a dissolution and precipitation film growth mechanism. and finally a pitting
process is observed. with an appreciable accumulation of corrosion products on pits.

The same decomposition of the repassivation curves was done for 0.1 M NaNO,
(Fig. 15): 0.01 M NaNO. (Fig. 16): 1 M NaNQO, + 0.5 M Na.SO;: and 0.1 M
NaNO; + 0.5 M Na,SO, solutions. As with the I M NaNO- solution. an initial stage
of b = —1 was observed (attributed to the growth of a thin. homogeneous and
protective film). This stage was usually short and was replaced by a slopeofb = -0.5
(diffusion controlled film growth). After an exposure of about 1 s. positive slopes
with & values of 0.5. 1 or 2. due both to the nucleation and growth of pits, were
observed. The pitting process was confirmed by the presence of pits under the
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Fic. 16.  Analysis of the log i-log rrepassivation curves. Brassina0.0! M NaNOQ- solution

at 350 mV(NHE). As in Fig. 14. a sequence of high field film growth followed by a

dissolution—precipitation fitm growth and by pitting with accumulation of corrosion products
on pits. is observed.
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Fic. 17. - Analysis of the log i-log rrepassivation curves. Brassina0.5 MNa.SO, + 0.2 M
(H;BO, + NaH.BO:) solution at 200 and 300 mV(NHE). An extended regionof b = —1
is observed. followed by a dissolution precipitation mechanism and by pitting (b = +1 or
+(1.5). For 200 mV the inflection observed is probably not related with any passivity
breakdown process because the final current density is close to the sicady state value.

scanning electron microscope. For long exposures a current decrease due to the
occlusion of pits was detectable.

The region with slope b= -1 for brass in 0.5M Na.SO, + 0.2 M
(H:BO; + NaH,BO;). pH 9.2 solution (Fig. 17) is more extended than that found in
NaNO. containing solutions. With this solution. again regions with slopes b = —0.53
and positive values of 0.5, 1 o 2, are found. The decomposition of the curve for
0.200 V should be taken with caution. The current density value at which the
transition from b = —lto b = —0.5 takes place. is very low. The current density at
this point. 107" Acm ™", is very close to the steady state current density of brass before
straining and most probably the inflection observed in the repassivation curve is not
related to any passivity breakdown process. No cracking was found in brass at this
potential.” In this solution cracking was reported only for potentials equal to. or
higher than, 0.300 V. In the repassivation curves at potentials where SCC was
detected, a transition from b = —1to b = —0.5 was clearly detectable.

Slow strain rate experiments with brass in a 0.05 M Na.S + 0.5 M Na,SO,
solution,’ showed that stress corrosion cracking appears only at potentials equal to.
or higher than, 0.400 V. No cracking was found at lower potentials. The repassiva-
tion curves show a slope very close to b = —0.5, indicating a diffusion-controlled
process. No distinction can be made between the repassivation curves in potentials
where SCC is found and those where no cracking is reported.

Most of the repassivation curves analysed in this paper had regions with a slope
b = —0.5. This slope indicates a diffusion-controllzd film growth process. As it was
the case with stainless steel, in Part I of this work.'® an approximate estimation of the
diffusion coefficient was made. The diffusion coefficient values were again found to
be too high to assume diffusion through a solid phase and the process was concluded
to be controlled by diffusion in a liquid phase. in the film pores. As in the case of
stainless steels, the film grows when b = —0.5, by a dissolution and precipitation



mechanism® by ions diffusing in the solution inside the pores of the film, at constant -
potential. )

| CONCLUSIONS :

Repassivation rate measurements on austenitic stainless steels, as shown in the
first part of this work,!® or on brass, as shown in the present work, indicated that
- whenever SCC was found, regions of slow repassivation rate, b = —0.5, were
detected. Fast repassivation rates, as indicated by b = —1, were usually associated
with immunity to' SCC. On the other hand, the presence of regions of slow
repassivation did not prove to be sufficient condition for SCC, since it was observed
in several cases where no SCC was detected by slow strain rate techniques. Itis then
concluded that a slow repassivation rate, as given by b = —0.5, seems w0 be a
necessary, but not a sufficient electrochemical condition for stress corrosion cracking
susceptibility. A SCC mechanism that takes into account this alternative has been
recently published.? It is also concluded that the use of repassivation rate techniques
for predicting SCC: susceptibility is unsafe. the crack velocities predicted by those
techniques, for both stainless steel and brass, where considerably lower than the
measured crack velocities. On the other hand, the repassivation rate techmiques
predict crack velocities even under good passivity conditions. where no SCC is
found, and arbitrary limits for minimum crack velocities have to be introduced. This
limitation is shared with other electrochemical techniques that indirectly wse the
repassivation rate of the metal, such as the intermediate strain rate technique,”! or
the potential scanning technique. ™
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STRESS CORROSION CRACKING OF a-BRASS IN
PHOSPHATE. TRIPHOSPHATE AND PYROPHOSPHATE
SOLUTIONS

R. B. ReBak* and J. R. GALVELE

Comision Nacional de Energia Atomica. Departamento Materiales. Avda. Libertador 8250,
Buenos Aires 1429, Argentima

Abstract—The constant potentiul slow strain rate technique was used to study the susceptibility of c-brass
to stress corrosion cracking (SCC) in phosphate. triphosphate and pyrophosphate solutions. «-Brass was
found to be immune 1o SCC in alkatine Na,HPO, solutions. but susceptible to SCC in alkaline Na,P-O-
and NucP.0,, solutions. Only intergranular cracking was observed. The presence of € u™" ions in the
corrosive environment expanded the range of electrode potentials where SCC was found. At constunt
potential. the presence of Cu™ ions had no effect on crack velocity. The Cu® ™ jons acted by reducing the
IR drop in the crack. thus allowing for higher clectrode potentials at the tip of the crack. The present
results fit better into 4 surtace-mobitity SCC mechanism than into an anodic dissolution mechanism.

INTRODUCTION
ALPHA-BRASS is susceptible to stress corrosion cracking (SCC) in a wide range of
corrosive environments. The degree of aggressivity. from the SCC point of view. s
well documented for nitrite solutions.'™ and for ammoniacal solutions. ™ Brass has
also been reported to show SCC in the following agueous solutions: atkalis. >
pyrophosphates.” acetates.” formiates.” carbonates. ~citrates.” tartrates.” nitrates.
acid sulphates." chlorates'! etc.

The case of phosphate derivative solutions is of interest. because of the scarcity
of information. Bobvlev’ reported SCC of brass in pvrophosphates. as confirmed by
Shiga and Hoshino.'* who also reported SCCin tripolvphosphates. Kawashimaetal.”
on the other hand. reported that «-brass was immune to SCC in orthophosphate
solutions. All these measurements were made either at an open circuit potential. or.
as it was the case with orthophosphate solutions. at a single potential value. For a
better understanding of the SCC mechanism of brass in these solutions. it would be
useful to have information on the rate of crack propagation. the function of the
electrode potential, and the morphology of the cracks.

The purpose of the present work is to make a comparative study of SCC of a-brass
in the three following environments: sodium triphosphate solutions, sodium
pyrophosphate solutions, and sodium orthophosphate solutions. In the first two
solutions stable complexes with Cu* ions are formed,' while in the third one
insoluble compounds are formed with the same cation."

The most relevant reactions between the environment and copper ions are the
following, for the above-mentioned solutions'? (see Table 1).

* On leave from the Universidad Nacional de Misiones. Facultad de Ciencias Exactas. Quimrcas v

Naturales.
Manuscript received 10 July 1988,
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TABLE |. REACTIONS OF COPPER IONS

H:PO, Hydrogen phosphate (phosphoric acid) H,L

Metalion ~ Equilibrium LogK
H* HLU/H.L 10.79 (N
H,L/HL.H 6.46 {2)
Cu’* MHL/M. HL 33 (3
MH.L/M. H.L 1.3 4

H,P.0; Hydrogen diphosphate (pvrophosphoric acid) H,L

Meulion . Equilibrium LogK
: Hv _ HL/H.L - - AT 43 S (5) .
\ H.L/HL.H 54l L (6)
S - Cu* MUM.L: " 7.6 N
' . ML/M. LY 1245 (R}

H:P.O,, Hydrogen triphosphate (triphosphoric acid) HeL

Metalion Equilibrium LogK
H- tiL/H. L N6 (v
H.L/HL. H iy {1y
Cu-’ MLALL Y.36 (hn

Constant potential slow strain rate tests contirmed that brass shows intergranular
SCC in pH 10 triphosphic und pH 10 pyvrophosphate solutions. while no cracking
was tound. at the same pH values. in orthophosphate solutions. The presence of
dissolved Cu™~ ions in the media enhanced the SCC process, and the results were
analyscd from the point of view of the surface mobility SCC mechanism. '

EXPERIMENTAL METHOD .

The polarization curve nieasurements and most of the constant potential slow striin rate tests (SSRT)
were performed on 0,08 em diameter wires. and in de-acrated solutions. The chemical compuosition of the
wires was (in weight percent): 63.3% Cu: L02% Ph: <0.005% As: 0.005% Al: 0.003%, Sn: 0.007% P;
<01 Fe: 0.0003% Mg: 0.01% Ni: 0.001% Ag: 0.005% Si: balance Zn. A few SSRT were performed
with 1.3 ¢m diameter. 1.5 ¢m length. cylindrical tensile test samples in aon-de-serated solutions. The
compusition of these samples was: 61.7% Cu; <0.002% AL 0.005% Pb: <0.002% Si; <0.002% Cr: 0.02%
Fe: 0.02% Ni: <0.05% Ca: <0.00053% Mn; <0.005% Ti: <0.02% V: <0.0002% Mg: 0.005% Ag and
balance Zn. No significant differences were found between the results op the wire samples and those on
the cylindrical test samples. . . : o B s

" All the samples were degreased with acetone .. vacuum annealed for 24 h at 450°C.. and water-quenched.
Prior to the experiments, the samples were chemically polished in 55% (in volume) phosphoric acid plus
20% nitric acid plus 25% acetic acid. washed with water. rinsed with alcohol and dried in hot air.

The strain rate used in the SSRT was 2 X 107" s™', and the measurements were made at room
temperature (approx. 21°C).

All the measurements were made under potentiostatic control, and the potential was controlled cither
with a Wenking ST 72 or a LYP M35 potentiostat. The measurements were made in conventional glass
three-electrode cells, with a capacity of 80 cm'. The potentials were measured through a Luggin capillary,
with a mercurous sulphate reference electrode. and are reported in the normal hwdrogen electrode (NHE)
scale. The de-aeration of the solutions was done with nitrogen. prepuritied by the Gilroy and Mavne
technique.'®
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The solutions were prepared with distilled water and Reagent Grade chemicals from Alfa Products.
Due to solubility limitations. the concentration of the solutions used was 0.2 M. When necessary. the pH
of the solution was increased by addition of a concentrated NaOH solution. The pH chosen was high
enough to obtain maximum complex stability of the Cu** ions. as expected from equations (5). (7) and (8)
for diphosphute solutions and from equations (9) and (11) for triphosphate solutions.

The solutions used were: 0.2 M Na,HPO,. pH 10.5: 0.2 M Na.HPO, + 0.05 M CuSO,.pH 10.6:0.2M
Na,P,0,, pH 10.1; 0.2 M Na,P,0; + 0.05 M CuSO,. pH 10.1: 0.2 M Na,P,0; + 0.1 M CuSO,, pH 10.0:
0.2 M Na,P;0,,. pH 10.0: 0.20 M Na.P.O\, + 0.05 M CuSO,.pHS.0.

After fracture. the corroded samples were observed under a Philips SEM 300 scanning electron
microscope. Afterwards the samples were mounted for metallographic secticning. the length of the
longest crack was measured. and from the straining time a mean crack velocity (V) was calculated.

Polarization curves were measured on the wire samples, in a conventional three-electrode glass cell.
with an 80 cm* capacity. In this case the solutions were de-acrated. and the temperature was kept at 25°C
with a Haake F3S thermostat. Quasi-potentiostatic curves were obtained by changing the potential in 20
mV steps., and recording the current after a 2 min exposure to each potential.

| EXPERIMENTAL RESULTS
Polarization curves '

Figure | shows typical quasi-stationary polarization curves for «-brass in the
following solutions: 0.2 M Na.HPO, (pH 10.5). .2 M Na,P.O- (pH 10.1) and (0.2 M
Na:P,O,, (pH 10.0). Typical corrosion potentials ( E.) in the same solutions are also
shown in Fig. 1. E, increased with the molecular weight of the solution anion. the
values found being: —0.150 V(NHE) in the Na-HPO, solution. —{. 105 V(NHE) in
the Nu,P.O- solution, and —0.075 V(NHE} in the Na:P:Oy, solution. When the
potential was increased above E . the current density showed a sharp increase.
reaching a constant value some 200 mV above the corrosion potential. The value at
which the current density was stabilized was clearly retated to the solubility of the
copper compounds formed on the metal surface. In the case of a Ni:HPO, solution.
where insoluble Cuy(PO;).-3H.O was probably formed. the maximum current
density found was around 2 X 10°% A em ™", While both in Na;P-O- and in Na:P:Oy,
solutions. where soluble cupric complexes were formed. the miting current densities
were. respectively. Sand 2.5 x 107 A em™",

o0
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‘O‘ .ros ‘bk 163 162
Current density (Azmi?)
Fii. 1. Typical quasi-stationary anodic polanization curves for u-brass in the following

de-aerated solutions: 0 0.2 M Na,HPO,. pH 10.5; & 0.2M Na,P.O;, pH 10. 1 and QO 0.2M
NucP,O,,. pH 10.0: a1 25°C. Symbols with arrows: corrosion potential values.
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Fia. 2. Effect of dissolved Cu” ions on the anodic pofarization curves of a-brass in
de-acrated pyrophosphate solutions at 25°C. A 0.2 M Na,P.O-, pH 10.1: T 02 M
NuP-O- = 005 M CuSO,. pHI0.1: 202 M Ni,P.O- + 0.1 M CuSQ,. pH 10L0. Symbols

with arrows: corrosion potential vitlues.

Figures 2 and 3 show the effect of cupric ions on the polarization curves of brass
in the above mentioned solutions. As shown in Fig. 2. the addition of 0.05 M CuSO,
to a pH 10.1. 0.2 M. Na,P.O- solution shifted the value of the corrosion potential
trom —0.105 V(NHE) up to 0.000 V(NHE): and if the CuSO, concentration was
increased to 0.1 M. the corrosion potential increased 1 0.110 V(NHE). During the
quasi-potentiostatic polarization curve measurements. in both solutions. the current
showed a sharp increase and it reached vatues above 1071 A em™ at potentials only
40 mV above the corrosion potential. The surface of the sumples showed severe
corrosion (Fig. 4). The samples were covered with brown corrosion products which,
at higher potentiais. turned into a white jellyv-like corrosion product.
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Fic. 3. Effect of dissolved Cu®* ions on the anodic polarization curves of «-brass in
de-aerated triphosphate solutions at 25°C. Q0.2 M Nu,P,0,,. pH 10.0: J0.2 M NP Oy +
(.05 M CuSO,. pH 9.0. Symbols with arrows: corrosion potential values.
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Corroded brass surface. at the end of a polarization curve measurement in a ().

Fig. 4.

solution. Dashes: [t um.

5 M CuSO;. pH 0.1,

N'd;P-O- + ().”

1Ny

.



Fi. 7. Stress corrosion cracks on a passive surface. a-Brass strained in u 0.2 M Nu,P8;
solution, pH 10.1. Potential: ~0.100 V(NHE). Strain rate: 2 x 10°°s~!. Exposure time
43 h 10 min. Dushes: 10 4m.

Fig. 8. Stress corrosion cracking plus generalized dissolution. e-Brass strained in a 0.2M
Ni,P.O; solution. pH 10.0. Potential: 0,10 V(NHE). Strain rate: 2 x 10 "s ', Exposum
ttme: 45 b M min. Dashes: 1 gem. '
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Fic. 9. Generalized corrosion on an a-brass sample strained at 0.200 V(NHE). ina0.2M
Na,P.O;. pH 10.1, solution. Strain rate: 2 x 107" s~'. Exposure time: 42 h 24 min.
" Dashes: 10 um.

Fic. 10. Intergranular stress corrosion cracking plus copper electrodeposition on an
«-brass sumple strained at 1.000 V(NHE) ina0.2M N P,O- + 0.05 M CuSO, solution., pH
10,1, Strain rate; 2 x 107"s™", Exposure time: 46 h 30 min. Dashes: 10 g4m.
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Fic. 12.  Expansion of the SCC range due to the increase in the Cu**

Intergranular stress corrosion cracking plus copper electrodeposition on
strained at 0.080 V(NHE)ina 0.2 M Na,P.O-

2 x 107*s™ !, Exposure time: 22 h 30 min. Dashes: 100 tem.

ion concentration.
an a-brass sumple
+ 0.1 M CuSO; solunon. pH 10.0. Serain rate:
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Fic. 13. Generalized dissolution plus cracking on 2 brass wire sample strainedina 0.2 M
Na,P,0; + 0.1 M CuSO,. pH 10.0, solution at 0.200 V(NHE). Strain rate: 2 x 107° s
Exposure time: 14 h 20 min. Dashes: 10um.

Fic. 14. Fracture surface of an a-brass wire strainedina 0.2 M Na,P.0O: + 0.1 M CuSO,,
pH 10.0, sotution at 0.080 V(NHE). Strain rate: 2 X 107*s~'. Exposure time: 22 h 30 mun.
Dashes: 10 um.
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When 0.05 M CuSO; was added to a 0.2 M Na:P;O,, solution (Fig. 3) the
corrosion potential of brass increased from —0.073 V(NHE) to 0.1 V(NHE). If the
brass sample. in the 0.2 M Na.P;0,, + 0.05 M CuSO,. was polarized to a potential
above the corrosion potential. active dissolution of the sample was observed. The
sample was covered with brown corrosion products. and the current reached a
maximum of 0.500 V(NHE). Above this potential. loosely adherent white jellv-like
corrosion products were observed on the samples. and at the end of the polarization
run, the surface of the samples showed generalized corrosion, with preferential
grooving along the grain boundaries.

Slow strain rate tests

Parkins' technique of constant potential slow strain rate tests was used for the
brass samples in the above phosphorus containing solutions. After fracture. the
samples were metallographically sectioned and a mean crack velocity was calculated.
No cracking was detected in the pH 10 Na.HPO, solutions after slow straining tests
between —0.10 V(NHE) and 0.40 V(NHE). Figure 5 shows the potentials tested and
the minimum crack velocities detectable through these experiments. If there was any
SCC susceptibility. at the tested conditions the cracks should have propagated at
velocities lower than 3 X 107" m s™'. The addition of 0.03 M CuSO,. which led to
insoluble cupric compounds. had no effect on the SCC susceptibility of brass in the
0.2 M. pH 10.6. Na.HPO, solution.

As shown in Fig. 6. brass suffered SCCin 0.2 M N P-O-solutions. Cracking was
detected at the corrosion potential. —0.100 V(NHE). and the crack veloaity
increased with the potential increase. up to 0.100 V(NHE). No cracking was found
in Na,P.O- solutions above 0.100 V(NHE). The specimens strained at —0.100.
—6.050 and 0.000 V(NHE). showed abundant intergranular cracking on otherwise
clean and uncorroded surfaces (Fig. 7). At 0.030 and 0.100 V(NHE) intergranular
cracking was also found (Fig. 8}. but seneralized corrosion of the surfaces was also
observed. At 0.200 V(NHE). on the other hand. generalized corrosion replaced the
SCC process. as shown in Fig. 9.
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Fic. 5. Constant potential slow strain rate experiments for a-brass in orthophosphate

solutions. 00.2 M Na.HPO;, pH 10.5; BU.2 M Na.HPO, + 0.005 M CuSO,, pH 10.6. No

crucks were observed at the end of the tests. The symbois show the minimum crack velocities

detectable under the present experimental conditions. Strain rate: 2 x 107* 57!, Approxi-
mate exposure time: S0 h.
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Fii. 6. Cruck velocity vidues measured for ee-brass strained in pyrophosphate solutions.

4 0.2 M NuyP.O-. pH 10.1: & 0.2 M Ny P.O- + 0.05 M CuSO,. pH 1102\

Na PO~ + 0.05 M NSO, pH 10,3, Strain rate: 2 % 10 “s ' A1 constant potential, the
presence of Cu® ™ jons had ne effect on crack velowity,

Figure 6 shows also the effect. on the SCC process. of the addition of 0.05 M
CuSO; to the 0.2 M Na,P.O-. To muke sure that the effects observed were oniv due
to cupric jons. and not to the sulphate jons. a test was run in 0.2 M Na,P.O- + 0.03
M Na.SO; solution. The behaviour of brass in this solution was the same asin the (0.2
M Na,P-0- solution.

In the presence of 0.05 M CuSO,. intergranular SCC was found below the
corrosion potential. .00 V(NHE). Simultancously with the cracking. copper depo-
sition was observed on the brass surface (Fig. 10). the lower the potential the heavier
the deposition. In the experiments run at potentials above the corrosion potential.
0.040, 0.080 and 0.120 V(NHE). intergranular cracking was also found. but in this
case the cracking was accompanied by generalized dissolution. The dissolution rate
was higher, the higher the potential. In all these cascs intergranular cracking was.
found. Figure 6 shows that the presence of copper ions in the Na,P,0O; solution
expanded the range of SCC susceptibility. but without changing the cracking rate.
The crack velocities found in the copper containing solutions appeared to be an
extrapolation of the values found in the absence of copper. By increasing the
potential, the crack velocity increased. up to a point where abundant dissolution was
observed. Any further increase in the potential produced an increase in the rate of
generalized dissolution. without any noticeable changes in the crack velocity.

In a separate set of experiments the effect of varying the Cu** ion concentration.
on SCC susceptibility, was studied. Figure 11 shows the mean crack velocities
measured in a 0.2 M Na,P,0; solution with two different Cu** jon concentrations.

7 0.05'M CuSO, and 0.1 M CuSO,, respectively. As shown in Fig. 11, at a given

electrode potential, a change in the Cu** ion concentration had no effect on crack
velocity. An increase of the Cu?* ion concentration caused an expansion in the range
of potentials where SCC was found, or what is the same, a shift of the potential at
which generalized dissolution replaced SCC. As a rule, below the corrosion poten-
tial. surface deposition of metallic copper took place simultaneously with cracking
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Fio. 11, Effect of Cu®™ ion concentration on the crack velocity values measured for

re-brass straned m pyrophosphate solutions, 2 0.2 M NaP-O- + .05 M CuSOL pH T LS

WO M NLPO- = 0 10 MCUSO, . pH 1000, Strain rate: 2% 10 " HArconstant potential,
the change in Cu” ™ jon concentration had no etfect on erack selocity

(Fig. 12). while above the corrosion potential, cracking took place in the presence of
gencralized dissotution of the alloy (Fig. 13). In every case. the fracture surfaces
showed tvpical intergranular SCC (Fig. 14).

Figure 13 shows the mean crack velocities found for brass strained ina 0.2 M
Nu:P:0,, solution. both alone and with the addition of 0.03 M CuSO;. As with the
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Fic. 15. Crack velocity values measured for «-brass strained in triphosphate solutions. C
0.2 M NuaP,O,,. pH 10.0: @ 0.2 M NaP,Oy + 0.05 M CuSO,. pH 9.0. Strain rate:
2% 107"s”". Atconstant potential. the presence of Cu™ ~ jons had no effect on crack velocity.
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Na P05 solutions. intergranular SCC was observed in the Na<P;O, solutions. An -
increase in the potential led to generalized corrosion. and the presence of Cu** ions
expanded the range of SCC susceptibility by increasing the potential at which
generalized dissolution started.

DISCUSSION

The present work showed that while brass isimmune to SCC in alkaline Na,HPO,
solutions, it is susceptible to SCC in both alkaline Na,P,0O, solutions and Na;P;0,,
solutions. The stress corroded samples failed by intergranular cracking, and the SCC
susceptibility was different for different electrode potentials and Cu** ion contents
of the environment. : ' '

Figures 6. 11 and 15 show that the crack velocity. for brass in tri- and pvro-
phosphate solutions. was potential-dependent up to a certain potential ( E, ). differ-
ent for each solution. above which this dependence was lost. Figures 2 and 3 show
that this limiting potential was the potential at which the anodic dissolution reached
a value of about 107" A cm™". At lower potentials. where the current demsity was

lower. the crack velocity was a function of the potential. On the other hand. at higher

potentials. where anodic dissolution was higher. the crack velocity became potential
independent. It is also concluded. from Figs 6. 11 and 15 that. at constant potential.
the presence of Cu*~ ions had no effect on the crack velocity. but it expanded the
region of potentials where SCC was found.

Turnbull'” showed that the potential drop in cracks and crevices, at the corrosion
potential. was zero and could increase with the polarization of the sample. At the
corrosion potential, the external potential and the potential at the tup of the crack
were equal. If the sample was cathodicaily polarized the IR drop increase was usually
small. and there was Littls difference between the external potential and that at the
tip of the crack. On the other hand. when the sample was anodically poliarized.
leading to the anodic dissolution of the sampie. the IR drop showed a sharp increase,
and a potential was eventually reached at which further changes in the applied
potential had no effect on the potential at the tip of the crack.

The results of the present work. combined with the observations of Turnbull. led
to the conclusion that the crack velocity was a function of the potential at the tip of
the crack. and that it was affected by the external potential only when those changes
were followed by equivalent changes at the tip of the crack.

These observations explain the role of Cu** ions on the SCC of brass. The
addition of Cu** ions to the Na,P,O, solution and the Na:P;0,, solution. produced
an increase in the corrosion potential. On the other hand. at a given potential, below
E| . the presence of Cu** ions in the solution had no effect on the crack propagation
rate. From the work of Turnbull," it was concluded that the only role of Ce** ions
was to allow higher potential values at the tip of the crack.

Whatever the process, at an atomic level, at the tip of the crack the above

_observation showed that the process was accelerated by anodic polarization. The .

simplest explanation seemed to be that anodic dissolution was taking place at the tip
of the crack. Nevertheless. this explanation had to be dismissed because of the
independence of crack velocity from the Cu®* ion concentration, and because crack
propagation was found below the corrosion potential, under conditions where
cathodic deposition of copper was taking place.

Another explanation taken into consideration was the surface mobility SCC

95



mechanism proposed by Galvele. The melting point of the various copper-
phosphate compounds was not available. but by comparison with equivalent silver
compounds." it seemed reasonable to expect that cupric orthophosphate had 1 high
melting point, whiie cupric tri- and pvro-phosphates had low melting points.
Consequently, as experimentaily found. no SCC had to be expected for brass in
alkaline Na,HPO, solutions, while SCC susceptibility was to be expected both in
NayP;0 solutions and in Na,P,O; solutions.

As for the effect of the electrode potential on crack velocity, two alternative
explanations should be considered. It has been reported that surface diffusion. and
hence crack velocity, are a function of the surface coverage of the low melting point
compound.'® In aqueous environments. where the low melting point compound is
usually formed by anodic reaction of the metal with the environment. an increase in
the potential should lead to an increase in coverage. and in consequence an increase
in crack velocity. On the other hand. the surface mobility mechanism for SCC"
assumes that crack propagation takes place by emission of adatoms from the tip of
the crack. These adatoms should be similar to those produced in the underpotential
deposition of metals. The literature in this field" mentions that these adatoms are
partly ionized. If this was the case in SCC. the production of those partly ionized
adatoms would involve a charge transter process. and should be favored by anodic
polarization. Further experiments will be necessary to test the validity of these two
alternatives.

CONCLUSIONS

(1) «-Brass is immune (O SCC in alkaline Na;HPO.; solutions. while 1t 15
susceptible to SCCin atkaline NasP.Q,, and Nu,P.O- solutions.

(2) All the fracture surfaces show intergranular cracks.

(3) The presence of CuS- ions in the corrosive environment expand the range of
potentials where SCC s observed.

(4) At a given potential. the crack velocity is independent of the Cu"~ concen-
tration of the corrosive solution.

(5) The Cu’™ ions. when present in the solution. cause an increase in the
corrosion potential. Since the IR drop in the cracks is zero at the corrosion
potential.” the result is that the electrode potential attainable at the tip of the crack
is higher in the presence of the Cu’~ ions. than in their absence.

(6) The present results are better explained by the surface mobility SCC
mechanism" than by a mechanism based on anodic dissolution.
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SHORT COMMUNICATION

EMBRITTLEMENT OF COPPER BY THE SURFACE MOBILITY MECHANISM
G. L. BIANCHI and J. R. GALVELE*

Departamento Materiales, Comision Nacional de Energia Atdmica,
Avda. Libertador 8250, Buenos Aires (1429), Argentina.

_Abstract - Experimental evidence supporting the surface mobility mechanism

for embrittlement of metals was found. Embrittlement of high purity copper was
' observed during slow strain rate tests in argon contaminaced with CuCl, at 200°
C. As reported in the literature such envirounment substantially increases the
surface self-diffusivity of copper.

. A . 1,2 . .

According to the surface mobility mechanism, stress corrosion cracking,
liquid metal embrittlement and hydrogen embrittlement of non-hydride forming

metals have, at an atomic level at the tip of the crack, a common mechanism.

The surface mobility mechanism sustains that crack propagation is due to the

Scc—¢

capture of vacancies by the stressed lattice, at the tip of the crack., The rate
- controlling step is the rate of movement of vacancies or adatoms along the

surface of the crack. The effect of the environment is to change the surface

self-diffusivity of the metal or alloy. The surface mobility mechanism2 predicts
that embrittlement should be observed on tensile stressed metals, at tempera-
tures below 0.5 T { T, being the melting point of the metral, in K ), and in
environmental conditions that allow high surface mobility.

The aim of the present work is to test the above prediction. Delamare and

Rhead3 studied the surface self-diffusion of high purity copper in the presence
of various surface contaminants. They exposed copper samples under conditions

where only one monolayer of the surface contaminant was deposited on the metal,

[ S

To this purpose the contamination of the metal was produced just by the vapour
pressure of the contaminating salt present in the same furnace ( Fig. 1 ).
Delamare and Rhead found that if in the furnace, the argon atmosphere was
contaminated with CuCl, the surface self-diffusivity of copper increases by
about four orders of magnitude. The surface mobility mechanism predicts

embrittlement of copper, if stressed in argon contaminated with CuCl, at

Manuscript received 9 April 1987.
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PIG. 1. Expcrincntil. method used by Delasare and !huds- ,

for measuring surface self-diffusivity of copper
in the presence of various contaminants.

temperacurés below 0.5 Ty
Figure 2 shows the experimental technique used in the preseat work. Circular
section tensile test pieces of 99.999 X copper were slowly strained at 2.3 x

10-6 s_l, at 200°C, both in pure argon and in argon contaminated with CuCl. The

CuCl used was purified by the same method applied by Delamare and Rhead.3

Copper samples strained in pure argon, at 200°C, failed with a reduction in area
| of 75 to 78 Z. Observed under the scanning electron microscope, the fracture

surfaces showed dimples typical of a ductile failure. The surface of the samples

showed severe plastic deformation. There was no evidence of any type of cracking
on the strained samples.
The straining experiments were repeated in a furnace where crystals of pure CuCl

were present. In this case the copper samples were exposed to argon contaminated

L] T -
A .
L ] L ]
L J -
[ ] L]
. Cu . FIG. 2. Slow strain rate experiments with
. . high purity copper in argon
contaminated with CuCl vapour,
¢ 1 ¢ at constant temperature.
. Ar |{«
bl D
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3. Intergranular cracks on 99.999 I copper strained
in argon contaminated with CuCl vapour. Temperature:
200°C. Strain rate: 2.3 x 106 s-1. Dashes: 10 ym.
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Embrittiement of copper 635

with CuCl vapour. The vapour pressure of the contaminant was that of

4.3 These

equilibrium at 200°C. A rough estimate of its value would be 10-&mm Hg.
copper samples failed after a shorter exposure time, and the reduction in area
observed in these experiments was only between 55 and 59 %. Intergranular cracks
were observed on the fracture surface, and abundant cracking was found on the
surface of the strained samples. Figure ] shows the surface of a copper sample
strajined in argon contaminated with CuCl. The cracks observed were mainly
intergranular, but incipient transgranular cracks were frequently found.
The lb;ence of cracks in the samples strained in pﬁre argon indicates that
proce#ses like creep cracking were absent at the experimental conditions used
in the present work. Cracks like those in Figure J are the result of the action
of the environment, i.e.: the presence of CuCl vapour. From the work of
Delamare and Rhead,3 such a change in the environment is known to induce a
very high increment in the surface mobility of copper. As expected from the
surface mobility mechanism for embrittlement of metals, pure copper showed
embrittlement in such environment.
Unless the presence of CuCl vapour in argon, at 200°C, has an effecr on copper
other than that described by Delamare and Rhead,3 the conclusion of the
present work is that the surface mobility mechanism is valid as a metal
embrittlement mechanism, and that it could be used to predict the embrittlement
susceptibility of metals and alloys in various environments.
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Nacional de Investigaciones Cientfficas y Té&cnicas, Argentina.
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EXPERIMENTAL CONFIRMATION OF THE SURFACE
MOBILITY-STRESS CORROSION CRACKING MECHAN-
ISM: Ag-15Pd, Ag-15Au AND Ag- 30Cd ALLOYS IN HALIDE
AND SULPHATE CONTAINING SOLUTIONS

G. S. Durr6 and J. R. GALVELE

Comisién Nacional de Energfa Atémica, Departamento Materiales, Avda. del Libertador 8250, Buenos
Aires-1429, Argentina

Abstract-—The stress corrosion cmckmg susceptibility of Ag-15Pd and Ag-15Au alloys was studiedin I M
K(Cl, KBr, KI and Na,SO, solutions. These studies were complemented with measurements on an
Ag-30Cd alloy in 1 M KCIl, HCl and 10% FeCl, solutions, where c~ly de-alloying was detected; and on an
Ag-15Pd alloy in iodine-saturated organic solvents, where crack velocities similar to those in a 1 M KI
solution were measured. The predictions of the surface mobility-SCC mechanism were supported by the
present experimental results. De-alloying was found to be either a parallel or a competing process rather
than the cause of SCC since de-alloying is dependent on surface mobility.

INTRODUCTION

ACCORDING to the surface mobility-SCC mechanism,! environmentally induced
crack propagation is due to the capture of vacancies by the stressed lattice, at the tip of
the crack. The rate controlling step is the rate of movement of adatoms along the
surface of the crack, and the role of the environment is to change the surface self-
diffusivity of the metal or alloy. This mechanism predicts environmental embrittie-
ment on tensile stressed metals, at temperatures below 0.5 T, (T, being the melting
point of the metal, in K), and in environmental conditions that allow high surface
mobility.

Correlations between the predictions of this mechamsm and the avallable stress
corrosion cracking (SCC) information have already been pointed out.! Experimental
evidence supporting this mechanism has been reported in four recent publications.
Bianchi and Galvele? found embrittlement of high purity copper in argon contami-
nated with CuCl, at 200°C, where high surface mobility had previously been
measured.? Duffé and Galvele* reported the SCC of Ag-Pd and Ag—Au alloys at
electrochemical potentials at which low melting point compounds were formed on
the alloy surface. By means of this mechanism Manfredi, Maier and Galvele® were
able to explain the potential-dependent transition from intergranular to transgranu’
lar SCC on AISI 304 in MgCl, solutions. Furthermore, Duff6, Maier and Galvele®
reported that the dependence on temperature of SCC for AISI 304 stainless steel in
LiCl solutions was equal to that predicted by the surface mobility mechanism.

When developing the surface mobility-SCC mechanism,! it was pointed out that
silver alloys were of high academic interest because of the high number of low melting
point compounds to be found in silver. Many of these compounds belong to the

Manuscript received 26 January 1989.
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Ag/AgCl reference electrode family, so that abundant literature is available on their
electrochemical behaviour.” The fact that these silver compounds are sparingly
soluble is an additional advantage, because their presence on the corroded surfaces
can be confirmed by ex situ surface analysis.

The SCC susceptibility of silver alloys is well documented in the literature &1
‘Unfortunately, to our present interest, the number of environments tested is limited,
and no crack velocities have been available.

The electrochemical behaviour of silver alloys has received wide attention in the
last few years, either because of the mechanistic interests in the de-alloying processes
or because of the possible practical applications of some of the silver alloys in
dentistry. 418 .'

. In the present work Ag-15Pd, Ag-15Au and Ag-30Cd alloys were studied in
various environments. It was found that the predictions of the surface mobility-SCC
mechanism,' were supported by the present experimental results, and it was also
found that de-alloying could either be a parallel or a competing process rather than
the cause for SCC, because of its dependence on surface mobility.

EXPERIMENTAL METHOD

The samples used were 0.08 cm diameter wires of Ag-15Pd (at. %), Ag-15Au (a/o), and Ag-30Cd
(a/0}. The chemical composition of the alloys is given in Table 1.

The specimens of both Ag-15Pd and Ag-15Au were etched for a few seconds in conc. HNO, solution,
degreased with acetone, annealed for 1 h in argon at 800°C and air cooled. Prior to the measurement the
surface of the samples was cleaned by immersion in 50% HNO,, rinsed with both distitled water and
acetone, and dried with hot air. The wires of Ag-30Cd were degreased with acetone, annealed for | h in
argon at 600°C and air cooled. Previous to the measurements, the Ag—Cd specimens were degreased with
acetone and dried with hot air. -

Most of the work is based on constant potential slow strain rate tests (SSRT). The celi used was
described in a previous paper.'® The solutions used were 1 M KCl, KBr, KI and Na,SO,. They were
prepared with analytical grade reagents and bi-distilled water. A few experiments were performed with the
Ag-Cd alloy in 1 M HC], 1 M KC! and in 10% FeCl, solutions. The electrode potentials were measured
through a Luggin capillary with a saturated calomel ¢lectrode for the KCI, HCl and FeCl, soiutions, and a

TasLE 1.  CHEMICAL COMPOSITION (1N W/0) OF THE ALLOYS USED IN THE PRESENT WORK

¥

Ag-30Cd Ag-15Pd Ag-15Au

Cd 204 <0.05 ND
Al <0.002 <0.002 0.002/0.05
Pb 0.005/0.02 T <0.005 ND
Fe <0.002 0.002/0.005 Co ~0.02
Mg <0.0002 . <0,0002 ‘ ~0.0005
Cu 0.050.2 ~0.05 0.05/0.2
Pd ND 15.6 ND
Ir ND <000 . . .. . ND .. ..

. IR NETRSAETIY . | b I XA L R ,'-'-<'0.01 [ ’ ND
Au ND 0.0030.01 24
Sn ND ND <0.005
Cr ND ND <0.002
Ni ND ND ' <0.005
Ag balance balance balance

ND: Not detected.
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mercurous suiphate electrode for the other solutions. All the potentials are reported in the normat
hydrogen electrode (NHE) scale. All the experiments were performed at room temperature.

A few slow strain rate experiments were performed in toluene and benzene saturated with iodine, all of
them analytical grade reagents.

The intermediate strain rate technique (ISRT)? for electrochemical prediction of SCC susceptibility
was tested on Ag-15Pd samples strained in a 1 M KCl solution. The strain rates used were 1.6 X 1072 and
2.2 X 10~3s~L, The current changes during straining were recorded, and the current density on the freshly
exposed metal was calculated. With this value, and by applying Faraday’s law, a crack propagation rate
(c.p.r.) was calculated. The details of this technique were described in a previous publication.?

A LYP Electronica potentiostat and millivoltmeter and a Taccusel EPL2-20G recorder were used for
the present work. The solutions were de-aerated in a scrubber connected to the cell. Nitrogen, pre-purified
according to the Gilroy and Mayne method,? was bubbied through the solution and the cell, and after a
60-min de-aeration period, the solution was introduced into the cell. Afterwards, the specimen was
allowed to reach a steady potential for 15 min. Then the chosen potential was applied to the static sample
for 15 min while the current was being recorded, and finally the wire was strained to fracture at the desired
strain rate. The cell was coupled to the moving grip of the straining machine through a pulley to prevent any
new metal surface entering the cell during the stretching of the wires. During the slow strain rate tests an
initial strain rate of 2.6 x 10~%s~! was used, except for the Ag~30Cd alloy, for which a strain rate of 1 x
107 s~ ! was used.

After fracture, the specimens were observed under a scanning electron microscope (Philips SEM 500}
and then metallographically mounted and sectioned in order to measure the crack depth. From the length
of the longest crack and the straining time, a mean c.p.r. was calculated.

The anodic polarization curves were measured potentiokinetically starting from a potential 50 mV
jower than the corrosion potential and at a potential scanning rate of 0.5 mV s”'. Before starting the
measurements, the samples were allowed to reach a stationary potential by exposition to the solution for I
h at open circuit potential, under a stream of purified nitrogen. These measurements were performed with
a PARC 173 potentiostat with a PARC 175 potential scanner and recorded with a2 Houston Instrument-XY
recorder. A conventional three electrode glass cetl with a capacity of 80 cm> was used.

. EXPERIMENTAL RESULTS
Polarization curves

Anodic polarization curves were measured for Ag-15Pd in the KCI, KBr, Kl and
Na,SO, solutions. Figure 1 shows the anodic polarization curve for the Ag-15Pd
alloy in a 1 M KCl solution. For the sake of comparison the polarization curve for pure
(99.99%) silver, is also included.

As reported by other authors,'° the presence of palladium in silver caused a slight
increase in the corrosion potential of the alloy (Fig. 1). The shift in the corrosion
potential was a function of the halide present in the solution. In the chloride
containing solution the shift was 0.05 V, while in the bromide containing solution it
was 0.11 V and in the iodide solution 0.17 V.

Above the corrosion potential, the polarization curve showed a current maxi-
mum, followed by a low current region and finally a current increase was observed,
leading to current density values close to those of pure silver.

The behaviour of Ag-15Pd in a 1 M KCl solution was studied by analysis of both
the surface products and the solution. Samples of Ag-15Pd were exposed for 22 h, at
.. constant potential, in a 1 M KClI solution. The potentials chosen were 0.4 and 0.6
V(NHE), the first in the pseudo-passive region, and the second after the second
current increase. At the end of the experiments Auger-surface-analyses of the
samples were performed and the solutions were chemically analysed. After the
exposure at 0.4 V(NHE) no Pd was detectable in the solution, while by Auger
analysis surface enrichment of Pd was observed. At0.6 V(NHE), on the other hand,
dissolved Pd was detected in the solution, and the amount of Pd found indicated a
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FiG.1. Anodic polarization curves of Ag-15Pd and Ag99.99% in 1 M KClsolution. A: Ag
99.99. O: Ag-15Pd.

quasi-stoichiometric dissolution of the alloy. Simultaneous dissolution ofsitver and
palladium was taking place at this potential. These results are coincident sith those
reported by Rambert and Landolt' for Ag-Pd alloys in a 12 M LiCl solution.

The first part of the polarization curve, with surface accumulation ofPd, is a
typical region (a), according to Pickering’s classification of alloy pdlarization
curves.? The current increase observed at higher potentials was probably enhanced
by a reaction of the type:

Pd + 4 CI™ = (PdCL)*™ + 2e

and silver and palladium were simultaneously dissolved, i.e. Pickering’s region (c).
According to the same author, the combination of region (a) plus region (cjleads to
Type II polarization curves. As shown below, Type I polarization curves, ie. region
() plus region (b) (selective dissolution) were found for Ag-30Cd and for Ap-15Au,
both in a 1 M KCl solution. .

By increasing the potential the anodic current increased up to a second plateau
where the control was due to the transport of ions across the silver halide filmeovering
the electrode.® This type of behaviour was found in all the three halide solutions
tested.

The shape of the polarization curves in sulphate solution was different fiom that
found in the halide solutions. In a Na,SO, solution (Fig. 2), the current density above
the corrosion potential remained low for a wide potential span, without the presence
of current peaks, and afterwards showed a current increase, but not as sharp as in
halide solutions.

Figure 3 shows a typical polarization curve for Ag-15Au in a 1 M KCl slution.
According to Rambert and Landolt’s work,'® the transition from selegtive to
simultaneous dissolution occurs at 10% of noble metal for Ag-Pd alloys and at abave
20% for Ag-~Au alloys. Then the current breakdown in Fig. 3 is due to the seective
dissolution of Ag, region (b) in Pickering’s classification.
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Fic. 2. Anodic polarization curves of Ag-15Pd and Ag 99.99% in | M Na, SO, solution.
A Ag99.99. O: Ag-15Pd.

The polarization curves for Ag-30Cd, in all the solutions tested in the present
work, are very similar to those for pure silver. Surface analyses of the corroded
samples showed selective dissolution of Cd. This selective dissolution was particu-
larly severe on the strained specimens, as described below.

Slow strain rate tests: Ag-15Pd alloy in agueous solutions

Wire samples of Ag-15Pd alloy were strained to rupture, at constant potentiai and
with an initial strain rate of 2.6 x 107%s~!, in 1 M KCl, KBr, KI and Na,SO,

Current density/(A7em™2)
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Fic.3. Anodicpolarization curves of Ag-15Au and Ag99.99% in 1 M KClsolution. A:Ag
99.99. O: Ag-15Au.
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Fic. 4. Crack propagation rate as a function of the electrode potential for Ag-15Pd wires
- strained in various solutions A: 1 MKI; O: IMKBr; O: 1 M KCl; V: 1 M NaySO,. Strain
rate 2.6 x 107° 5™, E;: formation potential for the respective silver compound. NF: no

' cracks detectable after the straining test.

solutions. Stress corrosion cracking was found in all the solutions tested. The crack
velocities measured are shown in Fig. 4. The crack velocity was a function of the
potential, and decreased with the potential of the sample, as this approached the
formation potential of the respective silver compound (E, agaga = 0.222 V,
Eo Ag/AgBr = 0.087V, Eo Ag/Agl = -0.150V and E) Ag/Ag:SO, = 0.653 V). Nocra(:king
was detectable below this potential. When the potential was increased above E the
crack velocity increased, reaching its maximum value at an overpotentialofca 0.2 V
above E,,. Above this potential the crack velocity remained practically comstant.

The fracture surfaces showed typical intergranular cracking, as shown in Fig.5.In
a few fractographs traces of an apparently incipient transgranular cracking were
detected, but the identification was not conclusive. The fracture surfaces and the
surface of the strained wires showed a granular deposit, as shown in Fig. 5. EDAX
analysis identified these corrosion products as the respective silver halide or silver
sulphate. The density of the coverage of the metal surface by these corrosion deposits
was a function of the potential. While at low overpotentials only few isolated crystals
of the silver compound were detectable, at high overpotentials the surface of the
samples was fully covered by them.

The wires strained at high overpotentials showed extensive cracking and practi-
cally no reduction in area. The maximum crack velocities measured ranged from 5.9
X 107* m s for the 1 M Na,SO, solution up 10 7.9 X 10" m s~ for the 1 M KCl
solution. Asshownin Fig. 4, the maximum crack velocities measured were afunction
of the environment, and the velocities decreased in the following order: 1 MKCl > 1
MKBr>1MKI > 1 M Na,SO,. '
Slow strain rate tests: Ag-15Au alloy in aqueous solutions

Since palladium is known to form stable hydrides?® which could eventuallylead to
the embrittlement of the Ag-Pd alloy, a separate set of experiments was performed
on Ag-15Au wires. The aim of these experiments was to make sure that the above
results were not due to a specific action of palladium in the silver alloy.

o



Fic. 5. Typical exampie of the intergranular fracture surfaces found in the present work.
Ag-15Pd wire strained at constant potential in 1 M KCl solution. Strain rate: 2.6 X 107°s7".
Potential: 0.6 V(NHE). Dashes = 1 um.
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FiG. 7. Typical fracture surface of Ag-30Cd wire strained, at constant potential, in i M
HCI solution. Cracks are limited to the de-alloyed porous sitver layer. Potential 0.770
V(NHE). Strain rate: | x 10~%s~!_ Dashes: 100 am.
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Fic. 6. Comparison of crack propagation rates as a function of the electrode potential for
Ag-15Pd (O) and for Ag-15Au (V) wires strained in 1 M KCl solution. Strain rate 2.6 X
107%s~ 1

Slow strain rate tests were performed with Ag-15Au wiresina 1 M KClsolution at
various potentials. As shown in Fig. 6, the crack velocities observed for Ag-15Au
were very similar to those found for Ag-15Pd at the same electrode potential and in
the same solution. In separate experiments® crack velocities measured with Ag-
15Au in various environments. and at various strain rates. were very similar to those
found for Ag-15Pd. The fractured Ag-15Au samples showed the same intergranular
cracking and an accumulation of silver compounds equivalent to that found with the
Ag-15Pd alloy. '

Slow strain rate tests: Ag-15Pd alloy in non-aqueous solutions

It could be argued that due to the use of aqueous solutions the SCC reported
above for Ag-15Pd could be due either to a specific action of the water molecules, or
to the entrance of hydrogen into the alloy. To test this possibility a few slow strain rate
experiments were performed in non-aqueous solutions.

As a result of the action of the environment, the surface mobility-SCC mechan-
ism requires a low melting point compound to be formed on the metal surface. There
is no limitation to the way this compound is formed. It could be formed in a gaseous
environment, as reported by Bianchi and Galvele,? in an aqueous solution with the
compounds formed by an electrochemical reaction as shown above, or in non-
aqueous solutions, provided the surface compounds are formed by a chemical
reaction.

“Evans®®has shown that silver iodide films grow when silver metal is exposed to the
action of iodine dissolved in chloroform. In the present work, toluene and benzene
were preferred to the chloride-containing solvent used by Evans. When wires of Ag-
15Pd were strained at 2.6 x 10~%s™ ! in pure toluene orin pure benzene, straining was
interrupted after 30 h, without traces of cracking. On the other hand, when the Ag~
15Pd wires were strained in iodine saturated toluene (approx. 0.14 M I;) or in iodine

/10
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saturated benzene (approx. 0.47 M ) the wires broke in less than 2 h straining, ang
intergranular SCC was found. The corroded samples showed crystals of corrosion
products on the surface, which by EDAX analysis were shown to be Agl. The crack
velocities found were 7 X 10 ~3m s ~!in the iodine saturated toluene,and 6 x 10 ~8m
s~ ! in the iodine saturated benzene. As shown in Fig. 4, the c.p.r. values found in the
non-aqueous solutions were very close to the maximum c.p.r. found in an aqueous 1

M KI solution.

Slow strain rate tests: Ag-30Cd alloy ' ,

Samples of Ag-30Cd alloy were strained in 1 M KCl, 1 M HCI solutions, at
- constant potential, and in 10% FeCl, solution, at open circuit potential, with an initial
strain rate of 1 X 10~°s™", Contrary to what was expected from the literature, 3912 no
stress corrosion cracking was found for Ag-30Cd in the above mentioned solutions.
As shown in Fig. 7, severe de-alloying was observed, and any cracks found were
restricted to the de-alloyed region, which, as shown by microprobe analysis,
consisted of a thick porous layer of silver. Previous workers must have mistaken the
cracks of the de-alloyed layer as stress corrosion cracks.

As shown in Fig. 8, the de-alloying rate, for the Ag-30Cd straining wires, was a
function of the potential. It started, asit was the case with SCC, above the equilibrium
potential for AgCl formation, and increased with the potential, the de-alloyed front
propagation rate being about two orders of magnitude lower than the crack velocity
measured for Ag-15Pd under the same experimental conditions. Most probably, as
shown by Polan, Popplewell and Pryor,? for Cu-Zn alloys, the straining of the wires
accelerated the de-alloying process.

Intermediate strain rate tests: Ag—lSPd.in a 1 M KCl solution
The ISRT was found to be very useful in the prediction of SCC susceptibility when
anodic dissolution was supposed to be the rate controlling step. 2 In the present work
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F1G.8. The rate of de-alloying, under constant potential and slow strain rate, for Ag-30Cd
wires strained in 1 M HCI (O) and in 1 M KC1 (A) solutions. Strain rate: 1 x 107¢ s~ E,:
. o formation potential for AgCl.
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F16.9. Crack propagation rates predicted by the Intermediate Strain Rate Technique, for
Ag~15Pd in 1 M KCl solution. Strain rates used: A: 1.6 X 10~25~': 0: 2.2 x 10~3 s~ E:
: : formation potential for AgCl.

it was applied on Ag-15Pd samples strained in a 1 M KCl solution. The strain rates
used were 1.6 X 107*s™' and 2.2 x 10~>s~". Figure 9 shows the crack propagation
rates predicted by this technique.

Figure 10 shows a comparison between the ISRT predicted values and those
measured by the SSRT. While for the maximum c.p.r. values coincidence is found
- between prediction and measurc...ent, a gross deviation is found at lower potentials.
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F16.10. Comparison between c.p.r. values predicted by ISRT (—) and those measured by
SSRT (O). Ag-15Pdin 1 M KCl solution. Ey: formation potential for AgCl. No satisfactory
correlation is found between the predicted and the measured values.
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At these potentials the ISRT grossly underestimates the c.p.r. values. A similar-
discrepancy was recently reported for the intergranular SCC of stainless steels in
MgCl, solutions.® As was the case with austenitic stainless steel, it was concluded that
anodic dissolution does not give an appropriate account of the intergranular SCC of
Ag-15Pd in a 1 M KCl solution.

DISCUSSION AND CONCLUSIONS

SCCis frequently associated with de-alloying??® and since the alloys tested in the
present work showed different types of dissolution behaviour, to check how such a
behaviour correlates with SCC susceptibility would be useful.

Some authors have associated selective dissolution, region (b), with the occur-
rence of SCC.Z Figure 11 shows the correlation between the c.p.r. and the
polarization curve for Ag-15Pd alloy in 1 M KCl solution. The c.p.r. is observed to
start increasing as soon as the electrode potential surpasses the formation potential of
AgCl, and it keeps increasing up to a maximum value of about 0.6 V(NHE). This -
range of potentials encompasses the region (a) of Pd surface enrichment, and the )
region (c) of simuitaneous Ag-Pd dissolution. From Fig. 11 there is no indication that
the SCC process was affected by this change in the alloy dissolution behaviour. It
seems that the presence of palladium on the alloy surface had no effect on the C.p.r.
Most probably it favoured the SCC process by reducing the anodic reactionin region
(a). A strong anodic reaction in this region, as it is the case with pure silver (Fig. 1),
would compete with the SCC process by blunting the cracks.

A similar conclusion should be drawn for Ag-15Au in a 1 M KCl soiution, as
shown in Fig. 12. In this case, as mentioned above, selective dissolution is present,
region (b). Nevertheless, SCC was found at potentials lower than the breakdown
potential. In the present case we are dealing with intergranular SCC, but a similar
observation of SCC below the breakdown potential was reported by Lichter er al.*

cpr./(m/s C.a/(A/cm"2)
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Fic. 11. Correlation between the crack propagation rate (O) and the polarization carve
{—) for Ag-15Pd alloy in 1 M KCl solution. SCC was found before the current increase due
: to simultaneous dissolution (Pickering’s region ¢).
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Fic. 12. Correlation between the crack propagation rate (O) and the polarization curve
{—) for Ag-15Au alloy in 1 M KCl solution. SCC was found before the current increase due
to selective dissolution (Pickering's region b).

for transgranular SCC in Cu-Au alloys. As for Ag-30Cd in a 1 M KCl solution, even
though region (b) was present, no SCC was detected in that region.

From the computer modelling of the de-alloying process, made by Sieradzki e
al > it is evident that surface diffusion is an important step in this process. As
predicted by the surface diffusion-SCC model,' the solutions used in the present
work are those that would give maximum surface mobility to the alloy. If surface
mobility is a necessary condition for de-alloying and for SCC, it should be concluded
that both will be present either as parallel or as competing processes. From the above
results it is concluded that when the enhanced surface mobility is induced for the less
noble metal, as it was the case with Ag-15Pd and Ag-15Au alioys, SCC should be
expected. On the other hand, if the enhanced surface mobility is induced for the more
noble metal, as it was the case with Ag-30Cd alloy, only de-alloying will be found. In
this case de-alloying will compete with SCC.

Let us see now how the results of the present work fit with the predictions of the
. surface mobility-SCC mechanism.' From a qualitative point of view the predictions
of this mechanism have been satisfied. As shown in Fig. 4, SCC was found only under
those electrochemical conditions where low melting point surface compounds,
leading to high surface mobility, were formed on the alloy surface. In the case of silver
alloys, SCC susceptibility was not a specific property of the alloying element, since it
was found in alloys with Pd and with Au. When the alloying metal was less noble than
silver, as it was the case with Ag-30Cd, no SCC was found because of the competing
action of the de-alloying process.

The importance of the surface compound was shown by the use of iodine-
containing non-aqueous solutions. Provided the low melting point compound was
present on the alloy surface, no matter how it was produced, SCC took place.

For the demonstration of the validity of the surface mobility-SCC mechanism,
the predictions should also be fulfilled at a quantitative level. According to the
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surface mobility-SCC mechanism,' the crack propagation rate is given by the
following equation:

c.p.r. = %[exp (%'T:) —1] | Y

where Dy(m? s™") is the surface self-diffusion coefficient; L is the diffusion path,
typically 107® m; a is the atomic diameter, in m, o the maximum stress at the tip of the
crack,in Nm™2, k the Boltzman constant, in JK~!, and T the absolute temsperature,
in K. The D, values were estimated with the following equation, based on the
publications both of Gjostein®! and of Rhead: 33

D,=7.4x10"%exp - (30T,/RT) + 1.4 x 10~¢ exp — (13T,/RD) )

where R is the gas constant (R = 1.987 cal mole ~! K~), T the absolute temperature
and T, the melting point of the surface compound, both in K.

In the present work all the C.p.r. measurements were performed at a very low
strainrate: 2.6 X 10~°s~". Atthe same time, the c.p.r. values found were usually very
high. This combination of factors led to fractured samples with aimost negligible
plastic deformation. Consequently it was considered adequate to take forothe value
9.2 = 62.4 MPa measured for the Ag-15Pd samples. The value taken for the atomic
size was that for silver a = 2.88 X 10~%m. As for the D, values induced byeachsilver
compound, the following melting points were used in eq. (2): AgBr: 432°C; AgCl:
455°C; Agl: 558°C and Ag,SO,: 652°C.

From the above values and eqs (1) and (2), the c.p.r. values predicted by the
surface mobility-SCC mechanism," were calculated and they are shown in Fig. 13,
where they are compared with the maximum C.p.r. values measured in the present
work. :
Asshown in Fig. 13, the surface mobility~SCC mechanism predicts quantitatively
the c.p.r. values for Ag-15Pdin 1 MKI and 1 M Na,SO, solutions. For 1 MKCland 1
M KBr solutions, where higher C.p.r. values were expected, the system seems to have
reached a saturation limit. This saturation value is easily explained when the
electrochemical reactions taking place inside the cracks are taken into acoount,

As shown in Fig. 4, and as reported in a previous publication,* SCC is found, in
each of the environments tested, only above the formation potential of the respective

sitver compound. This shows that the presence of those low melting point silver o

compounds is a necessary condition for SCC to occur. Those compounds, inaqueous
solutions are formed by the following reaction:

nAg + X"~ = Ag. X +ne~. 3)

Since these compounds must be present at the tip of the crack, two processes must
take place inside the cracks. The first one, as indicated by eq. (3), is a charge transfer
reaction, that will start at the equilibrium potential, E,, and will become faster as the
positive overpotential gets h
migration, of the X"~ ions from the bulk solution to the site inside the crack where the
charge transfer reaction is takin g place. Thissite is not necessarily the tip of the crack.
It most probably is a few atomic distances away, since the Ag.X compoundcan move
along the crack by surface diffusion. '

The surface mobility-SCC mechanism, ' requires at least a monolayer of Ag, X to

be present at the tip of the crack. In aqueous solutions the formation of such a

b :
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FiG. 13. C.p.r. as a function of the surface compound melting point for silver alloys. o =

- 62.4 MPa. Temperature = 25°C. Comparison between the values predicted by the surface

mobility-SCC mechanism! (—) and the maximum C.p.r. values measured for Ag~15Pd alloy

inIMKCI,IMKBr,1MKland 1 M Na, SO, solutions (). The measured vaiues follow the

predicted values up to the point where diffusion overvoltage becomes the rate controlling
step.

monolayer involves the circulation of an anodic current and the transport of X"~ ions
along the crack. As the crack propagates, it generates some new metal surface to be
covered by the Ag,X monolayer. The higher the c.p.r. the higher the current and the
faster the transport of ions required. From electrochemical kinetics>* it is well known
that processes of this type cannot increase without limit, because the diffusion
overvoltage becomes the rate controlling step. In other words, in aqueous solutions,
the c.p.r. in Fig. 13 will follow the theoretical values only up to alimit above which the
process will become limited by diffusion overvoltage.
The equation for diffusion overvoltage is:>

RT i
= — -— 4
n=— In (1 ‘_d) 4)
where iy is the limiting current, which is given by the following equation:
. Z,\ FD,C
g = —Za(l + -2?:)_(5——2’ (5)

Z, being the charge of the anion and Z,, that for the cation. It was assumed that Z, =
~1; and that|Z,/Z,| is equal to 1. In the present calculations # = 1 and the following
conservative assumptions were made to correlate the value of i with that of the c.p.r.
It was assumed that only a2 monolayer of Ag,X was being formed. Figure 5 showed
that thicker layers were formed on the crack surfaces, and hence higher i values were
involved. The other conservative assumption made was that 8 = 0.01 cm. This is the
thickness of the diffusion layer in a stagnant solution, and in the present case it is
assumed that this value involves this diffusion layer plus the depth of the crack. Other
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Fic. 14. Maximum crack velocity allowed by diffusion overvoltage (—) compared with the
¢.p.r. values measured for Ag-15Pd alloy in 1 M KBr solution (0). It is shown that the
maximum c.p.r. measured is limited by the diffusion overvoltage.

values considered were: D, = 107° m*> s™! and C, = 1 M. With these values the
maximum c.p.r. allowed by diffusion plus migration of X"~ ions was calculated, and
is shown in Fig. 14, where it is compared with the c.p.r. values measured for Ag-15Pd
in a 1 M KBr solution. The results in Fig. 14 confirm that the limiting value observed
in Fig. 13 was due to diffusion overvoltage.

The following conclusions are drawn from the present work:

(1) SCCof Ag-15Pdand Ag-15Auin 1 MKCI, IMKBr, 1M KIand 1 MNa,;S0O,
solutions follows the predictions of the surface mobility-SCC mechanism. !

(2) The SCC found was not due to aspecific action of Pd present in the alloy, since
the same crack propagation rates, under the same experimental conditions, were
found for Ag-15Pd and Ag-15Au alloys.

(3) SCC was not due to the entrance of hydrogen into the alloy or to the presence
of water in the environment, since the crack propagation rates found for Ag-15Pd in
jodine saturated toluene or benzene were equal to those in a 1 M Kl solution.

(4) No evidence was found of de-alloying being the cause of SCC. Cracking was -
found in all the three regions of alloy dissolution described by Pickering.Z
+ (5) De-alloying and SCC could be parallel or competing processes. When the
surface compound induces high surface mobility on the more noble metal, only de-
alloying is found, while when the action takes place on the less noble metal,
coexistence of de-alloying and SCC could be found. On the other hand, the surface
mobility-SCC mechanism,’ does not require de-alloying for the existence of SCC, a
point that was confirmed by the fact that pure metals could show SCC.>*
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' SHORT COMMUNICATION

SURFACE MOBILITY-STRESS CORROSION CRACKING MECHANISM

OF STEELS FOR STEAM TURBINE ROTORS
J. R. GALVELE

Gerencia de Desarrollo, Comisidn Nacional de Energia Atémica
Avda. Libertador 8250, Buenos Ailres (1429), Argentina

Abstract - Crack velocities measured by Magdowski and Speidel for
steels in hot water, covering a wide range of temperatures, Yield
Strength and impurity levels, were compared with the Surface-
Mobility Stress-Corrosion-Cracking Mechanism predictions. A very
good correlation was found Dbetween the predicted and the measured
values.

According to a recently published Stress Corrosion Cracking
(SCC) mechanism, based on surface mobility,! metals such as 1iron,
copper, mickel, etc. are susceptidble to SCC in high Ppurity water
because of their relatively low melting points. Since surface
mobility 1s a function of the melting point of the metal, 1t was
shown that, for the above mentioned metals, surface mobility in hot
water 1s high enough to lead to a measurable crack propagation rate
(c.p.r.). This type of fallure was called ntrinsic S$CC
susceggibiutx to distinguish 1t from SCC 1i1nduced Dby specific
environments, and c<onsequently called specific '§CC_ﬂigg_Lt1b_1u_tz.1

The surface mobility-SCC mechanism,! predicts that the c.p.r.

will Dbe given by the following equation:

Cp.r 2 —o [ exp (-glgif} -1 ] (1]

L .

where Dg(m2s-1) i1s the surface self-diffusion coefficient; L, the
diffusion path, typically 108 m; a, the atomic diameter, tn m; o,
the maximum stress at the tip of the crack, in Nm 2 Kk the
Boitzmann constant, in JX-}: and T the absolute temperature, in K.
The Dy values were estimated with the following equation, based on
the publications both of GjosteinZ2 and of Rhead 34

Dy = 7.4 x 10°2 exp-(30 Ty, /RT) + 1.4 x 10~ exp-(13 Ty /RT) (21

where R is the gas constant (R:1.987 calmole~ix-l}, T +the

absolute temperature and Tg either the melting point of the metal

(intrinsic SCC) or that of the surface compound (specific SCC), all
in K. '

The intrinsic SCC of iron can be evaluated through equations

955
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[1] and ({2) using the melting point of iron ( 1539°C + 273 ) as Tp
a : 25 x 1010 m; and T Dbeing the water temperature. There could

be some uncertainty adbout the value '0f 0, particularly when, as in
the pressnt work, comparisons are made with fracture mechanics
tests. NMevertheless, good correlations have been shown! Dbetween the
values of equation [i} and the c.p.r. - values found in zone 11 of a
fracture mechanics c.p.r./K; curve, when the Yield Strength (Y.8.)
values ‘are used for o. '

" Magdowski and Speidel® nhave recently published an extensive
work on the SCC Ddehaviour of stesls in Dhot water. Their
measurements are of particular interest Dbecause they give abundant
'xn!ornatlou_.ﬁn the effects of Y8 and T on the cpr. for a wide
variety of steels. The authors studied thirteen different steels,
including the 3.5SNiCrMoV and 2CrNiMo type steels and modern “clean
steels®, with lowor contents of impurity elements. Thelr study
covcécd more than thxrty different Y.S. values, ranging from 614
MPa - z,up o 1420 MFa, and temperatures from Dbelow 0°C up to 288°C,
They found that alloying and trace elements, like Mn, Si, Mo, My, P
and S had no influence on the c.p.r. of steels in hot water.

Fig. 1 shows the effect of temperature on the cpr. for 600~
800 MPa and 1040 MPa steels. The lines show the values predicted Dby
equauon (1) for ¢ values of 700 MPa and 1040 MPa. Fig. 2 shows the
expcr;menta! and the theoretical values for a steel with Y.S:=1140
MPa. At temperatures Dbelow 60°C, a c.p.r. increase due to hydrogen
15 observed. The effect of nydrogen 1is accounted for Dby the suriface
mobility-SCC mecnanism,! through appropriate changes in equation
(1). In the case of Fig. 2 the hydrogen effect was calculated using
a value of 053 for nevgrtheless. hydrogen emhrntlemeni falls
outside the scope of the present work.

_ Magdowski and Speidel found that there are two different
effects of Y.S. on c.pr. a moderate one at low strength levels,
and a strong one at high strength levels. The £irst one 1is
attributed to SCC, while for the .second the authors suggest an
accelerating effect due to hydarogen. Fig. 3 shows that equation [i)
very well predicts the effect of YS. on cp.r., for the first
.part of the curve. In all the cases studied, the values predicted
for 288°C were higher than those measured. This is probadly due to
an acceleration on the Kinetics of the iron oxide film formation
process, which would lead to Dg values lower than those predicted
by equation [2).

Figs. 1. 2 and 3 therefore prove that equation [i] gives &
satisfactory prediction. for the SCC of steel in hot water. One
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tentative conclusion from thlis coincidence would be that steels are
stress corroded in hot water by a surface mobility mechanism, and

that intrinsic SCC susceptibility 1s involved. A second conclusion
is that equation (i} could be a convenient tool for Predicting

c.p.r. values for regions where no experimental data are available.

REFERENCES

J. R. GALVELE, Corros.Sci., 27, t (1987). _
H. A. GJOSTEIN, in Surfaces and Interfaces-I (eds. J.J. Burke,
H.L.Reed and V.Weiss), p. 2Ti1. Syracuse University Press
(1967). ’ ‘

G. E. RHEAD, Surf. Sci., 15, 333 (1969).

G. E. RHEAD, Sur#f. Sci., 22, 223 (1970).

R. M. MAGDOWSKI and M. O. SPEIDEL, Metall. Trans., 19 A, 1583

(1988).

cp.r./{mss)

1.0E-05

1.0E-06

1.0E-07

1.0E-08 FIG.:1 Effect of <tem-
perature on c.p.r..
Polnts: experimental

1.0E-0Q results by Magdowski
and Speidel.® Lines:
values predicted Dby

1.0E-10 Eq.{1]. Upper 1ine:
1070 MPFPa; lower line:
T00 MPa.

1.0E~11

Ao
1.0E~-12 L 4 A L ol

16 2 24 28 32 36 4
1T (1/K ¢ 10°3)

4 1040 MPa O 600-800 MPa



cp.r./(m/s)

1.0E-08
1.0E-0o ,
riGg..2 Effect of +tem-
perature on c.p.r.
}.0E-0Q7 experimental
results DY MagdaowskKi
and Speidel® Lines:
1.0E-08 values predicted DY
Bq.(1). High c.p.r.
values, at lov ten-
1.0E-09 peratures, are due to
hydrogen embrittle-
. ment. '
I.OE-I_O '
1.0E-11
1.0E-12 A L L
16 2 24 28 32 3 4
1/T (1/K * 1073)
O 1140 MPa
) ep.r./(m/
1. oE-08 SBF/ (/D)
1.0E-0¢
N
a A
1.0E-07 G- a
- ® Og s
[ +] &0
1.0E-08
. p1@:8 Effect of Y.B. el
on C.p.r ; eX- 1.0B-09 T °
perimental results by & 6% F &
Magdowski and Spei- ad c
del’ .  values 1.0E-10 0®
predicted Dby Eq.li) g8 %
Deviations are ob-
served for very nhigh 1.0E-11
Y.8. values and also
at 288°C. )
1-02"'2 d L /! 1
400 600 800 1000 1200 1400
yleld strength/ (MPa)
O 100C & 160C O 288C

P

o SRR i wA———"



