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Recent theories of sintering of ceramics have greatly advanced
our understanding of the underlying physical processes. Models
have been developed which include multiple atomic transport
mechanisms, surface and interface anisotropy, impurity effects
and complex geometries. These models are closer to the
situations in actual powder samples than the first order
modelling previously used. While none of these effects have been
completely understood, their importance is now known and
furthermore the interrelationships among them are recognized.

These lectures will give an overview of sintering, some practical
examples and will discuss the effect of anisotropy. The theory
of the sintering of ceramics will be presented. The first
gsection'will be on the thermodynamics (driving forces) and the
kinetics (mechanisms and paths) of sclid state sintering. The
gsecond section will discuss the effects due to the presence of
.additional phases (solid and liquid) and external driving forces
(mechanical and chemical). The third section will present
effects of anisotropy and will contain current research on the
effect of crystal symmetry on interface migration in the presence
of a liquid phase, grain boundary migration and facetting of
solid-vapor interfaces.
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INTRODUCTION

The primary goal of sintering research is the controlled manipulation of microstruc-
ture. Out of the entire range of microstructures which are theoretically possible, each
material system will be able to achieve only a subset of them, depending on the in-
trinsic material properties. Within these material constraints, the aim is to produce
microstructures which enhance specific properties. Our understanding of the relation-
ships among materials processing, microstructure, and properties is just beginning
to emerge, and is producing unexpected results. For example, in a recent study of
toughness in Al;Oy by Bennison and Lawn, micresttuctures with platy grains and a
bimodal grain size distribution in undoped Al;Oy exhibited a greater resistance to
crack propagation than did the more uniform micrestructures in MgQ-doped Al; Oy
{1]. As a result of this emerging understanding, the focus of sintering science is chang-
ing from the modification of microstructures in incremental ways for correspondingly
incremental improvement in properties to more effectual manipulation of microstruc-
tures to optimize properties. However, the production of the optimum microstructure
will be dependent on both the material and the application and may require radically
different processing routes for different materials. In this review paper, we have ex-
amined the research in sintering science over the past five years which has advanced
the goal of microstructure manipulation.

THEORETICAL MODELLING AND MODEL MICROSTRUCTURES

Over the past five years, substantial progress has been made in developing more
realistic sintering models and in designing materials to test these theories. The ba-
sis of the current theoretical advancement is that the specific set of coupled kinetic
processes operaling in certain systems can be separated and, thus, the enthusiasm
for the modelling of competing mechanisms in sintering has been restored. When the
sintering of a system cannot be categotized by a small subset of possible sintering
processes, simplified geometries can be used to examine the rolea of various processesin
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microstructure development. The recent advances in sintering experiments have been
made possible by a revolution in the control of powder characteristics and processing.
‘T'his revolution, fomented by H. K. Bowen, provides enormous flexibility in the design
of specific microstructures [2]. In the following discussion, theories and their comple-
irtentary PHdRF edtperimonts Ste discumed togfther,

The simplest model whose use continues to provide insight is the two-sphere model.
An example of recent resuits is the numerical simulation of neck growth by surface
and grain boundary diffusion [3]. In agreement with previous studies [4], there exists a
limiting ratio of grain boundary diffusivity to surface diffusivity above which the den-
sification rate does not increase because surface diffusion is required to redistribute
matter in the region of the neck.

The next step in geometrical complexity, is the sintering of a row of apheres. For
this geometry, the number of concurrent processes which can be treated is large be-
cause each particle has only two neighbors and, if is assumed that there are no torques
on the particies to rotate them out of the axially symmetrical position, the mathemat-
ical statement of the problem is simplified. An important new development is that
differential densification has now been treated in a row of spheres by allowing a section
of the chain to begin to densify before the rest of the chain [5,6]. It has been calculated
that, when the other sections begin to densify the chain will either become uniform in
its sintering or will break up catastrophically into individual segments depending on
the relative rates of coarsening and densification and the dihedral angle.

This problem of differential densification and development of heterogeneous mi-
crostructures has recently been a topic of intense theoretical and experimental inves-
tigation [7-15]. The approach has been from two extremes in initial microstructures.
In the first, mono-sized powders are packed and sintered, and the size of final defects
are correlated with the initial amount of ordering [12,13|. In the second case, dense
inclusions are placed into a powder compact and the effect of the non-densifying inclu-
sions on the densification rate of the matrix is evaluated [14]. These two approaches
reflect the extremes seen in the technology of powder processing with controlled com-
position and physical characteristics and of processing of ceramic-matrix composites.
The types of heterogeneities examined over the last 5 years range from large cracks be-
tween regions of perfect packing to large spherical pores in a matrix containing smaller
pores, to sintering of a porous matrix around a higher density spherical inclusion. The
advances in sintering of composites are summarized in the next section.

A major result is that the maximum sintering stress is on the order of 0.1 - 2 MPa
regardless of microstructure [7-11). This result is important because the sintering
stresa determines the opposing tensile stress required to keep particles from densifying
or, for higher tensile stresses, to pull particles apart. The size of the sintering streas is
a major factor in specifying HIP'ing and hot pressing conditions to improve reliability
of sintered composites.

Experiments on 2-D arrays of monosized or bimodally-sized particles have shown
that crack-like defects develop in the imperfectly packed regions separating perfectly

packed regions {12,13]. Liniger and Raj found that packing should be random te
maximize final density and minimize final defect size. An additional important result
is that differential densification between poorly packed and well-packed regions lead
to the desintering of particle-particle necks, as predicted by the calculation for the
oW of Sintérirg SPREISS: IR additivi, differential densiflentivn end 8hinberifif wire
found to be more important than asymmetrical neck growth in producing heteroge-
neous microstructure. The final result of this study is the suggestion that a narrow
but not mono-sized particle size distribution provides the most homogeneous powder
compact, the highest final density, and the lowest amount of sintering damage in the
final sintered body.

As a result of the improvements in processing, primarily from the control of parti-
cle size and use of colloidal techniques, model uniform microstructures have now been
fabricated in Al;05 {16-19] ZrO4 (20}, Y20, [21,22], TiO4[23,24], SizN, [25], and mullite
{26,27|. In 1981, Rhodes’ study of agglomerate eflects on ZrO, sintering demonstrated
that colloidal processing can be used to produce uniform, dense microsiructures at
low temperatures that show a resistance to discontinuous grain growth. A recent ex-
ample is the use of colloidal processing of Al;O, with a fine particle size (0.16 um) and
an extremely narrow particle size distribution to sinter Al;O5 to 99.5% of theoretical
density at 1150°C [16,17].

The use of colloidal processing technigues for easily-sinterable materials, such as
Al;04 and TiO;, creates microstructures which approach the simple geometrical mod-
els for sintering. With correct processing, microstructural parameters are represen-
tative of the microstructure at the scale of a few grains as well as the compact as
a whole. These experimental developments permit a re-evaluation of 3-D sintering
models based on uniform microstructures described by repeating unit cells [18,28-30).
The unit cell typically consists of a single grain of a space-filling geometry with pores
along the boundary between grains. With these unit cell models, microstructure evo-
lution during sintering is followed with the following features: competition between
coarsening and densification and scaling laws for the sintering of a bimodal pore size
distribution. The microstructural parameters needed experimentally to compare with
the models are easily measurable parameters: density, average pore size, pore size
distribution, grain size, grain size distribution, surface area, and so on.

There are many combinations of microstructural features that can be used to fol-
low the competition between densification and coarsening, for example, pore size-grain
size or surface area-boundary area [30,32-34]. The most reliably and easily measured
are grain size and density. From plots of density versus grain size, changes in the
slope of trajectories are due to changes in the ratio of coarsening rate to densification
rate. These plots are of special utility because transitions between processes can be
seen from changes in the slope for a given run and changes in microstructure with
processing can be determined by comparing grain sise at a different density [18,35].
For example, studies by Edelson and Glaeser and by Barringer showed that monosized
TiO; follows the same density-grain size trajectory for the temperature range 1000°
to 1160°C for a variety of processing conditions {23,24].



Systems which coarsen more than they densify have also been examined: TiO; in
HCI [36], ZrO; in HCI [37), ZnO in H, [38], Fea0s [39]. Because each of these systemns
can be sintered close to theoretical density in air, the ratio of the coarsening rate
lo the densification rate can be varied by changes in atmosphere [40,41]. Studies of
coarsening are important to our understanding of the generation of crack-like flaws by
sintering. Specifically, coarsening processes maintain particle coordination without the
generation of tensile stresses at particle contacts. When densification occurs, parti-
cles with lower coordination numbers will be under a tensile stress and these sintered
necks will dedensify. If the necks sizes are increased by coarsening, dedensification
and the generation of crack-like pores can be suppressed. These concepts have been
demonstrated in studies of ZnO powders [42] and glass, alumina, and ZnO powders
sintered to rigid substrates in which controiled amounts of coarsening a¢ low temper-
ature prior to high temperature densification led to denser final microstructures than
with high temperature densification alone [43]. Grain growth during the intermediate
stage of sintering has also been shown to increase homogeneity in pore size in a powder
compact containing large pores by coalescence of smaller pores, while the larger pores
grow less [44].

An additiona] refinement in sintering theory has been a consideration of how
the free surface-grain boundary dihedral angle affects: the driving force for sinter-
ing |5,6,45], the breakup of cylindrical channels in the transition of intermediate to
final stage sintering {46], the attachment of pores to grain boundaries during grain
growth [47], and the transition to abnormal grain growth [48}. Using Kingery and
Francois’ model relating pore curvature, dihedral angle, and number of grains sur-
rounding a pore [49], Lange suggested that grain growth may be necessary to lower
the pore coordination for pore shrinkage to be possible thermodynamically. While that
concept is valid, calculations by Zhao and Harmer [29] and by Evans and Hsueh {50|
indicate that the sintering kinetics for large pores are 3o slow that even when a large
pore can shrink thermodynamically, grain growth is ineffective in promoting densifica-
tion. Other dihedral angle effects on sintering are discussed in more detail elsewhere
[51]. These new models incorporating dihedral angle effects are especially timely since
measurements of the free surface-grain boundary dihedral angle demonstrate that the
average dihedral angle in undoped Al;Qy, MgO-doped Al;Os, and MgO polycrystals
is in the range 106° - 117, not 150° as previously measured [52-53] Measurements
of dihedral angle by Ikegami et al. show the same trends but the average values are
slightly higher [54].

Our old workhorse, Al;03, has been used to examine the eflects of pore size,
dopants, and liquid phases on pore-boundary separation and the orientation depen-
dence of grain growth. Model experiments of a single crystal sapphire growing into a
fine-grained matrix have been performed using sapphire crystals with c-axis, a-axis,
and 60° off c-axis cuts in contact with dense polycrystalline samples |55-59]. The
matrices examined are: with and without arrays of pores at the single crystal-matrix
interface, with [55,59] and without [58-58] a silicate liquid, and with and without
MgO. An important feature of some of these studies is the controlled etching of pore
sizes and shapes in the sapphire surface using photolithographic techniques in order
to measure accurately the effect of pore size and pore spacing on the conditions for

pore-boundary separation {56-58]. The results include:

1. MgO doping to Al;04 without a liquid appeared to increase D,, thereby increas-
ing pore mobility.

2. The pore spacing is a critical variable for breakaway with pores in undoped
Al;Os remaining attached to the growing sapphire (c-axis cut) for pore spacings
less than 6 um and for times up to 20 hrs.

3. In MgC-doped Al;0y, pore arrays moved with the growing interface at a faster
velocity but pore-boundary separation occurred at an annealing time of 10 hrs,
independent of pore spacing.

4. Without a liquid, c-axis sapphire grew into an MgO-matrix faster than into
undoped Al;O;.

5. In the presence of a silicate liquid, c-axis sapphire grew more slowly than a-axis
sapphire, with the difference in velocity between c-axis and a-axis increasing
as the Ca to 5i ratio increased. The authors suggested that this difference in
velocity results from the process being interface controlled.

The latter notion of interface control conforms to Burke's suggestion that, since
MgO is not found at grain boundaries in Al;O4 (but is so effective at suppressing
breakaway grain growth) that the model for crystal growth on well-developed facets
with steps and ledges and kinetics should be adopted for AlyOs [60]. Thus, a very
small amount of Mg at the steps/kinks could “poison” growth at special growth
sites. However, the observation that MgO-additions increase the boundary mobility
of c-axis sapphire without liquid or pores, summarized above, is in direct conflict with
this notion. More work is required to address some of these discrepancies.

The effect of second phase particle pinning of grain boundaries during grain growth
has been studied through experiments on Al,04 with FeO particles [61], ZrO; with
Al,O; particles [62], and Y303 doped with La [63]. FeO and La-yttria phases appear
to inhibit grain growth while Al;O4 particles in ZrO; have little effect on grain growth.
A new evaluation of the Zener criteria for boundaries pinned by pores for various mi-
crostructures and theoretical formulations establishes the ranges over which different
pinning equations are applicable [64].

It has become widely accepted that many ceramics eatlier thought to be single
phase bodies in fact contain liquids at the sintering temperature due to impurities in
the powder or introduced during powder processing and sintering [65-71]. These lig-
uids degrade the creep resistance at high temperatures and the uncontrolled amounts
of liquid lead to wide variations in measured properties. For example, abnormal grain
growth in undoped Al;04[68] and FeyO5 [65] was induced by unintentional silicate-
based liquid phases. This has led to increased attention to the initial chemical powder
composition and to control of contamination by clean-room processing [72-77]. In ad-
dition, organic inclusions introduced during processing may leave no chemical residue
but may cause damage to the matrix during sintering or themselves comprise flaws
alter sintering that seriously degrade the mechanical properties at low temperatures.



Other recent theoretical studies have examined the kinetics and thermeodynam-
ics of particle rotation during sintering 78] and the contiguity of sintered structures
{79]. Of particular interest from an engineering point of view are two studies on
the non-destructive characterization of the progress of sintering using elastic property
menaureifania [00] and SANS [#1).

COMPOSITES

There is a natural link between sintering of single phase powders and composite
sintering: any variability in the shape, particle size distribution, and degree of agglom-
eration in a powder may lead to inhomogeneous sintering resulting from heterogeneity
stresses. Theoretical analyses have determined that inclusions with different densi-
ties than the matrix will retard the densification of the matrix by the creation of a
hydrostatic tensile stress in the matrix of the order of 0.5 to 2 MPa [15,82-89]. For
particulate composites, a rough estimate of the magnitude of the tensile stress is the
volume fraction of the particles multiplied by the sintering stress, £. The magnitude
of the heterogeneity stress was verified experimentally by Ostertag from the bending
during sintering of Al;Oy compacts reinforced in an asymmetrical pattern with SiC
fibers [90,91]. As determined both theoretically and experimentally, increases in the
fraction of heterogeneities in the matrix or in the difference in initial density between
heterogeneity and matrix lead to a increasing suppression of matrix sintering rate and
lowering of the final density.

The number of different composite systems and experimental variables examined
is impressive. Among the many studies of systems where the matrix and the dense
inclusions are the same material are: dense MgO cylinders in MgO powder [92]; alu-
mina agglomerates in alumina {93]; yttria agglomerates of various strengths in yttria
powder [94]. Sintering of dissimilar materials has been examined in systems as diverse
as SiC fibers, whiskers, or particulate in Al;Oy [95], Al;O4 agglomerates in TiO; [96],
TiC-reinforced Al Oy |97], BN-reinforced SiC [98}, mullite produced by sol-gel pro-
cessing reinforced with SiC whiskers {99-102], ZrO, particles in Al4O, [103], B,C-TiB,
composites [104], and SiC-reinforced giass [105].

Most theoretical work has focused on identifying stress generation in the ma-
trix resulting from the difference in densification between the matrix and the in-
clusion/agglomerate. The stress field generated by differential sintering around a
apherical dense inclusion is composed of a tensile hoop stress and a radial compressive
stress, with a tensile mean stress [82]. The magnitude of the stress depends on the
relative rates of creep and matrix densification, and microstructural variables, such as
the volume fraction and size of the inclusions. The creep rate is typically described
in terms of a matrix viscosity which changes during densification {106~ 113]. If the
creep rate and densification rates are controlled by different mechanisms with different
activation energies, the effect of dense inclusions may be changed by changing temper-
ature. On the other hand, if same mechanism controls both creep and densification,
then changes in temperature will produce no benefit.
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In experiments on viscous matrices with dense inclusions, there appear to be three
regimes of behavior as a function of inclusion volume fraction. At volume fractions
< 0.1, the densification rates of the composites can be described by a simple rule-of-
mixtures. Only over a narrow range of inclusion volume fractions (between 0.1 and
0.12) are the results in agreement with the Scherer's theory for viscous sintering with
rigid inclusions. However, for higher volume {fractions, the densification rate deviates
significantly from either of these models. In experiments on crystalline matrices with
dense inclusions, the measured densification ratea are significantly lower than pre-
dicted by theory over all ranges of inclusion volume fraction [86).

The explanation for this discrepancy between theory and experiment remains con-
troversial. Scherer has argued that the stresses are of the same order as the sintering
stress and cannot, therefore, explain the magnitude of the effect in polycrystals con-
taining many heterogeneities/inclusions [111]. In addition, application of a hydrostatic
pressure only slightly greater than the tensile hydrostatic stress is predicted to elim-
inate the effect of the inhomogeneities. However, retardation of matrix densification
is observed for small volume fractions and for particles as small as the matrix particle
size |86]. Bordia and Raj found that the application of a low quasi-hydrostatic pres-
sure <10MPa would suppress damage formation in the matrix but does not restore
the matrix densification rate to the rate without heterogeneities [114].

One plausible argument is that heterogeneities are imperfectly distributed so that
heterogeneities form interconnected structures over short distances in the matrix. The
percolation limit for a given particle shape and size distribution gives an estimate of
the particle volume fraction when particles form a completely interconnected struc-
ture that cannot densify. For single-sized, spherical particles, the percolation limit is
at a volume fraction of 0.16. At volume fractions smaller than the percolation limit,
inhomogeneities will sinter together and, thereby, limit the density of matrix in the
vicinity of the sintered heterogeneities, An additional explanation is that the powder
packing density near a heterogeneity may be lower than in the matrix away from the
inclusion and will, therefore, lead to a lower limiting density [45,84]. The magnitudes
of these two effects must be calculated to assess their contributions to the observed
suppreasion of matrix densification rate.

An alternate explanation proposed by Mataga is that the sintering in heteroge-
neous powder is not properly described by a linear, isotropic sintering model [115].
Mataga suggested that a non-linear material model may be required as a result of
non-linear stress dependence on sintering rate, a creep threshold, or non-linear creep.
He noted, however, that significant deviations from linear behavior are necessary to
explain the experimental results. (Additional factors may be a change in the diffusion
path due to the sintering stress [111] or a change in the coarsening/sintering trajectory
in the presence of dense inclusions.)

In light of these theoretical and experimental results, Rahaman and Jeng have
suggested practical guidelines for minimizing damage formation in composite syatems
[102):

1. The packing in the matrix should be maximized.
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2. The inclusions/agglomerates should be distributed uniformly not randomly, in
the matrix to minimize inclusion/agglomerate interactions.

3. The optimum sinterability conditions for the unreinforced matrix should be used
for sintering the reinforced composite,

4. If the powder is amorphous, the composite should be densified before crystal-
lization occurs.

Of these four guidelines, (3) is the most provocative. What really is the proper
sintering schedule for a composite as compared with the matrix without the rein-
forcing material? What is the effect of coarsening - to strengthen the necks before
densification or lo narrow the particle size distribution before densification and grain
growth begin ? For materials that sinter easily under a variety of conditions, such
as the classic model material Al,Os, the sintering heat treatment for composites may
be very different from that which produces the highest final density of the matrix alone.

An alternative approach to preventing damage formation in composites is to allow
the matrix to sinter Lo almost full density before it comes into contact with the fiber
by creating a void space of controlled thickness around the inclusion. This void space
can be produced by coating the dense inclusion with an organic which burns off before
sintering. This approach also has the advantage that the bonding between the fiber
and the matrix can be controlled by the initial gap thickness {106).

It should be noted that in the previous section, the systems chosen to examine
stress generation in the matrix exhibit litile or no intermediate phase formation be-
tween the matrix and the reinforcing materials. In many engineering situations the
only possible materials for a specific application may react and it is the ceramic engi-
neer's task to minimize the extent of reaction by careful, innovative processing.

An additional factor influencing the sinterability and final properties of compos-
ites is thermal expansion anisotropy when the same material is used for matrix and
reinforcement and thermal expansion mismatch when the phases of the matrix and
reinforcement are different. During heating of composites, neck formation begins at
the same time that stresses develop. The stress generation during healing will then
depend on the ratio of the creep rate required to relieve thermal expansion mismatch
stresses and heterogeneity stresses to the densification rate.

LIQUID PHASE SINTERING

The progress in theory and experiment for solid state sintering surmmarized above
has been matched by similar accomplishments in the field of liquid phase sintering,
Belore ciling specific research topics, we would like to acknowledge the completion
of a major work in liquid phase sintering: the book Liguid Phase Sintering by Ran-
dall M. German {116]. This textbook is an excellent general reference which is, as
Prof. German states, truly materials-independent and appropriate for engineers and
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scientists with diversc technical backgrounds. We congratulate Prof. German on his
accomplishment and recognize his significant contribution to the field.

The past five years have brought a better understanding of the processes occurring
in the neck region where two solid particles are in contact with liquid, in assemblages
of particles filled with liquid, and in the transient state when the liquid first becomes
molten. The calculation of the equilibrium configuration of particles and liquid and the
forces generated by a liquid meniscus was demonstrated by Heady and Cahn for liquid
phase sintering of spherical and jagged particles [117,118]. The calculation is based
on an energy minimization subject to certain conditions, such as volume conservation.
Recent calculations by Park, Cho, and Yoon have used this approach to model the fill-
ing of isolated pores by liquid during liquid phase sintering [119]. Grains were assumed
to maintain their equilibrium shape determined by the balance between the tendency
of grains to become spherical (“sphering force”) and the negative capillary pressure
due to the liquid menisci. The filling of pores and contact flattening were found to
depend on liquid volume fraction and grain size, thereby leading to greater pore filling
as the grain size increases. This gradual pore filling as grain growth/coarsening pro-
ceeds explains the experimentally observed agglomerate formation during the early
stages of liquid phase sintering. The thermodynamic criteria for sequential pore filling
in different 2-D particle geometries were also examined by Shaw [120].

From Park, Cho, and Yoon, an additional result of special importance is that par-
ticles completely surrounded by liquid but having a vacuum-filled pore in the center of
the liquid is an unstable equilibrium. An infinitesimal perturbation leads to filling of
the spherical void. In contrast, if the pore is filled with an insoluble gas, the pore will
reach a stable equilibrium size. This is contrary to the liquid phase sintering model
previously derived by Kingery [121]. The observation of pores completely surrounded
by liquid means that an entrapped gas is limiting the final density, and that removal of
the gas by alternate processing techniques will allow the structure to achieve a higher
density.

A major advancement in liquid phase sintering, as well as in high temperature
materials properties, is the recognition that surface forces exist between two solid sur-
faces forming the neck region between two sintering particles. The surface forces have
many sources, for example, electrostatic interactions, van der Waals attraction, or
structural (steric) forces, and can lead to an equilibrium thickness of liquid separating
the two solids. The measurement of surface forces between ceramic surfaces at room
temperature is an active research area, made possible by the development of a tech-
nique for measurement of surface forces. For liquid phase sintering, the nature of these
interactions will affect liquid redistribution as the volume fraction and/or grain size
of the particle change and will, in many cases, determine the mechanical properties at
high temperature.

Clarke has examined the equilibrium thickness of a thin intergranular where struc-
ture within the liquid determines the surface forces [122], In a complementary ex-
perimental study by Greil and Weiss, the equilibrium thickness of thin liquid silicate
layers in §-SiAION was found to be constant for increases in the liquid volume fraction
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from 2% to 10% [123]. In addition, structure in a thin intergranular liquid phase was
detected in an anorthite-based liquid in Al Oy [124].

T #iess af sne shearelical sreaimenia dedeFined abave, squilibrium confignrations
are the endpoints of the calculations. In liquid phase sintering experiments, the cre-
ation of equilibrium configurations is preceded by solid state sintering, disintegration
of the sintered skeleton as melting occurs, mixed fluid and particle fiow, particle di-
latation, rearrangement, and finally to disintegration of the individual particles [125].
Grains will grow by grain growth/Ostwald ripening and coalescence processes. Grain
shape may also change due to facetting transitions and/or growth rate anisotropy in
the presence of a liquid phase. The identification of each stage is important in relating
changes in processing variables to changes in microstructure, Selected examples of
theae processes are presented below.

As with solid state sintering, the magnitude of the sintering stress that provides
the driving force for liquid phase sinteting is an important parameter in determining
sinterability. The magnitude of the sintering stress has been calculated by De Jonghe
and coworkers for liquid phase systems, as well as for solid-state systems, from the
ratio of the densification rate at no load to the creep rate with an applied uniaxial
load. In the MgO-BiyOy system, De Jonghe and Srikanth found that the sintering
stress was a constant throughout denasification [126). The calculated stress was low -
0.08 MPa - corresponding to a meniscus radius of curvature of about 6 um, a value
much larger than the MgO particle size. The low value of the sintering stress was
attributed to formation of agglomerates by the sequential pore filling as suggested by
Shaw and by Park, Cho, and Yoon.

In the final stages of sintering, grain growth/coarsening/Ostwald ripening, discon-
tinuous grain growth, and densification occur simultaneously. Three recent studies
illustrate the effect of the liquid phase on discontinuous grain growth and pore coa-
lescence. In a study of grain growth in TiOyrich BaTiO;, Hennings, Janssen, and
Reynen found that the grain size of abnormally growing grains decreases with increas-
ing additions of TiOy-enriched seed grains[127). Also, the grain size increases with
increasing TiO, content to maximum at 2 mol% excess TiO;. As noted above, studies
of sintering and grain growth in undoped Al;O4 and Fe;Oy revealed that discontinuous
grain growth can originate from regions containing a calcium-alumino-silicate second
phase [65,68]. These results suggest that discontinuous grain growth is accelerated
by a non-uniform distribution of liquid phase. A study of normal grain growth and
pore coalescence in the MgO-CaMgSiO, system demonstrated that the coalescence of

gas-filled pores is controlled by the rate of grain growth/Ostwald ripening of the solid
grains [128].

An important feature of many liquid phase sintering systems is the facetting and
shape change of the solid particles when they come into contact with the liquid. For
example,‘ pronounced facetting has been observed in anorthite- Al,0; |59, 129, 130|
and in #'-sialons [131]. The same growth phenomena identified for crystal growth in
systems with facetted liquid-solid interfaces are expected to operate in these liguid
phase sintering systems [132]. Among these phenomena are: (1) growth on a facet can
be limited by the nucleation of a stable ledge, also known as “2-D nucleation limited

growth™: (2) growth and dissolution shapes are not expected Lo be the same; (3} screw
dislocations and special twin boundaries can serve as nucleation sites for growth in
slow growing directions.

EFFECTS OF APPLIED PRESSURE: HOT PRESSING, HIP'ING,
AND SINTER-FORGING

The industrial use of applied pressure to densify a wide variety of difficult-to-sinter
materials has increased over the last several years. This haa coincided with a increase
in modelling of the effects of =pplied pressure on sintering {133-140]. These models fall
into two different types. There are models based on the visco-elastic response of the
porous compact to the applied stress. The constitutive equations for the entire body
over the whole range of deformation are specified and then the response is numerically
calculated [133-137]. An alternative approach is to divide the densification up into
different regimes, as shown in hot pressing or hot isostatic pressing (HIP’ing) maps
[138-140]. Within a regime a single mechanism will dominate, and the dividing lines
between regimes are where the rates of densification are equal. The conditions re-
quired to obtain a desired microstructure can be estimated from trajectories on maps.
The results of both techniques are consistent and provide insight into the densifica-
Lion process and the observed shape changes during hot isostatic pressing (HIP'ing).
For example, a densification front moves inward during HIP'ing as densification pro-
ceeds. The main reason for the development of this densification front is a nonuniform
temperature distribution during heating. The hotter material near the outer edge will
densify faster. The heat conduction through the dense outer region can further change
the temperature distribution. Also the dense outer region can support some of the
load and thus reduce the pressure on the porous interior. These effects can lead to very
anisotropic shape changes duting HIP'ing., To study the densification in a systematic
manner, model experiments have been preformed by Kayaser and co- workers [125].
The deformation of a single, polycrystaliine particle under an applied uniaxial load
was studied. In this technique they were able to measure changes in the geometry
during densification.

The effect of nonuniform stresses during sintering is not clear. The addition of a
shear stress, or uniaxial stress to a compact during sintering has yielded results which
suggest Lhat the creep rate may be control the rate of densification. The applied stress
increases the creep rate significantly, so that it is no longer rate-controlling [141,142].
This effect is of importance only when creep is the rate limiting proceas which, for
ceramics, occurs in a very limited number of systema. A more pronounced effect of
shear stresses is an enhancement of the rearrangement during sintering. Large pro-
cessing defects can be broken down during shear deformation, but would be stable
during cold isostatic pressing [143]. Such large defects can also be removed during
HIP'ing if the material is in a regime where extensive plastic deformation can occur,
either by diffusion of dislocation motion [144-146].

A wide variety of materials which are difficult to densify at atmospheric pressure

have been successfully sintered with the application of moderate to high pressures
(147-150]. HIP'ing has been used to great advantage for removing defects in sintered
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metallic materials. It has been noted however, that near surface defects may increase
in severity during post- sintering HIP’ing [t51]. The development of HIP maps, and
the underlying data base necessary for their use, has allowed the conditions to achieve
high density to be estimated in advance of the experiment [152,153].

While experiments have shown the tremendous benefits of applied pressure on sin-
tering, there are many limitations. The most severe iz the bloating, or desintering
problem associated with many HIP’ed or hot pressed materiais. The bloating is due
to two main effects. Oxidation of impurities which were incorporated during pressing
produces a internal gas pressure which causes pore growth. This can be avoided by
restricling use to inert environments, but this limite the usefulness of the materials.
Another source of bloating is due to pores which remain in the material after pressing.
These pores are due either to trapped residual gas or to thermodynamic stability of
the pores as a result of the surface energy to boundary energy ratio [52,121]. While
the applied pressure will reduce the size of such defects as compared to pressureless
sintering, when the pressure is removed the defects are not in thermodynamic equilib-
rium and at elevated temperatures, they will grow until they are in equilibrium. This
again limits the use temperature of a HIP’ed material. This eflect implies that the
minimum pressure possible should be used, and that the major benefit due to pressure
will be an increase in the densification of large defects.

CASE STUDIES
Zirconia

Zirconia, one of the toughest ceramic materials, has mechanical properties which
are dependent both on microstructure and chemistry, Additives are required Lo sta-
bilize the tetragonal phase and give high toughness. Also, the grain size must be kept
smail to retain the metastable tetragonal phase at room temperature. For a detailed
review of recent work in zirconia see Somiya et.al.{154]. Zirconia is a material which
sinters well. Densities above 99% are achieved under a wide range of processing con-
ditions and dopant concentrations. ! Two important factors in determining the time
and temperature required for densification are the starting powder particle size and
the degree of powder agglomeration, as summarized below.

Ultrafine zirconia powders (10-20nm) forming 1-10 um agglomerates can be pro-
duced by chemical precipitation [155,156] and these powders sinter io full density at
1400°C in 2 hra. At the initial stage of sintering, density decreases with time [156}
resulting from differential densification in the agglomerated powder. Density increases
when grain growth begins. This coarsening at the initial stage of sintering is not dis-
astrous in this system due to the extremely small grain size, even after grain growth.
Rhodes [20] demonstrated that deagglomeration of ZrO, can reduce the time and tem-
perature required to sinter a commercial power from 4 hours at 1500°C to¢ 1 hour at
1100°C. An additional factor limiting final density is that gas evolution from resid-
ual organics used in washing the powders can cause bloating/desintering at higher

) 'One difficulty in interpreting the density data is the fact that the changes in the fraction of the
different phases lead to changes in density without any change in porosity.

14 - "5_

temperatures. Powders produced by electro-refining and grinding [157] have similar
ultimate densities and properties as compared with chemically produced powders, but
with somewhat reduced sintering rates. This allows a greater degree of control aver
the dimensional stability of the material.

Additions of Ce, Y, Ca, Mg, or Ti to stabilize the tetragonal phase do not reduce
the sinterability of the powders [158-163| and, if Si is present as an impurity, may
increase the densification by the formation of & silicate- based liquid phase. Also, the
addition of 40% ZrQO; to ZrC allowed the densification of the compasite at 2000°C
[184] if the green density was >55%.

Sinter forging of zirconia powders [165] determined that densification can occur by
plastic flow at pressures and temperatures of 1400°C. Through hot forging of dense
materials [146] it was found that fine- grained zirconia could be deformed but large
grained zirconia could not. Diffusion control was thought to be limiting, probably due
to the limited number of independent active slip systema. Thus for plasticity, diffu-
sional accommodation is necessary and is only possible in fine-grained materials at the
strain rates used. Sintering followed by HIP'ing has been used to remove large pores
(30-40um) and achieve full density at 1200°C [144}, most likely due to plastic flow in
addition to increased driving force for densification. It is necessary to achieve high
density (>96%) before HIP'ing to prevent open pores {from limiting the final density.

Dielectric ceramics

For production of dielectric ceramics by sintering, the critical issue is control of the
microstruciure. While many additives have been introduced to improve the electrical
properties, recent work has focused on additives added to improve the sinterability
and retard grain growth. Typically the additives promote the formation of a liquid
phase and thus allow sintering to occur at low temperature [166-169], but may also
work by reducing the vapor transport [170]. In the Pb-Mg-Nb-O system, avoidance of
the pyrochlore phase is important, and the presence of liquid phases [171-173] controls
not only the microstructure but also the phase content of the samples. With the for-
mation of a liquid phase, the heating schedule becomes important: fast heating rates
may lead to an inhomogeneous distribution of liquid phase [174].

Many dielectric materials have high vapor pressures at the sintering temperatures.
This leads to weight loss and compositional changes during sintering. Some additives
reduce the volatilization [175], but the problem is usually solved by adding an excess
of the volatile components. Fast firing can reduce the problem as the material spends
less Lime at temperature, and, therefore, has a finer grain size [176] than convention-
ally sintered PZT materials.

Different siniering atmospheres may also change the sintering behavior {177]. This
can be for a variety of reasons. Often the coarsening rates can be reduced in spe-
cific atmospheres. In certain cases the phase relations may change as the atmosphere
changes. Another possibility is that the defect cencentrations change with atmosphere
and thus the diffusion coefficients also change. All these eflects are very system specific



and need to be examined for each new system. A knowledge of how specific effects
influence sintering can be used to estimate the behavior from other measurements.

While high density is important, removal of all porosity is not as important to
electronic properties as having a small grain size. The presence of a liquid phase can

proiote exitpgerated grain krowth in BaTioy l“h s well &9 In alndilita; distusséd
above, and in Ba;YCuyOsy,. In ferroelecirics large grains are generally not desired

due to domain migration within the graina. Also, for non-cubic materials, microcrack-
ing due to thermal expansion anisotropy is reduced at small grain sizes [178). Some of
this effect can be eliminated by texture development produced by hot pressing [179].
While hot pressing or hot forging lead to better microstructures, use of pressure sin-
tering is precluded for most electronic applications.

ZnO Varistors

In ZnO varistora, the presence of a grain boundary phase controls the properties.
The distribution of the intergranular phase is influenced by the composition, sintering
temperature and atmosphere [180]. In pure ZnO, various additives have been shown
to affect the relative rates of coarsening verses densification [181]. As discussed above,
this may be advantageous in promoting neck growth to prevent cracking due to dif-
ferential densification.

Ceramic superconduyctors

While there have been many studies of ceramic superconductors, few have system-
atically examined their sintering behavior. It ia now clear that the formation of liquid
phases at high temperature often controls the microstructure evolution [182]. More
definitive sintering studies are difficult to perform because the liquidus is strongly de-
pendent on composition and atmosphere [183-185]. Although a variety of techniques
have been used Lo improve the properties of ceramic superconductors [186- 190] with
differing degrees of success, microstructural control in these systems will require care-
ful control of all the processing parameters,

Ferrites

In most applications for ferrites, the important properties are the magnetic proper-
ties which are limited by the microstructure. Small grain sizes and pore-free materials
are generally desired. These features are controlled most often by controlling the at-
mosphere during sintering to both suppress volatilization [191] and to affect diffusion
coefficients through changes in the defect chemistry [192-194). For a review of the
current state of processing of ferrites, see Wang [195]. The use of an acicular powder
leads to a smaller grain-sized dense Ni-Zn ferrite than the use of conventional powders
{196]. The sintering of ultrafine powders also resulted in Ni-Zn ferrite and Co ferrite
{197] with submicron-sized graina. Reactive sintering of Zn ferrite was not at all useful
[198] but rather produced microstructures worse that conventionally processed pow-
ders. The use of a low temperature melting phase (Bi;O,) was shown to yield optimum
electrical and magnetic properties for the case of 1% additions to Li-Ti ferrites [199].
The properties declined for larger Bi;Oy additions.

16

Silicon Carbide and Silicon Nitride

The developtent of techniques for sintering of SiC and SigN, has been reviewed by
Greskovich and Prochazka |200]. They give the sintering conditions for selected com-
positions, with an emphasis on describing the conditions which control densification.
ih Both these tpebnologicaily imporiant materials, coarsening mechanisma compete
with densification mechanisms. Achievement of high density requires suppression of
the coarsening processes. A wide range of conditions for a variety of compositions
have been examined by many other authors (201-217]. Effects of additives, oxygen
content, homogeneity, precursor type and size, temperature and sintering atmosphere
have been considered. While these malerials cannot be sintered without additives at
atmospheric pressure, materials with excellent properties can be obtained by careful
selection of the initial powders, the additives and the sintering conditions. Again, the
optimum sintering conditions depend on the desired properties of the sintered body
(217,218).

Special techniques

In addition to pressureless sintering, hot pressing and HIP’ing, there are several
other techniques which have been used to produce dense materials. Very high pressures
have been used for sintering several difficult-to-densify materials. Self combustion sin-
tering with an applied pressure of 3GPa has been used to densily TiC [219], diamond
has been densified at 7.7GPa and 2000°C |220], and BN has been densified using
shock compaction [221] with pressures estimated to be over 33GPa. These pressures
are beyond the pressures normally obtained in commercial systems and will only be
applicable to special systems. Microwave and RF plasma sintering has been successful
for sintering a variety of materials, such as Al,O, [222—224], Al;03-Zr0; composites
{225), ZrO; [226] and ferrites [227] in short times. Shock activation of powders before
sintering has been shown to have beneficial effects on the densification of AIN [228]
and Al,Oy [229]. Vapor phase transport can also contribute to enhanced densification
when materials are sintered in a temperature gradient [230-232|. There is a net mi-
gration of the sample down the temperature gradient and material is deposited in the
neck surface in the cold regions after leaving the particle surfaces in the hot region.
Thermal cycling effects on densification are though to be due to temperature gradients
in the sample while it is equilibrating [233).

Reactive sintering

The formation of composites by direct reaction of liquid metals |234,235| s a
unique method for producing large components. Composites of ZrC and reinforcing
ZrB; platelets have been produced with poroaities less than 1% by reaction between
liquid Zr metal and B,C. A wide variety of ceramic materials have been sintered
under conditions where a reaction is also taking place. In many cases the reaction
aids the denasification process, but in some cases the reaction is not desired and the
conditions need to be manipulated to reduce the amount of reaction. B,C- TiB,; com-
posites sintered with Fe additions resulted in dense (>97%), fine grained material
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[236]. Fe formed a liquid phase which aided densification and excess TiB; inhibited
grain growth. In the Al;Oy-TiC system, the reaction produces CO; which reduces
densification |97|. However, rapid heating minimized this effect by reducing the time
spent in a temperature range where the reaction occurred, and dense materials were
obtained. In reactive sintering of ZrC-ZrO; composites, the amount of excess ZrQ;
was found to be important in determining the density of the sintered material [237].
In the case of Cry05 with TiO; additions, the densification depended on the atmo-
sphere, with little densification in air and increasing as Po, decreased [238]. Tt was
felt that this was due to a change in the defect chemistry rather then suppression of
Cr volatilization. The effect of H;O on the sintering of MgO is not well understood
[239]. Closed pores were observed to shrink while the open pores coarsened, indicating
that H;O may activate surface or vapor transport. In the MgAl;0,-5i0; system, the
sintering mechanism changed with temperature [240]. At low temperatures, viscous
Aow of SiQ; dominated until the formation of crystobalite and then diffusion con-
trolled the densification. At higher temperatures the formation of cordierite caused
an expansion of the sample, and the grains were spinel cores surrounded by cordierite.
Dense AlaTiOs can be formed by reactive sintering of Al;O0y and TiO; [96,241], but
careful control of the sintering temperature was required.

Very porous mullite gels (44% dense) can be sintered to 97% density but the re-
sulting structure consists of elongated grains of 3A1;04- 25i02 and fine grained Al;O;-
28i0; [101]. The structure of the gel may have an effect on the final microstructure
produced [242]. Seeding of the gels to provide nucleation sites for the reaction proved
effective in getting dense materials with a uniform grain size [243,244|. Seeding has
also been effectively used for Al;Oy [244] and Al;O5-ZrOQ; composites [99].

SUMMARY

Significant advances in modelling of solid-state and liquid-phase sintering and grain
growth have been made. The major driving force behind these advances has been the
realization that fundamental thermodynamic concepts could be extended beyond what
had been done for the two-sphere model. In particular, models of pore filling in multi-
particle groups for liquid phase sintering and of the stability of a row of sintering
spheres have provided new insight into the processes governing sintering. Improved
powder processing has lead to the creation of closer-to-ideal microstructures with
which to test theoretical predictions of models that assume uniform microstructures.

A major shift in research has been made to sintering in the presence of intentional
and unintentional non-densifying inclusions. Modelling and experiment have exam-
ined the effects on the densification of a finer grained matrix by large particles (or
agglomerates) of the matrix material and of dense particles, whiskers, or fibers of a
different phase intended for reinforcement. Even for small volume fractions of inclu-
sions, the matrix sinterability is seriously impeded. Strength-controlling defects can
form in the matrix as a result of sintering in the presence of dense inclusions. Because

of the severily of matrix damage during sintering, the analysis of damage formation
during sintering and, in particular, the factors which inhibit crack formation are top-
ics of wide interest. So far the theoretical estimates of the stresses produced by these
heterogeneities do not seem to agree with experiment. However, there is a general
recognition that application of constitutive lawa is required for properly describing
constrained sintering in single- and two-phase bodies.

For many composite systems, hot pressing may be required to produce high den-
sity materials. Unfortunately, applied pressure i# not a panacea for composite systems:
damage to high aspect ratio whiskers or fibers during pressure-sintering may degrade
the mechanical properties of the composite and the applied pressure does not restore
the sinterability to the level without inclusions. However, hot pressing and HIP'ing
are viable techniques for producing ceramic parts. For example, a commercial cutting
tool has been manufactured by hot pressing SiC whiskers in an Al;Oy matrix.

Of the recent research on hot pressing and HIP'ing, the generation of hot pressing
and HIP'ing mechanism maps has the greatest impact on the use of pressure-sintering
techniques in manufacturing. Although an extensive data base is required for the
generating these maps, the data base is smaller than for the corresponding sintering
maps/diagrams, since the number of mechanisms which dominate tends to be small
when pressures are applied. These maps can also be used on-line in research and de-
velopment to follow the densification process and to determine changes in processing
conditions in real time.

When pressureless sintering, hot-pressing, and HIP'ing are not effective, or a spe-
cial system presents unique opportunities, different techniques for processing should
be used. The use of reactive sintering, shock activation, microwave sintering, self-
combustion sintering and plasma sintering is of advantage only in the systems which
allow the processing to exploit the special characteristics of these methods.

The case studies presented demonstrate the use of the fundamentals outlined in
the beginning of the paper. Knowledge of the relationships between the observed
microstructure and the processes which give rise to such microstructures has allowed
the processing to be manipulated to achieve a specific microstructure. Without this
understanding of the fundamentals of sintering, improvement of the properties of a
specific material must occur by trial and error and in an incremental manner. Sinter-
ing has now progressed to the point where material development can be done more
systematically to optimize properties.
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EQUILIBRIUM CRYSTAL SHAPES AND SURFACE PHASE DIAGRAMS AT SURFACES IN
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Résumé — La forme d’équilibre d’un cristal est la forme qui minimise 'éergie libre
total du cristal et peut contenir I'un des éléments suivants: des facettes, des cotés
aigus, des surfaces courbes lisses, et des angles. Le relation entre I'éncrgie libre de
surface par unité de surface, 7, et la forme d*équilibre du eristal est évidente d'aprés
le diagramme de Wulff, diagramme polaire de -y en fonction des vecleurs normaux, f.
Cabrera, Cahn, Rottman et Wortis ont décrit les limites entre les surfaces du cristal &
'équilibre {par example, entre les plans adjacents de facettes) en tant que transitions
de phase des surfaces. Si «7{fi) est fonciion de la temperature, de la pression ou du
potentiel chimique des composants, la forme d’équilibre du cristal peu changer. Ce
thangement de la forme d'équilibre peut étre représenté par un diagramme de phase
de surface avec les axes d’orientation de surfate en fonction de 'orientation angulaire
par rapport A une orientation arbitraire de référence, de la temperature, de la pression
ou de la composition chimique. Les transitions de phase des surfaces de MgO a é1é
determinée en lonction de la concentration de N1O en tant que soluté et le diagramme
de phase des surfaces ont été construits.

Abstract — The equilibrium shape of a crystal is the shape which minimizes the
total surface free energy of the crystal and may contain any or all of the following:
facets, sharp edges, smoothly curved surfaces, and corners. The relationship between
the surface {ree energy per unit area, -, and the equilibrium crystal shape is seen
straightforwardly from the Wulff plot, the polar plot of ~ as a function of orientation
of the normal vectors, A. Cabrera, Cahn, and Rottman and Wortis have described the
boundaries between surfaces on the eguilibriumn crystal (for example, between adjacent
facet planes) as surface phase transitions. If y(A) changes with temperature, pressure,
or themical potentials of the components, the equilibrium shape of the crystal may
change. This change in equilibtium shape can be represented by a surface phase dia-
gram with axes of surface orientation, in terms of angle from an arbitrary orientation,
and temperature, pressure, or chemical composition. The surface phase transitions of
MgO have been determined as a function of NiQ solute concentration and surface
phase diagrams have been construcled.

This research is supported in part by the Office of Naval Rescarch.

1. Background.

The character of interfaces in engineering malerials is frequently the controlling factor in ma-
terials fabrication and performance. Due to increasing demands placed on materials in serviee,
it is necessary to understand how these interfaces change in response to changes in processing
variables, such as temperature, pressure, and chiemical potential. From the time of Gibbs (1],
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the general thermodynamic principles describing Lhese changes have been known. However, Llie
gpecific detaibi of the stroftures and endFEIEE bF gnrfdtes 2nd ilteriaebs in real materid sré res
quired in order to use the surface thermodynamics in a predictive mode.

[n this paper, we deseribe one approach we have taken in the study of how the relative ener-
gics and equilibriuin morphslogies of surfuces change with temperature and chemical potential,
We present the resulls of an cxperimental study of equilibrium crystal shapes as a function of
cotnposition in the MgO-NiO system and use these results to construct equilibrium surface phasce
diagrams describing the transitions belween crystal shapes.

2. Equilibrium crystal shapes.

The equilibrium shape of a crystal is the shape which minimizes the total surface free energy
of the crystal. The relationship between the surface [ree energy per unit arca, v, and the equi-
librium crystal shape is shown straighiforwardly from the Wulff plot, the polar plot of 4 as a
function of crientation of the normal vectors, 7 |2]. The inner envelope of planes perpendicular
to the vectors 4(#) defines the equilibrium shape [3]. Although this construction is uselul from a
pedagogical point of view, in nature we observe the crystal shape, not the plot of y{f}. However,
by using the Wulff plot several important characteristics of equilibrium crystal shapes become
clear: {1) The equilibrium shape is convex. {2} It may contain any or alt of the following features:
lacets, sharp edges, smoothly curved surfaces, and corners. (3) By changing the relative values of
4 lor certain orientations, the equilibrium shape can change.

Cabrera, Cahn, and Rotiman and Wortis [4-7] have described several convenient ways to view
the equilibrium shape and its change with temperature. The transitions between adjacent crys-
tal faces can be viewed as surlace phase transilions. For example, at the intersection between
two facet planes or al a nontangential intersection between a facet plane and a smoothly curved
surface (Figure 1a and b), the surface energy changes discontinuously, corresponding to a first
order transition. A second order transition occurs at the tangential intersection of a facet with a
curved surface if the surface energy does not change discontinuously (Figure 1c). The smoothly
curved (non-facetted) regions on the crystal shape are frequently relerred to as being "rough”.
With these transitions defined in the same way we define bulk phase transitions, the change in
the equilibrium shape with temperature, pressure, or chemical potential can be easily represented
by a surface facetting transition diagram with axes relative top the crystal shape, in terms of
angle from an arbitrary orientation, and the changing variable. The information which the surface
lacelting transition diagram contains is the orientation at which a transition occurs. The positions
of first order transitions are indicated as dotted lines and second order transitions by solid lines,
in accordance with the convention used by Rottman and Wortis, who calculated interface phase
diagrams for cubic crystals as a function of temperature using statistical mechanics.

’Transilion _aTranaition ’Tmnamon

& [} i
Facatl = Facet Facet ~Rough
C

b - Rough

Figure 1. Schematics of surface phase transition. {a} and (b} are first order. (c} is second order.
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A surface lacetting phase diagram can then be constructed from the surface facetting transition
AIREFAIE *0d Ehe cryaial shapes. A surfaée facelting phase diagram showe iRe ANMBEF 6f o
existing facet planes and rough surfaces as a function of the normal to the surface plane. This
is directly analagous to a bulk phase diagram, with interface normal replacing composition and
with facets corresponding to line compounds and rough surfaces on the equilibrium crystal shape
corresponding to solid solutions. For example, when the equilibrium crystal shape is a cube, any
surface whose normal is not normal to one of the six facets planes will decompose into a mixture of
three {001} facets, except for surfaces with a {100} normal, which will decompose into two {001}
facets. A surface facetting phase diagram for the cube will, thus, contain regions showing two-
phase equilibrium and three-phase equilibrium. In this paper only the surface facetting transition
diagram will be shown.

The change in the equilibrium shape of crystals with temperature is undemtood much better
than with other variables. With increasing temperature, step energies decrease, facets shrink
and a larger fraction of the ares of the crystal becomes rough [8,9- |. With changes in chemical
potentials, the change in the equilibrium shape depends on the details of adsorption and surface
reconstructions,

While there have been several reports of changes in the equilibrium shape with annealing in
different multi-component atmospheres |[10,11- |, there have been few studies where a single vari-
able other than temperature is changed systematically.

3. Experimental Procedures.

The system MgO-N«O forms an fcc solid solution at temperatures below the melting point of
NiQ, 1990°C. The equilibration studies were performed using MgO-NiO powder mixtures with
MgO:NiO molar ratios of 100:0, 99:1, 95:5, B0:10, B0:20, 50:50, 40:60, 20:80, 10:90, 0:100. The
background impurity concentrations of the MgO powder, determined by induction coupled plasma
cmission spectroscopy, were 750 Ba, 400 Ca, 80 Mn, 3540 Na, 450 Sr {ug/g Mg metal basis) and
of the NiO powder, as provided by the manufacturer, were 6 Cu, 1 Ca, and 1 Si {ug/g Nt metal
basis}. The powders were mixed for two minutes in a vibratory mill, using plastic balls. The
powders were placed in high purity Al;Oy or Pt crucibles and annealed at 1500°C for 55 h to
homogenize the mixtures. The morphologies of the powder surfaces were examined by SEM.

4. Facetting Transitions and Surface Phase Diagrams.

The morphologies of the MgO-NiQ powders are shown in Figure 2 and the corresponding 3-
D equilibrium shapea and the projected views along the (001} and {011} zone axes are shown in
Figure 3. Major changes in equilibrium shape occur with changes in the N1 concentration. The
equilibrium shapes st low fractions of Ni (MgO:NiO = 100:0, 99:1, 99:5) are cuboidal with (100)
facets and rough regions separating the {100) facets. The areas of the facets are large relative to
the rough areas separating them. The intersections between the {100} facets and the rough regions
appear to be continuous; the surface energy changes continuously where the facels and the rough
arcas join and the transition is second order. The second order transition is seen in the (001}
zone axis (Figure 2(b)). The (90:10) powders show & minimum in the size of the (001) facets and
the rough regions are almost spherical. For powders with higher N1 concentrations (80:20, 50:50,
40:60), the mize of the (100) facets increascs. The transitions between the (100) facets and the
rough regions are clearly first order, as indicated in the SEM micrographs by the well-defined edge
at the intersection. At higher concentrations of Ni (20:80, 10:80), {111) faceis appear, the size of
(100) facets decreases, and a rough region still exists separating facets. The intersections between
the (111} and the (100) facets, betwecn the {100) [acets and the rough regions, and between the
(111} facets and the rough regions are all first order. For pure NiO (0:100), the rough regions are

_BC‘_.
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Figure 2. SEM micrographs of MgO-NiO powders annealed at 1500°C for 55 h: MgO:NiQO
(a) 100:1; (b) 99:1; (¢} 95:5; (d) 90:10; () 80:20; (f} 50:50; (g) 40:60; {h) 20:80; (i) 10:90; and (j)
0:1060.
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Figure 2. continued

very small and the relative areas of the (100} and the (111) facets have increased. In pure NiO),
all of the intersections are also first order transitions.

The shapes and their transitions described above are plotted in the surface phase transition di-
agrams for the {001) and the {011} zone axes, Figure 42 and b. The upper parts of both curves
show that, at low N+ concentrations, the size of the (001} facets decreases with increasing Ny
concentration. The size of the (001} facets increases with Nt concentration for Nt concentrations
greater than 10% (90:10). The appearance of (111} facets occurs between 60% and 80% Ni. There
are no data between these two compositions to determine the exact composition where (111) facets
first appear. The hypothetical construction on the diagram between these two compositions ¢or-
responds to the appearance of a (111) lacet surrounded by rough regions, that is, all facet planes
are separated by rough regions. For Nt concentrations greater than 0%, the (100) and the {111}
facets intersect but small rough regions remain separating facets of the same Lype.
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Figure 3. Equilibrium shapes shown in (a) 3-D views, (b) (001), and {c} (011} zone axes.

5. Summary.

The equilibrium crystal shapes and the surface phase diagrams for the MgO-NiO system at
1500°C in air have been determined. The equilibrium crystal shape changes with composition,
indicating major changes in the Wulff plot, 4(f). These results emphasize that interfaces which
are initially stable may become unstable as the composition of the interface changes during pro-
cessing and service. This effect is not limited to vapor-solid interfaces, as discussed here, but is
applicable o all interfaces, including grain boundaries.

While reporting these equilibrium crystal shapes and phase transition diagrams for the MgO-NiO

system, we warn the reader that the equilibrium shapes are extremely sensitive to the background .

impurity level. A wide variety of equilibrium shapes are found in undoped MgO derived from dif-
ferent sousces. Cubes of MgQO with sharp edges and corners are formed by burning Mg metal and
by decomposition of magnesium hydroxychlorides in air; rough, unfacetted surfaces are formed
an MgQO powders by the decompasition of ultra-clesn hydrated magnesium carbonate. In a con-
tinuation of this atudy, ultra-clean powder and clean room processing techniques are being used
to limit sources of chemical contamination and to make it easier to identify how <(#) is changing
with composition.
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Figure 4. Surface [acetting transition diagrams for MgO-NiO: (a) along the {001) zone axis
(b) along the (011} zone axia.
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Effect of a Liquid Phase on the Morphology of Grain Growth
in Alumina
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In this investigation we have siudied how the presence of a
liquid phase affects the grain morphology and grain growih
kinetics in Al;O, ai 1800°C using the growth of both matrix
grainy and large spherical single-crystal seeds growing into the
matrix. The growth rates of the mairix grains were found 1o
decreuse in the following order: undoped AL, ALO with
anorthite, AN O, with anorthite and Mg(), and AlLQ, with
MgO. Excepl for the samples doped with Mg alone, the
matrix grains were fuceted and appesred inbular in polished
sections. In samples containing anorthite both with and with-
out MgO, the single-crystal seeds exhibit basal facels with
continuous liquid films and slow growth in the (0001) relative
to all other crystaliographic directions. When only MgQ is
added, the growth of the single-crysial seeds was not isotropic;
however, no faceting was observed. We discuss how anisotropic
growih rates caused by the anorthite additions can stimulate
discontinuous grain growth in Al,0,.

1. Introduction

SMALL additions of MgO 10 AlO, have been shown 1o consid-
crably reduce the grain growth ratc,'” to suppress discon-
tinuous grain growth, and to allow sintering to theoretical density. '
Determining exactly how MgO affects the sintering o’ AlLCO, has
becn a major research effort aver the last two decades.

In order to analyze the sintening and grain growth of AlQ), mna
meaninglul way, two important featurcs which must be treated are
the presence of an umintentional silica based hquid phase between
the grains and the effect of this liquid on the grain morphokigy. In
maost sintering studies of AlLQ,, it has been assumed that grain
boundaries ¢xist between all the grains in the microstructure, How-
ever, it is probable thut most sintered Al.O, prepared under typical
laboratory conditions has been contaminated by the ubiguitous
impurties, S10; and CaQ.* * Becausc of the tow sclubality of 510,
in the lattice, 8it}; will either be segregarcd to grain boundarices or,
al sume critical concentration, exist as a liquid phase. The location
of this liquid phase in the microstructuee depends on the local
wetting conditions for grain boundarics and un the volume fraction
of luid phase.’

Since the microstructure of sintered Al ¥, was first puhlishcd"
it hus been obvious that the grains of undoped ALO, are anisvo-
tropic and faceted and the grains of MpQO-doped Al ), arc equi-
axed. The anisotropy of the grains is particulurly pronounced in the
large grains growing during discontinuous grain growth in undoped
AL, and in AL, with additions of Mn().* Any theory of micro-
structure evolution in Al must also address this question of why
additions of MgQ make ALQ, more isotropic and why certain
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other addimons are associated with the faceting of larpe grains.

In thes anvestipation we have cxapuned bow a wyuid phase
tanurthite) affects the morphofogy of A1), grains and have ana.
lyred how morphological chanpes aflect discontinuows grain
growth. Grrain growth in ALLO, samples secded with small single-
crystal spheres wan studicd with small additions of MgO(0.1 wi% b
and a tiquid phase using hot-pressing at 1800°C. The liquid phase
was obbuned by additions of anonhite (CaQy- AL, - 2500),),
which forms a cotectic at 1550°C with 8 wa™ AL, in the quasi-
banary section anorthite- Al of the CaO-ALO -S10) . sysiem.”
The addition of 1 w4 anortiele to ALO, produces approximately
1 & vol% of hyuid phase al BIGSC." Thuse experiments, where a
known amount of byuid of a known composition was present,
provide the hmiting vase for deteremining the influence of unm-
tentaenal ligueid phases on gram growth in ALO

II.  Experiments

Mixtures of ALQ, powders and single-crystal spheres were pre-
pared with different impurity additions by standard powder tech-
myucs and hot-pressing. The compositions were as foilows:
1) undoped ALLOL, (2 ALD, with UL | wie MeO.13) ALO, with
I wt anorthite, and (4 AL with 0.9 wtk anorthite and
01 wi% MgQ, Mp(N{ ;- 6H () way added to muxtures of Al.Q,
powder’ {average particle size < 0.3 pum) and single-crystal Al Q.
spheres' (diameter., 500 gem: weight fraction, <0.01; Cr content,
001 wt®). Anorthite way produced by melting o mixture of
ALG L Ca®dand S0 400 1:2 nwle ratio) at 1800°C for 20 men.
The melt was cooled at 250 K/min. The anorthite glass was
ground in & ball mill 10 produce powder with an average purtcle
size of <1 pm. Mp was added as Mp(NO),-6H.0. The ALO,
and the dopant powders were homaogenized in the ratios listed
above by stirring methanol powder mixtures and drying them at
room temperature. The dried powders were caleined at 900°C for
I h 10 convert the magnesivm mitrate to the oxide and to remove
adsorbed methanol.

All samples were isostatically compuvted at 3 MPa. Sumples
were hot-pressed at 35 MPa, tn carbon dies that had been lubri-
cated with boron mitride, a8 IKOD°C for | 1o 6O min, under a
protective Ar atmosphere or under vacuum. The heating and cool-
ing rates for the hot-pressing were 150 K/min. Samples were
polished and then etched using hot H.PO,. The average intercept
fength of the prains was determined by hncal analysis

I1I.  Results

Figure [ shows the microsiructures of samiples hot-pressed at
1800°C. The graing in the undoped samples are large, faceted, and
appear tahular in 2. The grain size and the gran shape in the
Mg(h-doped sample are more uniform and the prain size is signifi-
cantly smabler than in the undoped samples. With anorthie present
bath with and without MeO, the marrix gretny are faceted and are
much smalier than the matrix grains in the undoped ALO L samples
The matrix grains of Al with anornhite are lurger than i the
samples with buth anonthite and MO. Figure 2 shows the average
intercept length, L., of undoped ALO, samples, ALO, with
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Fig, 1. Alumina mutrix grains afler hot-pressing 435 MPa) wt 1%00°C for 30 min: {A) undoped ALOy, (8) ALU, + 0.1 w1% MO, (C) ALLG, + 1O wit'k
anorthite. 1) ALD, + 0.9 wit anonhive + 0.1 wi% MgO.

1o o 0.1 wt% MgO samples, AL,O, with 't wi% anorthite sumples, and

T ALO, with 0.9 wi% anorthite and 0.1 wi% MgQ samples hot-

° pressed at 35 MPa and 18300°C. L, is largest in the undoped Al.O

B .,/ Al03 pics and smallest in the sampl ining MgO but without
b an intentional liquid phase.

~
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The microstructures of samples which comtain single-crystul
AL;O; spheres in a finc-grained matrix are shown in Fig. 3. In
undoped Al Q;, the single-crysial seed has grown approximatcly

-

=3

re
Ay

e the same amount as the large matrix grains snd the large matris

/-"‘ ¢ grains have impinged on the sced crystal. Because the etchant only

\ o R attacked some intesfaces, all interfaces between the seeds and the
/ . matrix grains can be seen only when there arc many grains inter-

20 — secting the single-crystal seed. In undoped Al,O, the number of

mutnx grains inersecting the sced crystals is smalt and, as aresult,
the dependence of growth rate on seed orientation could aot be
determined. When MgO alone is present, the growth of the seeds
is comparalively uniform. Addition of anorthite leads. w faceted
growth in some directions and ori on-d Jent, nonfaceted
growth in other directions.

u/ATzo]- Anorthite - MgO

/—OM

)

/"203‘”90

o Density measurements by the Archinwdes method gave 99.1%

/ and 99.7% of theoretical density for undoped and MgO-doped

AL samples, respectively. Sumples containing anorthite were of

high density with some smail pores visible al wriple junctions after

polishing and etching. The large pores seen in the photugraphs of

0 - pos these samples ure polishing anitacts or a result of chemical eiching.

. ® In all samples, small pores arc visible near the initial boundary

Time {mnl of e Jarge single-crystal sphores. The porous interface was espe-

cially prosounced in the undoped AYLQ . samples. The ring of pores

indicates grain boundary-pore scparation during the carly stage of
hot-pressing.
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S

Fig. 2. Average lwear intercept, Lo of aluming niiris
prams atier hot-pressmg (35 MPad at [BO0°C. Note chamge
of ~weale Fur dats tor utdoped ALLY,
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Fig. 3. Alumina with single-crystal seeds after hol-pressing (35 MPa)

al 1800°C: (A) ALO,, 60 min; (&) ALO, + 0.1 wi% MgO, 6U mun;
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1V, Discussion

(1) Growth of Matrix Grains

From Fig. 2. an initial, rapid geain growth regime tollowed by
a much slower grain growth regime (bat-pressing times > 10 min)
cun be deduced. The addition of anorthite, of avorthite with MgO,
and of MgQ dramatically lowers the grain growth rale compared
with unduped AlQ, during the two grain growth regimes. Equa-
ionsuf the form G ' — G4 = ky(t, — 1), where G = L.5L,, have
been used to permit direct comparison of these results with other
results from the lilerature, These are labulated i Table 1. The
ranking of k. valucs is the san as the ranking of &, values at
1600°C reported previously for undoped ALQ,, ALO. with an
unintentional liquid phuse, Al:Q, with Mg() and an unintentional
liquid phase, and ALO, with MgO wklitions.'*

These growth constants are vonsiderably higher than growth
constants reported carlicr for grain growth in more porous ALOY
and MgQ-doped ALO, at 1BU0°C by Moceilin and Kingery " and
by Kinoshita. " It was reported. howcever, that pores were present
durmng these previous experiments. In both cases samples were first
tut-pressed und subseyuently anncaled 10 cause grain growth.

Grain growth sates i ALLO, samples with anorthite and MgO
additions at the same levebs used in this study have also been
measured at 1600° and 1700°C" ay shown in Table | The &,
vilue for AlG, with § wit4 aaorhite at 1600°C is in good agree-
ment with the &« value al BO0PC (A, — 174 % 10 ™ m'/s) ol
Benaison and Harmer' for undoped ALCQ), containing an umin-
tentivnal hyuid phase. Although the amount of impuritics n that

Table 1. Values of k; for Grain Growth in A1, 0,

Ly OCH ' mbs)

1600°C mece T8
ALD, [
ALO, + 1% anorthite 0.3 9.1 12.6
AlLO, + 0.9% anorthite 0.2 47 9.2
+ 0.1% M|
ALO, + 0.1% MgO 56

*Reference 12, "This study.

study was reported (o be =0.02%, the matrix growth kinetics are
the same a5 in the samples described here which contain a large
amount of liguid phase.

{2} Seeded-Growth Kinetics

The most siriking sesult of the experiments on samples contain-
ing anorthile is the faceting observed as the single-erystal seeds
grow inko the fine-graimed matnix . as shown in Figs. 3C) amd (D).
The facets observed are basab facets as evidenced by the 2-tuld
ature of the growth feunt. Allhough the growth fronts away from
the basal facets are nunlaceted, the growth rates in these dircetions
are alse functions of the crystallogruphic onentation. a seen o
Figs. MC) and (£). The growth rate aormal 1o the basal fuccts s
much lower than the growth rate of the untaceled regioms. Hie
dillerence 1 the growth rate of the two basal Tacets in Fig. 3(C)
is due to the section not being through the center of the sphere. The
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SINGLE CRYSTAL

MATRIX

Fig. 4 Schematic miceastrucizee of a
basal facet separated from adjacent grains
by a Jequad bayer.

measured diameter of the sphere from the photograph is
5% smaller than the true diameter of the sphere. The observed
prowth rates are an upper bound on the true growth rale, since
sectioning through the center of the sphere at an angle, 8, to the
normal to the facel will yield apparent growth rates too large by
= feos 8.

Monahan and Halloran performed a similar study of the growth
of large sapphire single crystals into a fine-grained AlO,." Al-
theugh the growth was not isotropic, faceting was not observed in
spilc of the probable prescnce of a liquid phase because of the high
Si level (1000 ppm). Since they used c-anis sapphire rods™ and
sectioned nearly perpendicular to the rod axis, basal faceting could
not huve been observed,

The dihedral #ngles in the fine-grained mairix at the liquid-facet
interface are most consistent with a continuous Jiquid tilm along
the facet. This is shown schematically in Fig. 4 1f we assume that
the facet forms a grain boundary with the matrix grains, then a
dihedral angle o of 180" at cach triple junction implies onc of two
possibilities. First, if the torque terms are negligible, then each of
the prain boundaries along the facet must have a much higher
encrgy than those perpendicular to the facet. independent of the
misorientalion between any twa matrix grains or a mairix grain and
the facet. Second. if all grain boundary energies are comparabie
ard the torque terms arc important, then a precise balance of
torques and energies must be present at each triple junction. As
discussed in a paper by Kooy on faceting during abnormal grain
growth, it is unlikely that cither of these two possibilitics is met.
It is more likely that there is a continuous liguid phase along the
facet with grain boundaries of the matrix ntersecting the liquid
along the facet plane.

This basal faceting of the single-crystal seeds is it observed
when Mg() is present without anerthite (Fig. 3(8)). However, the
growth re into the equiaxed matrix grains is not isofropic. In
the undoped ALO . discontinuous grain growth has occurred in the
matrix and the single-crystal seeds appear to have had no dislinct
advantage tor growth over the matrix grains. The grain size in the
umrduped ALOL samples 15 the same order of magnitude as
the growth layer thickness of the single-crystal seeds and the matrix
grais are tabular in 20 and are faccted. Because of the extensive
dicontinuous grain growth in the undoped AlO,, it is very diffi-
colt o guastitanvely compare the results fur undoped AL O, with
any of the other three sets of results, These results do show qual-
itatively thar pronounced faceting of Al and extreme differ-
chees in the growth rale with orientation oceut in undoped ALO,
amt i AlQ, with anorthite, and A0, with anorthite and MgO.
Nu Lacetmg aceurs with only Mg added and the growth rate
anisatropy is smaller. When anarthite liguid phase is present, the
addition of 0.1 wi% Mg() has no ¢ffect on the faceting behavior
uning seeded prowth,

Canttnuous iquid films have been observed by TEM in com-
mercaal almmina™ and atumima produced (rom commercial
powders' which contaia nomninally (. 2% impurities and. hence, a
smull but sigmficant amaunt of liguid phase, In those samples,
almost all mtertuces were wetted by the fiquid phase. Faccting on
TIGE2ZY, ey and {11730} were observed at grain surlsees n
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contact with the Nquid. Interfaces between AlLO, grains and the
liyuid phase were found 1o be similar 10 the one shown sche-
matically in Fig. 4. The only interfaces that did not contain a
liquid phase were basal twins, which arc of very low encrgy. ¢
was observed to be very cluse o 180° at twin-grain boundary
intersections.

The observation «f basal facets with slow growth rates amd
continuous liguid filens cun be used to give insight into the micr-
structural evolution of undoped A0, and MgO-doped AlLO,.
Samples of AlO, processed under typicat laburatory conditions
contam significant concentrations ol Cal} and Si0,. Although the
compositions of the undaped and MpO-doped ALLO. were not
measured in this studly, random contamination frequently leads 10
concentrations of Si and Ca of the arder of J000 pm. In this study
it was shown that the kinetics of grain growth along the {0001) arc
lowered and basal facets form in the presence of a liguid phase
During the sintering of Al:O with 2 smalt amount of liquid phasc,
grain boundzries and nonbasal liguid-solid interfaces in ALO, can
mave rapidly while basal lacets wetted by the liguid phasc and twin
boundaricy are relatively immobile. A classical phenuomenological
description of the conditions for discontinuous grain growth'™ con.
tains exactly thesc features: some boundaries are immobile and
“pinned” while other boundaries are mobile. In this case. the
difference in growth rate is due to the hiquid film. The cotiept of
4 liquid phase affecting sintering and gram growth is not new. For
example. Rossi and Burke ™ conskdered the effect of a lquid phase
on the coarsening of pores during final-stage sintering tn AlLO),.

The liquid phase need not be present initially w affect the micra-
structure development. Impurity scgregation to grain houndaries
can reduce the impurity concentration in the grains below the
sulubility limit, even though the totai conventration is abuve the
bulk solubality limil. As sintering and grain growth oceur. the grain
boundary area is reduced and the sulute concentration in the grain
boundary must increase to keep the concentration in the
grains below the solubility limit. At some critical graim size
the capacity of the grain boundary will be exceeded and u liqued
phase will appear.

This scenario for the sudden appearance of a liquid phase is
Qualitatively supported in other studies of the microstructures of
undoped Al;O, at different stages of sintering, ™ At carly stages the
grains scem rather equiaxed, In the final stage of sinfering graims
become more faceted in general and the grains Erowing by discon.
tinuous grain growth have pronvunced facets. The correlation
among faceted grains, disconfinuous grain growth. and a Ca()-
AlO-5i0; phase also was previously reported by Handwerker
et al.*' for seeded and matrix grain growth experiments performed
using high-purity AlO. processed under clean room conditions, In
a single ALG. sample, random contamination produced discon-
tinuously growing. faceted grains with an anorthite-based intce-
granular phase detected by EDS. 1t has been noted previously that
the grain structure in undoped A0, becomes more equiaxed when
contamination during powder processing and sinfering is re-
duced.™™ This comelation among faceting. the prescnce of an
anorthite-based liquid phasc, and discontinuous grain growth sug-
gests that the samples of undoped Al,O\ examined in this study as
well as in most other studics contained substantial amounts of
liquid phase.

When MgO is added o ALO, without an intentional liquid
phase, the growth of both the single-crystal sceds and the matrix
grains hecomes more ssolropic. [ is imponant to note that addition
of MgO 0 ALO, powders with widely differcnt nominal impurity
levels creates the same result of a more equiaked microstructure
with no discontinuous grain growth. I is clear from this result
that MgO is usually not the only active impurity in the system and
that the cumbined cffect of Mg, Ca0). and Si). additions must
be considered.

V. Conclusions

The Kinetics and the morphedogy of grain growah in undoped
AlQu e ALO with T wt' anorthite. in ALO, with 0.9 wit

May 1987

anorthite and (1 wt% MgO, and in ALO, with 0. F wiS% MO w
IB"C were determined for hath matrix grains and large spherival
single-crystal seeds growing into the matrix. In qualitative agree-
ment with previous observations of AlLGO, with an uncontrotled
arnount of ligued phase, M(r lowcered the matrix growth rate with
and without anorthite present and a darge amount of liguid phase
without MgQ also lowers the matrix grain growth. The growth
rates of the matrix grains were found 1o decrease in the following
vrder: undoped A1LO .. ALO . with anorthite, AL, with anorthite
and MgQ. and Al:O, with MpO. Except for the samples doped
with Mg(} alone, the miatrix grains were fuceted and appeared
tabular in 203

In sampics containing anorthite both with and without MgQ,
single-crystal seeds exhibit hasal Facets with continuous tiquad
filnys and slow growth in the (001 relative to all other crys-
tallugraphic directions. When orly MgQ is added. the growth of
the single-crystal seeds was not isotropic; however, no luceting
way observed.

From the morphologics and the anisotropic growth rates ob-
served in AlOy in the presence of an intentional liquid phase (1 to
2 vol%), the effect of 4 smalter amount of liquid phase on the
microstructural evolution of ALO, has been described.
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Recent advances have been made i the understanding of sintering of ceramucs. The primary advances have been in Lhe modelling
of grain boundary and surface properues and in Lhe measurement of the effect of low levels of impurities and dopanls on the energies
and properues of interfaces. These resubs indicate thay sintering is sirongly affected by crystalline anisotropy. multiple Lranspon

h 1

ies and impunty effects. In parsicular the effect of variable concentralicns of impurities at the (race

plex B

leve} have been [ound 10 mask the effects of changing most other systems parameters i ceramics with low intrinsic concentratons of
defects. Expenments are described which can be used to isolale specific parameters or processes involved in sinterimg. such as the
surface-grain boundary dibedral angle. Specific examples of impurity effects in MgO and a-Al,( ate presented.

1. Introduction

Impurities and dopant additions can modify
every kinetic and thermodynamic parameter which
affects the way in which a ceramic material sinters.
In many ceramic systems, the intrinsic concentra-
nons of defects, such as lattice vacancies, is orders
of magnitude smaller than the lowest concentra-
tion of impurities that has been obtained. As a
result of the requirements of stoichiometry and
clectroneutrahty, the incorporation of these im-
purities into the ceramic determines the defect
concentration. Because sintering occurs by Lrans-
port mechanisms involving these types of defects,
the sinterability of a sample can depend on its
concentration of impurities at the *“trace” and
* ultra-trace” levels. When chemical composition
is not of critical imporlance, ceramic engineers
can often search empirically, with varying success,
for the “magic” additive that will make their
materia} sinter, This approach is not appropriate
to many applications.

1t is non straightforward to identily the specific
mechanisms by which impuriues affect sintering,.
Impurities dissolved in the bulk can contro! lattice
diffusion, Impurities segregated to the gram
boundarnes can change the energies and structures
of gram boundaries, the grain boundary diffusivi-

ties, and the boundary mobilities. Segregation of
impurity aioms to free surfaces can change the
encrgies and structures of surfaces, the surface
diffusivities. and the rates of evaporation and
condensation from the surrounding vapor phase.
The presence of impurities or dopants in excess of
their solubility limits leads 10 precipitation in the
bulk and along interfaces and can affect transport
properties in their vicinities.

For many applications of sintered ceramc
materials in the crystal growth and electronic in-
dustries, both the maintenance of a specific chem-
ical composition and the ability to sinter the
material 1o high density are critical 1o the end use.
For example, a-Al,O, for use as feedsiock for
Czochralski growth of sapphire must both contain
low levels of impurities (Si, Fe, Na,...) and be
sintered 10 high densities to maximize the amount
of material that can be put into the crucible at the
start of crystal growth. As a result of the concur-
rent restrictions on chemical composition and fi-
nal sintered microstructure, it is important 1o un-
derstand ihe relationship between chemical com-
position and sinterability and 1o devise techniques
for maintaining the composition while producing
the required microstructure.

The effect of chemical compasition on the
sintering process is reviewed in this paper wn the
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light of recent developments in the modelling of
the sintering process and of grain boundary and
surface properties and in the measurements of the
effects of low levels of impurities on the energies
and properties of boundaries in polycrysialline
ceramics.

In section 2 we will review the current state of
understanding of sintering theory. Section 3 will
discuss how critical parameters for sinlering are
alfected by impuritics and dopants. Techniques
for measuring the effect of impurities and dopants
will be presented. Specific results will be presented
for the measurement of 1he surface energy 10 grain
boundary energy ratio and the implications of this
result will be discussed. Examples using the Al,O,
and Mg0O systems have been used where possible.
The production and sintering of ceramics with low
levels of impurities is reviewed elsewhere [1,2].

1. Sintering

When powder compacts are heated to high
temperature {above =1/2 the melting point), in-
dividual powder particles change their shape due
1o capillary forces [3). The mechanisms by which
these shape changes occur are usualty described
by the 1erm “sintering” and. acting individually,
lead either 10 densification or 1o coarsening of the
powder compact as a whole [4--9]. During densili-
cation, the particle size remains constani, the
surface area of the compact is reduced, and pore
volume is eliminated. During coarsening, the par-
ticle size and the pore size increase and the surface
area of the compact is reduced without a reduc-
tion in pore volume, as shown schematically in fig.
1. Both processes occur simultaneously dunng
sintering but by different mechanisms. The pro-
cess which dominaltes the sintering depends on the
relative rates of the different mechanisms.

In this paper we will concentrale on the effect
of impurities through the transport properties and
changes in interfacial energies. The effects due 10
particle agglomeration, non-uniform particle pack-
ing. particle size distribution, non-spherical
powders, and similar effects will not be consid-
ered. A discussion of some of these ellects is
presenied elsewhere [10].

RE AL COARSENING

INFTIAL
DENSIFICATION

GRAIN SI1ZE

PORE SIZE

Fig. 1. Schematic of the grain size-pore size trajectories during
sintering. For pure densification pores shrink, while for pure
coarsening. buth pores and grains grow. Real materials follow
ant intermediare path.

2.1, Models

For purposes of modelling, sintering is usually
divided into three stages, initial, intermediate, and
final [6]. During the initial stage the interparticle
contact area {or neck size} increases from zero to
= 20% of the cross-sectional area of the particle
[11.12}. For the intermediale siage the grains are
maodelled as tetrakaidecahedra (truncated oc-
tahedra, which are space filling) with iniercon.
necled cylindrical pore channels a1 the grain edges.
All pore channels are inlersected by three grain
boundaries. During this stage, the densification
models predict that the pore channels simply
shrink. In the final stage (beginning at approxi-
mately 92% of theoretical density} isolated pores
are formed when the pore channels break up due
to capillarity induced instabilities [13,14] and the
isolated pores are located on the grain corners or,
after discontinuous grain growth, inside the grams.

There exists an interest in studying the initial,
intermediate and the final stages in order to in-
crease our understanding of the basic processes
involved in sintering. The [inal stage of sintenng
is, however, the most important from a practical
standpoint because for a material to have useful
properties (mechanicat, electrical and opticai). high
density is usually required.
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2.2 Sintering mechunisms

For materials with low yield points. contact
flattening between particks occurs by plastic llow
(dislocation motion) [15). For glasses densification
occurs by viscous flow [16]). However, for the great
majority of ceramic materials the yield peint is 100
high for signilicant densification or shape change
to oecur by plastic flow and, because they are
crystalline, viscous flow is nol possible [17,18]
Rather, sintering occurs by thermally aclivated
alomic mass Uansport mechanisms. The mass
transport mechanisms are lattice diffusion, either
by a vacancy or interstiial mechunism. grain
boundary diffusion, surface diffusion. and evapor-
ation and condensanon (E/C) with transport
through the vapor phase. The various mechanisms
and paths are shown schematically in fig. 2.

Both densificalion and coarsening occur simul-
laneously during sintering. Only Jatlice diffusion
and grain boundary diffusion lead (o a nel reduc-
tion of the pore volume of a powder compact.
This reduction in pore volume occurs because
both mechanisms can transport material from the
grain boundary between the particies o the surface
of the neck region. Surface diffusion and vapor
phase transport can only transport material from

SURFACE
TRANSPORT

GAAIN BOUNDARY

GAS-PHABE
TRANBPORT

QRAIN BOUNDAR THECK® REGION

TRANSPORT

Fig. 2. Alom (rarsport mechunisms and paths during inaual
Slage s § Material is req d from the surfsce and the
grain boundary and deposited in the neck region.

ont region of the particle sirface 10 anather. When
the porosity is interconnected (imnak and inier-
mediate stuges) these surlace processes allow shape
changes which lower the surface curvawre and
lead 10 a coarsening of the structure without
changing the pore volume. In the inibal stage.
lattice diffusion from the particle surface to the
neck region can cause coarsening (1], Thus, w
have densilication, grain boundary or latice diffu-
sion must dominale over surface diffusion and the
source of material deposited at the neck must be
Lhe grain boundary.

2.3. Driving forces

For sintering to occur spontancously, it must
cause a reduction in the total energy of the system.
During sintering there is & reduction of the
solid—vapor interfacial (or surface) area accompa-
nied by an increase in the solhid-solid interfaciul
(or grain boundary) area. Thus, a necessary condi-
tion for sintering to occur at all is that the grain
boundary energy be less than the energy of the
surfaces being eliminated.

Atom motion occurs due 1o the defect con-
centration gradient arising from the stress dif-
ference, due 1o curvature, between the neck region
and the grain boundary or particle surface. The
equilibrium vacancy concentration at a curved
interface (C,) will be different than at a flat
interface (C?) and the difference is

~Cly, 0K
T (1)

where v, is the surfacc energy, & is the vacancy
volume, K is the curvature of the interface, T is
the Lemperature, and & is Boltzmann's constant.
The stress is taken 10 be v, K and, in the conven-
tion used here, wensile stresses are negalive,
Several initial stage models have been derived
which give the concentration gradient causing atom
motion. The modelling has been reviewed
elsewhere [11,12). For densification by grain
boundary diffusion, the exact form of the stress
distribution and the concentration gradient along
the grain boundary have been solved analytically
for symmetric and asymmetric neck geometrics
[19]. The stress is tensile al the neck surface and

c,-C'=-

- tS] -—
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compressive at the center of the grain boundary
and. thus the vasudey pancoRifshon ix highet d
the neck than at the center of the grain boundary.
Vacancies will migrate from the neck o the grain
boundary. Aloms will migrate in the opposite
direction, resulting in densification.

For voarsening, the exact form of the siress
disiribution has not been determined analyucally.
The particle surface has a posiuve curvature {(com-
pressive stress - lowered vacancy concentralion)
and the neck has & negative curvalure (lensile
siress - increased vacancy concentration). bn this
case migration of atoms will be from the particle
surface 1o the neck. The problem in determining
the stress distribution is in defining the exact
curvature along the neck surface and the wransi-
tion from posilive 10 negative curvature. This
problem does nol arise in the grain boundary
diffusion controlled densification case because the
stress a1 the neck is determined by the force
batance al the grain boundary-neck intersection
119).

It must be emphasized that, although the
migration of aloms accurs due (o the stress gradi-
ent between different regions of the particles, the
stress gradient is not the driving force for atom
motion. Atom motion is assumed to occur by
random walk diffusion [20]. An individual atom
has no force exeried on it, but rather jumps in a
completely random lashion. There is a net migra-
tion of atoms due Lo the vacancy concenlration
pradient, but the siress gradient 15 assumed 10 a
first approximation 10 have no effect on atom
motion. Many authors have used the difference in
free energy {chemical potential) as the driving
force for atom motion. While in sintering this
leads 10 a correct solution for the motion of

atoms, there exist situations where the use of the

free energy gradient to describe a process oc-
curring by random walk diffusion lecads to an
incorrect result [11,22].

With few exceptions, the driving force for atom
motion, i.c., the differences n curvature among
the interfaces in the sintering system, has been
modelled using a geometry that is too restriclive.
In particular, the curvature at the intersection of
the two particles at the grain boundary is mod-
elled as corresponding lo an inscribed circle. The

actual curvatere at the grain boundary-surface
ek G (2 HEiRHRIed Ry jie Fokes Ralance
between the surface und griin boundary tensions,
The expression which governs the equilibrium an-
gle, . known as the dihedral angle, and, hence,
the curvature, of the grain boundary-surface in-
Lersection was derived by Herring [3]. For three
general interfaces mecting along a line, the bal-
ance of forces is

)
Z (y,.r,+%}=0. (2}

r=\

where v, is the energy of the sth interface and ¢, 18
a unit vector lying in the ith interface and normat
10 the line of intersection of the interfaces. The
vector quanlities 8y,/8r, have the mathematical
form of a worque, and are usually referred to as the
lorque terms. They may also be viewed as a force
acling normal (0 their corresponding interface.
The 1orque terms are especially important for twia
boundaries and can allow three boundaries to all
lie in the same 180° {23). Examples of equilibrium
curvatures which are resulis of this force balance
are shown in fig. 3 for lenticular pores on grain
boundaries. As the grain boundary energy in-
creases relative to the surface energy, the angle of
the interfaces a1 the grain boundary-surface in-
lersection decreases. When the grain boundary
energy is greater than or equal to twice the surface
energy, the angle is zero and the particles will not
form a grain boundary. When the 10rque terms are
large or when the grain boundary encrgy ap-
proaches zero, which occurs for low angle and
iwin boundaries, ¢ approaches 180°. For iso-
tropic grain boundary (v;) and surface energics

é\ﬁ}\' \m\i\\?\\f

2 ~2 v -0 3 .o w~—~i30"
18 7

Fig. 3. Shape of pores on grain boundaries lfor difleremt di-
hedral mngles. As ¢ app hes 0°, pores b elongaied

and as y approaches 180°, pores are Tounded.
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(7.0 ¢ (2} reduces to

Yo = 2 eonl 42} (3)

En ceramics, there are few quantitative data on
energies ol surfaces and gruin boundaries as func-
tions of their crystallographic orientation. Frac-
wire data andicate that cleavage will occur in most
ceramics only along specific electnically neutral
planes, such as the [1K0} in rock-salt structures,
Cleavage along charged planes leads to faceling
mto neutral planes. In addition, surface facets are
frequently observed after heat treatment. These
data suggest that surface energy is dependent on
the surface orientation, Grain structures n high
density ceramics formed by grain growth fre-
quently coptain twins and boundaries which inter-
sect wath unequal angles. These observations sug-
gest that Lthe grain boundary energy in ceramics is
also a function of the boundary crystallography.
As a resull, it is apparent that eq. (3) does not
apply o ceramics.

In the absence of data on ¥y, as a function of
surface orientaton and y, as a funclion of
boundary crystallography. eq. {2) cannot be used
10 give the grain boundary to surface energy ratio
from the measured dihedral angles. Regardless of
the inability to deconvolute angular data, meas-
wrements of the dihedral angles alone are encugh
1o indicate the curvatures expected at the grain
boundary-surface intersections during sintering.
Al a given particle size and neck size, the local
curvature increases as the dihedral angle increases.
[f 1he dihedral angle distribution in a maerial is
broad, the driving force for sintering will be non-
wniform in the powder compact. In addition, the
vurvature can vary around the neck of 1wo sinter-
ing parvicles since the surface onentauon changes
around the circumference £24-26].

In the final stage of sintering. il the dihedral
angle 1v differem from 180°_ then not all pores will
shrink. The stability of pores with respect to
densification s determaned by the difference in
curviture hetween the pore surface and Lhe source
of aioms which 1s the grain boundary. Since the
grain hboundary ts assumed to have no net curva-
ture, pores whose radii of curvature are outside of
the solid grain have negative curvalures and atom
trapsport will oceur from the grain boundary (o

the pore. Pores whose radii of curvature are inside
the sohd grain have positive curvatures and alom
transport will occur from the pore surlace 10 the
grain boundary. Pore surfaces with no net curva-
ture are at the same chemical potential as the
grain boundary and no atom transport will occur.
The curvature of the pore surface (the driving
force) vanes with both the dihedral angle and the
number of sides of the pore [27]. The dihedral
angle for pore siability for pores with differem
numbers of sides is shown in fig. 4a. For example,
a four-sided pore in three dimensions that has a
70.5° dihedral angle will form a tetrahedron. Since
the sides are straight the pore is stable. If <
70.5°, then the pore has a positive radius of curva-
ture and the pore will grow. Il § > 70.5° then the
pore has a negative radius of curvature and the
pore will shrink. Siable pores with positve or zero
curvatures are seen in the MgO sample shown in
fig. 4b, For a distribution of dihedral angles, the
pore stability criterion is much more comphcated.
Pores will shrink at different rates locally. While
overall there is a reduction of pore volume
(densification), some pores may be growing
(coarsening). Thus, it is seen that the pgrain
boundary 10 surface energy ratio, as reflecied in
the dihedral angle is a cnitical parameter in de-
termining the driving force for sintering.

2.4. Kinetics

Duuring sintering the migration of atoms will
occur simultancously along all the available paths,
that 1s, in the lattice. in the grain boundary region,
along the surface of the particles or in the vapor
phase. The net rate of atom motion is a combina-
uon of the rate for each mechanism scaled by the
appropriale geometric factor [28). For example, in
the iniual stage modelling the rate of sintering by
grain boundary diffusion scales wun the particie
size to Lhe fourth power while that for lattice
diffusion scales with the third power of the par-
ticle size. To accurately model the sintering behav-
ior of real malerials a combination of mechanisms
must be included [9). For muluple mechanism
models the ume dependence exponent is not an
integer and the particle size dependence of the

---‘-)?)—
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Fig. 4 () Stability of pores for different dihedral angles and number of sides [27]. As ¢ decreases, a pore must have Tewer sides in
order 1o shrink. {h) Photograph of MgO sample showing pores that are siable or growing. Al! the pores lell in the sample have the

center of curvature of the sides lying outside the pore.

sintering rate changes as sintering proceeds due Lo
the geometrical changes.

In a multicomponent material all species can
migrate. For metal alloys there is ne coupling
between the species and segregation can occur if
the migration rate is very different for the differ-
ent species. [n ionic materials (ceramics) there is
an electric field coupling between ions of different
charge. This coupling requires that the net migra-
tion rates of the different species be in the
stoichiometric ratio. The slow moving ions will
feel a force tending to speed them up while the
motion of the fast moving ions will be retarded
[29.30). The different ions can migrate along dil-
ferent paths and therefore the effective diffusion
coefficient will be determined by the slowest jon
along its fastest path [31,32]. For the case of
combined lattice and boundary diffusion in a
single component system, the effective diffusion
coefficient 15

Dy=D,+=6D, /d, (4)

Ll

where d is the grain size, D, is the lattice diffu-
sion coefficient and 8D, is the product of the
grain boundary width and the grain boundary

diffusion coefficient. For an A B, compound
{a+B)D4DH

. (5)
( BOS + “De?()

D

ofl ™

For lattice diffusion by a vacancy mechanism
the ionic diffusion coefficient, D), is

D =DX, (6)

where D, is the vacancy diffusion coeflicient and
X, is the mole fraction of vacuncies. For boundary,
surface, or vapor phase diffusion and lattice diffu-
sion by an interstitial mechanism the mole frac-
tion of vacancies is taken 1o be unity and the 1onic
diffusion coefficient equals the defect diffusion
coefficient,

Grain growth is also occurring during sintering,
Because the different mechanisms for shrinkage
have different grain size and pore size depen-
dences, the dominani mechanism will change as
prain growth occurs. Thus, lattice diffusion may
begin to dominaie at long times when the grain
size is latpe, even though the boundary diffusion
coelficient is much higher than the lattice diffu-
sion coeflicient. The dominant mechanism may

e
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change with temperature since the different diffu-
won coelficients have different temperature de-
pendences. Surface diffusion, which generally has
the lowest activation energy, will dominate al low
wmperatures while, at high emperature latice
diffusion will dominate. During any siniering ex-
periment, it is also Decessary o compensale for
the nonisothermal interval during heating. Theo-
retical calculations show that under certain condi-
tions, processes occurring during  healing can
dominate the initial stage kinetics [33].

Geometrical constraints require that the migra-
tion rates for different mechanisms be within
specilic ranges. For example, in the case of
densification in the initial stage by lattice or
boundary diffusion, it is necessary thal surface
diffusion be rapid enough to redistribute the
material thal is removed from the grain boundary
region. [f surfuce diffusion is too slow, the curva-
ture at the neck will decrease and the densification
rate will decrease [11,34]. However, if surface dif-
fusion is 100 rapid, coarsening, not densification,
will dominate throughout the inilial stage.

The modelling that has been done usually as-
sumes that reactions at the interface (creation or
annihilation of vacancies) are not rate controlling.
If imerfacial reactions are important then ihe
modelling is much more complicated and the pre-
dicted time and particle size dependences are dif-
ferent from those usually used {6]. While interfa-
cial conirol does nol seem to be important for
most ceramics, il can not be ruled out without
some supporting evidence, such as creep measure-
ments.

2.5 Microstructure in the final stage

The [inal stage of sintering starts when the
break up of interconnected pore channels leads 10
isvlated pores which lie along three- or four-grain
junctions [7,13,14]. The insisbility analysis of Mul-
lins [35,36] gives the wavelengths of the perturba-
tions which lead to breakup of the continuous
channels into discrete spherical particles. Recent
calculations [14] have been performed showing the
effect of dihedral angle, v, on the stability of
channels along Lhe intersection of three grains. It
was found that channels become more stable with

respect 10 perturbations as deureases and the
diameter for which e chunnel surface beeomes
unstable also devreases as the dibedral angle de-
creuses. Since channels with a lurge curvature targe
) shrink faster than channels with a small curva-
wre (small ), the results of the perturbation
analysis lead o the predicuon that in a single
sample the channels with the larger ¢ will hreakup
into discrete particles at a lower Jocal density than
for channels with smaller dihedral angles. For a
system with a disiribution of dihedral angles. iso-
lated pores will coexist with open pore channdcls
during the transition (o the closed pore siage.

In the final swage pores do not necessarily
shrink, as discussed in section 2.2, There are 1wo
mechanisms by which pores coarsen: mass transfer
between isolaled pores and pore coalescence dur-
ing grain growth. Due 1o the distribution of di-
hedral angles and defects in particle packing, some
pores grow while adjacent pores shrink. The pores
with the appropriate dinedral angles and number
of sides can serve as sources of mass for shrinking
pores. Pores that remain attached o grain
boundaries during migration will coalesce as grains
disappear [37). In the following discussion, grain
growth without pores will first be described, fol-
lowed by a review of the current modelling of the
interactions between pores and grain boundaries.

The driving force for grain growih is the curva-
ture (K) of the grain boundaries {38, not ¥, K (the
grain boundury energy-curvature product), as is
usually assumed. The curvature is determined by
the number of grain sides and by the orienlation
dependence of the grain boundary energy. For a
material with isotropic grain boundary energy, at
three-grain junclions the grain faces must meel at
120°. In a 2D array of hexagonal grains, the
grains will have straight sides of equal length and
will be stable. Grains with fewer than six sides will
have curved boundaries with the cener of curva-
ture lying inside the grain and will shrink. Grains
with more than six sides will have the centers of
curvature for 1he sides outside the grains and will
grow. 1f the boundary energy is not isotsopic the
relationship is much more complicated and de-
pends on the specific grain boundary misorienta-
tion with each of the surrounding grains. Recent
Monite Carlo simulations of grain growth with
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isotropic grain houndaries energics show normal
grain growth while inclusion of a distnbution of
grain boundary encrgies leads 1o 4 bumodal grain
size distribution after grain growth |39].

During grain growth pores must cither move
along with the grain boundary or become sep-
arated and “trapped” inside grains. In ceramics,
pores that are trapped shrink at much lower rales
than pores that remain on boundaries. Anion
lattice diffusion is Lypically orders of magnilude
slower lhan cation lanice diffusion [40,41]. Since
ambipolar cuuphng requires that the ions be trans-
ported in the stoichiometric ratio, the migration of
cations will also be low and, hence, pore shrinkage
by Jattice diffusion alone produces litile densifica-
tion. During the final stage of siniering, the criti-
cul process in determining the final density is,
therefore, pore-boundary separalion, since pores
that are sepuraled from boundaries shrink oo
slowly 10 be removed wilhin reasonable intervals.

The mechanisms {or pore migration are surface
diffusion, lattice diffusion, and evaporation and
condensation through the vapor phase (42). The
dominant mechanism at a given temperature de-
pends on pore size. There are two regimes where
pores can Femain atlached 1o the grain boundaries;
pores, which are small enough, move along with
the grain boundaries without affecting their mo-
tion; and pores, which are large enough, are im-
mobile but retard the motion of the boundary.
The intersection of the wwo regimes leads to a
pore-boundary separation region of the type
shown in fig. 5(43,44].

The condition for separation of large, relatively
immobile pores from boundaries during migration
is derived by assuming an average retarding force
per pore, a space-filling grain geometry with pores
located only al 4-grain junctions, and the driving
force for boundary migration (curvature) being
inversely proportional to the grain size. This rela-
tionship is generally known as the Zener limit for
grain size as a funciion of volume [raction of a
second phase [43.45].

The conditions for separation of small, mobilc
pores with different dihedral angies, have been
recently modelled {46 It is assumed that the
equilibrium dihedral angle is maintained &l the
pore-grain boundary intersection. A curved
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boundary will change the shape of the pore 1o
mainiain the dihedral angle. The driving force for
pore migration results from the curvature dif-
ference due to this shape change, as shown in fig.
6, The pore migrates by alom motion from the
leading edge Lo the trailing edge of the pore. 1f a
sieady state solution for the diffusion flux cannot
be oblained for a pore migration ratc equal 1o the
velocity of the boundary, the pore will be left
behind the moving boundary. For lenticular pores
with the same in-boundary radius, the velocity for
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pore boundary separation was found 10 increase
with  decreasing  dibedral  angle. Thus, pore-
boundary separation is seen 1o depend on the
grain  boundary curvature {dnving  force  for
boundary migration), the pore size (through the
rate of migration} and the dihedral angle, which
couples the driving foree for the pore migration 1o
the driving force for boundary migration.

The dihedral angle is seen 10 play a major role
in determining the microstructure evolution dur-
ing sintering. The curvature of the pore surface
increases as the dihedral angle increases. The value
of ¢ determines both the raie of neck growth
during the initial stage and the pore size at which
the transition from the intermediate Lo final stage
occurs, In the final stage, the dihedral angle not
only determines the dnving force for shrinkage
but also affects the pore-boundary separalion
condition. As mentioned above, pores that are
separaled from grain boundaries shrink at much
liower rates than pores attached Lo boundaries. The
maximum shrinkage rate will be for pores with the
largest dihedral angle consistent with avoiding
pore-boundary separation. In an anisotropic
material there wili be a distribution of dihedral
angles and, therefore, a distribution of shrinkage
rates. This distribution will change during sinter-
ing, since, when a pore shrinks 1o zero size, Lhe
dihedral angle corresponding to that pore is no
longer present in the populanon. In simering, the
largest dihedral angles will be ehiminated by erther
pure shrinkage or pore-boundary separation and
the measured distribution will shift o smaller
dihedral angles {47).

While it is not possible to direcily control the
pore size or the grain size, the dihedral angle is
available 1o ditect external control. The pore size
und the grain size are complicated functions of the
microstructure evolution and depend on the initial
powder packing, diffusion coefficients and particle
geometry. The dihedral angle is determined by the
interfacial energies and can be changed by con-
trolling the composition. Thus, pore-boundary
separation conditions can be modified by changes
i compasition and this leads 1o control of the
hnal pore size and density. Changes in the di-
hedral angle will not alfect the grain size except in
the limit of large, immobile pores. For the small

pore case, the pores can cither nugrate with the
boundary or are separaied from 1t without affect-
g the prain boundary velocity.

3. Solie incorporation in the lattice, into the grain
boundary, and on the surface

Of primary importance in determimng how im-
purities and dopant affect the sintering of ionics is
the identification of where the impurilies are
located in the material: in solution in the bulk, as
delect clusters in the bulk, segregated te high-an-
gle grain boundaries, low angle boundariss, or
dislocations. or as discrete precipitates in the bulk
or along preexisting defects, such as dislocauons
and grain boundaries. The solubility of a solute in
an jonic matrix depends on the sirain energy
associated with i1s incorporation into the matnx.
the long-range and shoril-range interactions of the
solute with the matrix, and the requirements of
lattice site balance and electroneutrality {5.48]. A
solute in the latlice will have a different equi-
librium solubility than at internal interfaces and
external surfaces where several constraints of the
lattice have been relaxed {49). For exampic, the
free energies of formation for various defects, such
as Schoitky pairs (calion and anion vacancies).
can be dilferent for the butk and at the interface,
Electroneutrality in the bulk requires that. in the
absence of impunues, anion and cation vacancies
be created in the stoichiomerric ratio. At inter-
faces, an excess of the more easily formed defects
will exist and the interface will be charged. Ta
maintain charge neutrality in the crystal as a
whole. a region of opposite charge, called 1he
“space-charge layer” will exist adjacent to the
charged imerface. Segregation 1o such a charged
interface is very different from thar which would
have been predicted in the absence of charged
regions.

Impurities are present in the stariing chemicals
used o praduce the precursor powders, and moere
impurities are introduced during powder produc-
tion and processing. Many of the impurities in the
starting materials can be removed by special
processing technigues, for example. by hquid-
liguid extraction, multiple diststlations or repeated
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precipifations J1.210 By prodoecing and handling
the powders s cean room and by using, special
Liboratory waee, contamination of the ceramie
precursor can be minimized. The nevd w heal-treat
the powders without contamination means that
the crucibles ad the furnace refractories must be
of high purity and as mert as possible. To provide
adbfTasion barrier. samples may be sintered packed
in powder of the same composition us the sample
and enclosed ina hegh-purity covered crucible.
Ideally the sample. the crucibles, and the refracto-
nies would al) be of the same composition, In spite
of all such precautions, some compositional de-
gradauon may and generally does oceur. The most
commoa impunities introduced during processeng
are Ca. 5 Al Na. Feo K. ClL OHL and C It mus
alse be remembered that for chemical analyses 10
be meaninglul, the same precautions must be taken
during the preparation of samples and measure-
ment (o ensure that no additional contamination
OCCurs,

The contamimauon of MgO during rouline
(typical) experimentanion frequently leads 1o con-
centeations of several hundred ppm of Ca and Si
[1). The single crysials of MgQO with the Jowest
hackground impurity levels have been reporied 1o
contain 90 ppm 1o01al cation impurities [50], with
Al bemp the major comtaminant. Although the
sumples were not analvzed for carbon or chlorine,
it 1s felt that there are high levels of these anions
due 1o the growth conditions. High purity MgC0,
(hvdrated) prepared using liguid-liquid extraction
and impurity masking techmques under clean
room conditions was found 10 contain Ca a1 2
pp/e Mg metal as the only element of valence
= + 1 above the detection limit (1-5 pg/g) as
measered by nduction coupled plasma emission
spectroscopy. The concentrations of Na and K
vanied sigmbeantly from sample 10 sample and
were measured by atomic absorptien Lo be he-
tween 1 pp/g (the detection himity and 20 pg/g
However, on subsequent heat treatment of the
high purity carbonated. the Ca and Na concentra-
tiens were observed 10 have increased wo 270 pg/p
and 120 pg/p. respectively,

For the purpose of our discussion of the effects
of solutes on the sintering of iomes. it is useful 10
drvade solubiiity behavior ymo three distinet

ranges: extensive selubthiv, imited bul measur-
ble solubthiv, and o solubidiny below detection
limits (= 1 ppind. The elfect of a specilic imypurnny
on the transport properies, interfacial energes
and inmterfacial structures will depend on the solu-
bility runge in which it lies, Theoretieal and ex-
perimenta resalis for varous solutes in Ma() e
used s sechon 1o dlustrite the effeets ex-
pected in each sotubility range. In the foliowing
sections on transport and anterlacial propertes.
resulis from the systems AlLO,, Nk, Cof), MnQ),
FeGi, NaCl. KCL BaF, and LiF have alse been
included

In systems showing extenstve solid solability,
the solute ons are ussally isovalent with the ma-
rx and the onic wize 1s close to that of the matrix
ion that the solute replaces. Examples of systens
showing extensive solubility are Nitd-MgQ and
Co() -Mp(}. In both systems the end members
exhibit complete solid solubility. When the jomice
size or the valence of the impunty differs from
that of the matnix ion, more hmited solid solutions
are formed. In the CaO-MgO system. the maxi-
mum scdubility of Cal in MgO is 7.8 wit%h a1 2643
K {51} Even though Ca is isovalent with Mg, the
solubility is stll limited due 10 the size mismatch.
In the MgO - AL.Q, system. the maximum sclubil-
ity of Al,O, in Mg s 18 wt'® a1 2268 K [52]. The
solubilities of 5i0), and ZrO, in MgO are so small
as Lo be not currently measureable [53).

From the solubilities of Ca. Al and 51 in MgO
it is expected that segregation of these jons should
occur at grain boundaries and free surfaces at ail
temperatures. Recent electrostatic calculations on
the segregation of sovalent impurity cations o
the elecirtcally neutrsl surfuces in MgQ. the {100}
and the {110}, have been performed by Tasker 1
al, [54). The results sugpest that Ni7~ 15 repelled
from the free surfaves and that Ca® " iy segregated
positivelv. At high Ca concentrations where o
monolaver coverage 1s predicied. recoastruction of
the surfaces is also expected. No egquivalent caicu-
lations have been performed for gram boundanes
in MpO) although gualitatively the same sesults are
expected In o STEM study no ennchment of Ni
above the detecton imit was found gt MgO grain
boundaries [55]. In a study of S0 segreganon 1o
grain boundaries in Mg(y {56]. grain boundary
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segregation of $¢, 81, and Ca was ohserved by
Auger electron apectroseopy. as seen in fig. 7.

The solubility of Siin MgQ) i very low {53].
This 1» due W the combined cliscts of the size
dilference. charge difference. dectronegativity dif-
ference and bonding type. Si impurities will be
seen as discrele second phase particles (which may
incurporate ather ions) or as a glassy phase.
Cubculations [57] suggest that the disjoining pres-
sure prohibits simple monolayer coverage, Only
some boundaries are covered with Si(), where i
exists as a glass several monolayers thick. Other
boundaries will be free of a second phase, 1.¢. not
“wetted”.

The solubility of an ion can be different when
another ion is also present. H one ion has an ioni¢
size larger than the host, and the other is smaller,
then the strain effect can be partially compensaied
and the solubility will be larger than for either ion
alone. This is seen for the case of Mg and Ti in
Al.O, |58]). The maximum solubility when both
are present is increased relative 10 that for either
individually. Similarly, the elecirosiatic effects can
be compensated. Simplistically, addition of both a
monovalent calion and a tnivalent cation 1o MgO
would not lead 10 the formation of vacancies since
there is no charge imbalance as occurs when only
one aliovalent ion is incorporaled.

Because several consiraints (¢lastic, site balance

05 T T 1 T T
e 5¢/ Mg
o4 «Si/Mg
« Ca/Mg
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Sputtered deplh {nm}

Fig. 7. Companson of solutes. scgregated e gran boundanics
in MgO. as a funcuon of distance from the boundary {from
Chuang er al. [58]).

and electroneutrality) of the lattice have been re-
laxed ai interfaces, the concentrations of impuri-
ties will be different there than in the bulk. If the
concentration at the grain boundary or free surfuce
is lurger than in the bulk, the amount of solute
that can be incorporated inte a particle compact
or polycrystal without precipitation will depend
on the interfacial area. During coarseming in Lhe
initial stage and grain growth in the final stage of
simering, the imerfacial area decreases and pre-
cipitation of new phases may occur [59].

3.1. Mass transport

Caulculations of the point defect formation, as-
sociation and mMigration energies in many oxides,
including MgO, and a-Al,0,, have recently been
performed [48,60,61). These calculations which al-
low for latiice relaxations are based on the shell
model of ions and use electron-gas polentials and
1wo-body interaction only. The methods for calou-
lation and the defect formation, associatien, and
migration energies for MgO and a-Al,0; are re-
viewed in substlantial detail elsewhere [62]. in terms
of a discussion of the cffect of impurities on mass
transport during sintering, the most important
paramelers are the formation energies for Schoti-
ky, Frenkel, and anti-Frenkel defects and how
these unassociated defects and clusters of defects
arc affected by the presence of impurities. ln MgO
the formation of Schottky pairs (one cation and
one anion vacancy) is dominant with an energy of
formation of 7.5 eV (3.7 eV per defect). For
a-Al,0,, the formation of Schoulky defects in the
sioichiometric ratio (iwo calion vacancies and
three anion vacancies) is also [avored over Frenkel
and anti-Frenkel defects and has a formaltion en-
ergy of 252 ¢V (5 €V per defect). Using these
values, the ininnsic calion and anion vacancy
concentrations at various lemperatures have heen
calculated, and are given-in table 1. At tempera-
tures as high as lhe melting point for both
materials, the intrinsic defect concentrations are
orders of magnitude lower than the lowest impur-
ity concenirations achieved in either single crystals
or powders.

In terms of Kréger-Vink notation [63], the
incorporation of NiO, CoQ or Ca0, as a subsutu-
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tonal solid solution, into MgO 15 expressed as

MOy — M3y, + 06, (7

where M is Ni, Co, or Ca, the subscript denoles
the site on which the ion resides, and the astensk
indicates that the species is electrically neutral.
The incorporation of Na,0, Al,0; and Si0, into
MgO is expressed as

Nty Opp0 = 2 Naly, + V5 + 05, (8
ALOy o = 2 Al + Vi T+ 30, (9}
S10, g0 — Sizeg + Vigg + 2 03 (10)

As can be seen from the incorporation equa-
tions for trivalent and tetravalent impurities in
MgQ, vacancies on 1he magnesium lattice are
formed as required by electroneutrality and site
balance. When the vacancy concentration of one
jon is raised, the vacancy concentration on the
other sublantice is lowered as required by the
Schottky equitibrium. For example, when only
trivalent impurilies are present in MgO, the con-
centration of Mg vacancies is equal 1o the trivalent
impurity concentration and the anion vacancy
concentration decreases. In order for MgO to con-
tain the intrinsic vacancy concentration, the (otal
trivalent cation concentration must be less than 1
ppb at 2000 K and less than 1 ppm al the melting

poran. bor 20 ppm Al in Mg() at AL K, the
Vi) =10 Yl ppmy owhile VG- 1.2 < B0 L
Since the diffusion coclficient s proportional o
the vavancy concentration deq. (6. Mg lathee
diffusion would be sigmficantly enhanced while
oxygen lattice diffusion would be suppressed. The
type of defects formed upon addition of impuri-
ties is not limited o unassoviated vacancies or
interstitials. Caleulations of defect association en-
ergics in MgO 48] indicate 1he trivalent cations
lead to the formation of unassociated vacuniies.
dimers, and rimers while quadravalent cations are
incorporated only as part of a defect associale
with Mg vacancies. Incorporation of monovalent
cations in substitutional sites leads to formation of
oxygen vacancies which then form associates with
the cation. Since Mg vacancy lormation 15 sup-
pressed and Na moves by a cation vacancy mecha-
nism low mobilities of Na in the MgQ lattice are
expecled.

The above defect equilibria and incorporation
mechanisms apply only 10 the lattice. Colbourn
and Mackrodt [64) have also calculated the lorma-
tion encrgies of intrinsic defeets at {100) in MgO
10 be slightly lower (0.3-0.4 eV) than in the bulk.
However, when impurities segregale (o inlerfaces,
the defect reactions are much more complex and,
10 date, no calculations combining both segrega-
tion and defect equilibria at inlerfaces have been
performed. .

An important implication of interfacial segre-
gation for mass transport duning sintering is that
the diffusivities along interfaces may change as the
particle size /grain size changes without any change
in the total impurity concentration in the matersal
[59]. I an impurity segregates 10 an interface, 1he
“solubility” of a solute in a polycrystal can be
significantly higher than a single crystal. For a
given impurity concentration. the solute con-
centration al interfaces will increase as interfacial
area is eliminated and diffusion along those inter-
faces will be affected. If the bulk and the inter-
faces are saturated with solule, any reduction in
grain boundary area will lead Lo precipitation of 4
second phase.

The effect of impuritics on mass 1ransport in
ceramics can be seen from comparing the meas-
ured diffusivities of nominally the same matenal.
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The lantice, grain boundary, and gas diffusion
constants in MO bhave recently been reviewed
[65]. Latuce dilfusivies span Tour orders of mag-
nitude at Lthe same temperature, as shown in fig. 8.
CGrain boundary dilfusivities span three orders of
magnitude. Surface diffusion data is i better
agreement. The lattice diffusion dawiz for AlQ,
shows an even wider range of measured lattice
diffusion  coclficients for nominally the same
material.

Greater altention has recently been focussed on
the efiects of impurities on mass transpert. Diffu-
sion of Fe tracer in undoped and Mg-doped Al,O,

Termperature | 'C )
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Fig 8 Lamce diffusion coelMicients of magnesium and oxgen
m MgQ (from Viewrs and Brook [65)) Measured magnesiumn
dufusion coefficients vary hy four orders of magmitude al
Ivpicai sintenng temperatures.

[66] sumples was observed 10 exhibit Si-dominated
diffusion behavior at measured S1 concenirations
of 2 ppm. In a study of high temperature conduc-
livity and creep of polyerystaliine undoped, Ti-
doped. and Fe-doped Al,O, [67]. it was found
that the compositions of samples were different
with respect 10 impurities as well as dopants and
that the composition did not change in a sys-
tematic way with heat treatment, The concentra-
won of 5i ranged from 96 to 700 ppm; Mg from 10
10 50 ppm; Ca from 3 to 73 ppm; Mn from 21 1o
61 ppm; and Fe in the samples not Fe-doped from
< 10 te 32 ppm. In some cases, second phases
were observed. The scatter in mass transport data
is not surprising considering these typical experi-
mental difficuliies.

The effect of dopants on the surface diffusion
coelficient {wD,) has been measured by 1wo dif-
ferent techniques with conflicting results. Mea-
surements of the rate a1 which grain boundary
grooves developed in pure and MgO-doped Al,0,
[24] showed no elfect of impurities on wf for
temperatures below 157¢ K. MgO was found to
increase D, above 1570 K. A siudy of scralch
smoothing on basal planes (0001} of undoped and
MgO-doped Al O, single crystals [68] showed that
at 1920 and 1970 K the presence of MgQ de-
creased the surface diffusion. Whether the dif-
ference arises due 1o the presence of other impuri-
ties in the different samples or reflects an orienta-
tion dependence of the surface diffusion coeffi-
cient is not known.

3.2, tnterfacial properties

The structures and the energies of surfaces and
grain boundaries and the segregation to these in-
terfaces are, with few exceptions, undersiood only
qualitatively for ceramics {69). Most of the experi-
mental data for * undoped” malerial are actually
for material with significant impurity concentra-
tions. Until recently, calculations of surface and
boundary energies were based on perfect inter-
faces and on defect- and impurity-free. stoichio-
metric materials at 0 K. According 10 one promi-
nent researcher in the flield these surfaces are
merely “science [iction” [70]. However, these
madels of ionic surfaces do provide a starting
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point 10 assess how the “mode!™ experiments de-
viate from the model calculations. The mathemati-
cal approach and the results of various calcula-
tions are reviewed elsewhere [71-73} In this paper
several recent results are discussed which have
particufar importance 10 sinlering, These are:
calculations of surface energy anisolropy; the
change in grain boundary energy with orientation;
and mulucomponent segregalion effecis.

The change in interfacial energy, y, with impur-
ity adsorption was treated by Gibbs [74] and is,
for 1 species with chemical polentials, u,, at con-
stant T and p:

Sy

Sy, T.op.m,.,

=-T, (1)

where T is the surface excess concentration of the
:th species. For a positive surface excess (adsorp-
tion or segregation of the ith species to an inter.
face), the interfacial energy must decrease, It is a
common misconception that impurity segregation
or adsorption must decrease the energy of the
highest energy interfaces more than that of the
lower energy interfaces and interfaces will become
more isotropic. There is no general relationship
between the relalive energies of surfaces before
and afier adsorption or segregation,

For a given material at constant temperature,
the variation of surface energy, v,, with surface
orientation can be easily visualized by reference to
the Wullf plot. The Wulff plot is the polar projec-
tion of the three-dimensional variation of y, with
orientation and is the plot of the vector r = y,(n) -
n, where y,(n) is the surface energy of the plane
whose normal is a. The equilibrium shape of a
material can be derived by constructing the planes
normal 1o r for all orientations. The inner en-
velope of planes (the Wulf construction) corre-
sponds to the equilibrium shape which must have
the same symmetry as the material. In ceramics
which facet, the shape of the Wulff construclion
can be deduced from the observed orienlations
between facetling planes. As shown in fig. 9 for
Al ;O,, the facetting on the as-fired surface of a
sintered undoped Al,0, sample leads to the equi-
librium shape shown in fig. 10. Changes in the
Wulff plot with composition changes are discerna-

Fig 9. Faceting on a fired surface of high purity Al,0,.

ble through transitions in the equilibrium shape.
However, independenl methods are required to
determine the magnitudes of y,.

In ceramics, estimates of surface energies come
primarily from cleavage data. Cleavage occurs
most easily along electrically neutral planes with
the lowest bonding energy and, in general, corre-
sponds to the free surfaces with the lowest v,. The
energies (rom cleavage are upper limits to vy, since
relaxation, reconstruction and adsorption can oc-
cur after cleavage to lower y,. Selected values of v,
are shown in 1able 2. As illustrated by the range of
energies for MgO, LiF, and NaCl, the strength of

Fig. 10. Equilibriam Wulfl shape for Al,O, derived from
laceting.
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bable 2
Surfwcr energy Dom cleavage maasuremeis

Matenal  Fractore plane Temperature 7, Rel.
(K) dym’y
My (0 ” 120 |76]
1 (houy " v 6}
Natl (L0 kil oy 9]
Isak, i 7 02k |76)
AL, (A2 294 600 |77]
ALO, (U061 298 > a0 17

honding plays a significant role in determining y,.
In Al,O, there is no pronounced cleavage planc
and the above values of y, correspond 10 a surface
composed of complex facets. Several compilations
have been made of surface cncrgy data for
ceramics, primasily from cleavage experiments
(75-77). There are no data for the energies of
specific planes other than cleavage planes.

In the static lattice calculations of surface en-
crgy, a general requirement is that the surface
must be electrically neutral and have no pet dipole
moment. For rock-salt structure ceramics these
requirements are easily met only for {100} and
{110] surfaces. Impurities or major reconstruction
is required to stabilize higher index planes. In the
absence of reconstruction or impurities, highly
charged surfaces, such as (111}, should never be
observed. Calculations do appear 1o accurately
model the {100} surface energics and siruclures. It
is accurately predicted that {100} is the lowest
energy surface and thus, cleavage will occur to
create two {100} surfaces in rock-salt structure
ceramics. Low energy electron dilfraction (LEED)
results [78) also show that the surface structure of
MgO (100} is very close to that assumed. in the
calculations [79]. However, {100} {110}, and {111}
surface facets have been observed in LiF [80). In
other experiments, such as the study of dihedral
angles in MgO [81, no surface faceiing of rock-
sall structure ceramics is observed. This indicates
Jess vanation of the surface energy with surface
plane and. hence, no singular planes on the Wulff
plot.

Similar calculations of interfacial energies have
been performed for (001) 1wist boundarics in
MO, NiQ, MnO, FeO, and CoO [82-34] and

¢OU1y and (0113 tih boundaries i Nty and MgO)
|82]. In these calculations only boundanies con-
structed of periodic units can be modefled. These
special boundaries are usually described as eitier
being of high coincidence, meaning that there are
many atoms in the boundary which reside on
lattice sites of both grains or alternatvely de-
scribed as being of low £, where a number fol-
lowed by X is the inverse of the number of atoms
coincident with lattice sites in both grains. A
boundary which is a X3 has 1/3 of atom siles
shared by both grains: a 21 is a perfect crystal.
For high coincidence {001) twist boundaries the
grain boundaries were found 10 be only shghuly
more stable at © K than the surfaces from which
they are made and no high coincidence (low by
boundaries should form.

At first analysis, the prediction of unstable
{001} 1wist boundarics seems to be in direct con-
flict with experimemal resulis, In experiments
using MgO smoke particles which are {100} cubes,
the misorientation between cube pairs was mea-
sured and the frequencies of (601) wist
boundaries with high coincidence miscrientations
were found to be much greater than for those with
random misorientations [85-88). Secondary grain
boundary dislocations in (001} twist boundaries
near coincidence have been found which bring the
boundaries into perfect coincidence [B9]. This im-
plies thar the lowest encrgy configuration of the
interface is at the coincidence misorientation.
However, there exists experimental evidence that
impurities stabilized the high angle (001} twist
boundaries and that the cusps in the [requency-
misorientation curves are due to these impurities.
In the published discussion following the paper by
Chaudhari and Charbnau |87), it was stated thal
the cusps in the frequency plol for MgO were seen
in samples which also contained (111} Iwins,
another energetically unfavorable interface [88). In

- other samples no cusps and no twins were ob-

served and the predominant interface was of per-
fect coincidence (Z1), i.¢,. single crystals formed.
It was subsequently found that {111} twins in
MgO smoke particles only occur in Lhe presence of
water vapor [88). These combined results imply
\hat water vapor stabilizes the high coincidence
(low ) (001) wwist boundaries and thal random

-z -

T E Bilendelt, C. A Nandwerker 7 Chemucal composition und sentering of ceramics 153

high angle grain boundarics remain less energeti-
caly favorable than two {100) surlaces.

The issue of how the energies of interfaces
change 4y a result of segregation has begun 1o be
addressed using the sume simulation procedures as
for elecirically neutral surfaces and for special
grain boundaries. For isovalent Impurity cations
in MgO calculated segregation of Ca’*, Sr?*, or
Bal* up to monolayer coverage decreases both
v,{100} and v,[110) [54]. Segregation of Ni?* or
Ba?* was lound to increase v,(100) but to de-
crease v,{110} slightly. A curious result of the
calculations was that on segregation of Ba’* and
Sri* 10 MgO surfaces the surface energy decrease
due 1o segregation is greaier than the surface
energy of the (100} and the {110} withoul segre-
gation. I taken literally, this implies that vy, be-
comes negative. Although this is u non-physical
result, the important trend is that the energy of
the system can be reduced substantially with
segregation.

Since many different impuritics which segregate
10 interfaces are present simultancously in ceramics
|56, $0-83), it is important 10 determine the segre-
gation behaviour of the assemblage of impurities
and how the interfacial energies are changed.
Equilibrium solute segregation has been calculated
for grain boundaries in KCl using the calculus of
variations 10 minimize the free energy [94]. The
space charge, elastic field, and dipole contribu-
tions have been included as have the cffects of
temperature and solute concentration. It was found
that for wwo divalent cations in KCI with different
ionic sizes, one solute can be depleted from the
grain boundary while the other can be signifi-
cantly enriched due aimost solely 10 the effects of
solute-solute interactions. Solute-soluie repulsion
has been observed recently for segregation of Mg?*
and Ca?* to {0001} surfaces of Al,0, doped with
40 ppm Mg and with Fe, Ca, ¥, and Ni impurilies
lotaling < 50 ppm |95}, Segregation of Mg?* was
detected only in the regions where Ca?* was ab-
sent. In the absence of Mg?™, Ca?™* segregated (o
the [ree surlace.

For sintering the important parameier is not
the absolute magnitude of the interfacial energies.
Rather the relalive magnitudes and orientation
dependences of the interfacial energies are neces-

sary for determining the driving force for sintering
and predicting the microstructure evolution. The
angle formed at the mtenection of a grum
boundary with the free surface (the dihedral an-
ghe) is an easily measurable parameter which can
provide information about Lhe relative magnitudes
of the interfacial energies.

The dihedral angle can be measured from ther-
mal grooves formed on the free surfaces of poly-
crystalline samples. The use of cylindrical samples
with individual grain boundaries cutling through
the z-axis {“bamboo wires”) allows the surface
orientation 10 be varied for a single grain boundary
orientation {96]. Use of a polycrystalline material
with thermal grooves allows a variety of different
grain surface and grain boundary orientations 10
be examined but the determination of the exact
misorientalion between grains corresponding 10 a
specilic dihedra) angle is difficuli. For measare-
ment of dihedral angles on surfaces ininally
polished flat and then heat wreated to form grain
boundary grooves, a technique using melal refer-
ence lines has been developed 10 allow measure-
ment of the total population of grooves from a
sample surface [47). A series of parallel lines are
placed on the sample surface afier heat (reatment
using photolithography and the angles are mes-
sured from SEM micrographs taken al known tilt
angles, as shown in fig. 11

Using this technique the effect of MgO ad-
ditions o Al,Q; was measuvred [47). The results
are shown in fig. 12. 1t is seen that when MgO is
present the disiribution of dihedral angles is nar-
rower, but the mean is unchanged. The mean
value is 117° which is considerably lower than the
value of 152° that had been previously used [97).
This low value of the mean dihedral angle and the
distribution of values has several implications for
sintering. The narrowing of the distribution means
that the curvature al particle-particle contacts is
more uniform leading to a narrowing of the range
of shrinkage rates occurring in the material. The
transition from continuous pore channels to iso-
lated pores will occur over a narrower range of
local densities and the pore-boundary separation
conditions will be pearly the same throughout the
sintering compact. The low value of the dihedral
angle also allows higher grain boundary velocities

by -
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Tag 11 Metal reference hines on thermally grooved sueluce af
ALLD, [1] The Lnes allow the angle of the graeve to he
aveurdtely measared

for which pores can remain attached to grain
houndarnies. All of these effects of narrowing the
distributton in dihedral angle and lowering the
mean value improve the sinterability of Al,0,.

13 Sofute drag on boundary migration

Using the antninsic grain boundary mobility
i M) derived from reaction rate theory [98). the

u

Alzo_‘(QZ‘a WU M|
P TINTE S

ur*

o N

40 &0 B8O 100 120 140 160 180

0%

CUMULATIVE FREGUENCY

DIHEDRAL ANGLE
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Y

M, (12)

where 8 s the boandary width and 208 the on
volume, In o multicompanent system. the
boundary  diffusion  coelhicient of the  slowest
species should be used. This caleokied velocity s
then an upper dinut, with mobahities bemyg lower
duc 1o the details of the boundary structuse, A
model has been developed assuning, that only a
fruction of the boundiry sites are avaitable as
sources and sinks for atoms migrating across the
houndary [99]. The velocity is then reduced by a
factor proportional to the density of aclive sites

The presence of a solute which interacts with
the grain boundary can have a dominant eficct on
boundary migration [37,100,101]. Near a sta-
tinnary boundary the solute will have a concentra-
tion distribution due to the combined clectrostatc
and strain interaction {49] which is symmetncal
and thus will not exert a net foree on the boundary.
When the boundary migrates the distributon will
be asymmetric and this results 1 2 net ferce on
the boundary which retards boundary nugration.
Because the solute concentration is not al equi-
libriurn, solute will diffuse across the boundary.
The boundary 18 moving and the solution 0 this
moving boundary problem gives the concentration
profile near the boundary. If 3 sieady-state solu-
non exisls then the impunty can migrate along
with the boundary. I{ no swadv-state sojution
exists. the boundary will break sway from the
solute,

An approximalte expression of the force -veloc-
i1y expression ts:
[ L {13)
TR IR Bl

where €, s the solute concentration in the bulk. o
15 related 10 the impurity drag at low velocities,
and £ is the velocity with which the soluwe
atoms migrate across the grum boundary. As
shown in D 130 there are two regions of boundary

T adiifion of M0 is seen 0 natrow the disteibanion. but pogration i the presence of an mteracting solute
th b temanns anchanged At low velocines the solure can nugrane with the
al -

S b Biendell, C A Handwerher / Chemecal compositien und sentering of ceramacs 155

SOLUTE ~HOUNDARY
/SEPARAYIGN
-

w N
] .
« .
a .
u .
~
H \ - /
z ~ =
s S50LUTE DRAG el -
z LIMITED —
o -
.
o INTRINSIC
-
-
VELOCITY

Fig. 13 Dnving force—velocety relationship for grain boundaries
with a solule that interages with the boundary [100]. Av low
driving forces Lhe salute retards the boundary motion, white at
kigh dnving forces 1he boundary is able 1o break away from
the solule and pugrate with i1s inninsic mobiluy.

boundary and the velocity is limited by the diffu-
sion of the solute. Al high velocities the boundary
sheds the solute and moves at the intrinsic veloc-
ity.

The boundary migration observed in doped
malerials is often not uniform {37]. This is ex-
pected based on the above analysis. If a boundary
in the solule drag region develops a flucluation in
vetocity, the faster moving area will have less
solule since less can keep up at that velocity. Since
the boundary has less solute its effective mobility
1s larger and it can move faster. This leads 1o a
further reduction in the solute concentration de-
pending on the size of the fuctuation and the
increase in mobility with lowered solute con-
centration. Thus, fluctuations can grow and lead
1o nenuniform rates ol migration even along the
same boundary. These trends have been seen for
boundary migration during recrystallization in KCl
[37.102).

Under the proper conditions the presence of a
solule can conirel grain growth in a ceramic
material. The solute jowers the rate of boundary
mugration duning stniering, and atlows pores 1o
remain attached to the boundaries. In fig. 5 the
conditions of pore aitachment for solute drag
limited boundary migration during sintering are

shown schematically. The pores would continue o
shnnk  and hgher final  densities would  be
achieved. Conclusive experimental evidence of this
eflect during sintening does not currensly exast for
any system.

4. Discussion

While there exists a gualitative understanding
of how many processing and materials parameters
affect microstructure evolution during sinlering,
whal is lacking is the ability to make quaniuative
predictions about these effects. This is due to a
variety of reasons. One major problem is the mod-
els developed for ideal geometries are far oo
restrictive 10 describe the changes that are occur-
ring in a real powder compact. The variation in
parlicle size and packing, anisotropy of properties
and the interrelalionships among different trans-
port mechanisms have not yet been adequaiely
modelled. As a result of these deliciencies in the
models, experimental resulis do not agree with
calcuiations, even when experiments are done on
ideal geometries. The models need to be extended
o include anisotropy and multiple mechanism
effects. This requires that our understanding of
the atomstics of diffusion processes and the driv-
ing forces for transport be improved to include
these effects.

Even il more physically meaningful models are
developed. the data base of materials parameters
required 1o test the sintering models does not exist
for any ceramic. In Mg0O and Al,O;. lattice diffu-
sivities measured at the same lemperalure vary
over four orders of magnitude. This is due 10
differences in expenimental techmique and dif-
ferences in chemical composition.

Thus while we can not get specific information
on materials parameters from kinetic studies of
sintering, the effect of processing parameters can
be studied. Quahtauvely the effect of particle size,
powder packing, and particle size distribution are
understood. The change in the dominant transport
mechanism  with changes i geometry during
stntering has been adequately modelled, and the
madels for nen-isethermal sintering have also been
developed and are in good agreement with experi-
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inent Whinh haa nit biegn inglided in thie models is
the effects of wpurities. which can dominate ull
vther elfects.

There have been comparisons of the sintering
hehaviour of systems with viined, but docu-
mented, chemical compositions. MgQ powders of
moderate (mpurity fevels (otal cation impurities
SO0 (0 1000 pg/p Mp metal busis) sinter easily Lo
high density whereas MgQ  puwders with ap-
proximately 400 pp/g 1otal cation inpurities {in-
cluding 270 ug/g of Ca and 120 ug/g Na) do not
sinter bevond approximately $0% of 1heoretical
density [1,103]. The unsinterability of high punty
BeQ) has also been reporied (104). These resulis
and the many others in the literature indicate the
effect of composition on sinlering but do not
allow the mechanism by which sintering 1s al-
fecied 10 be determined. Sinlering is a complex
process and measuring only a few parameters,
such as the density and grain size, as a function of
composilion will not alone Jead 1o a beuer under-
standing of the siniering processes. This approach
fails because changing the composition changes
100 many sintering parameiers simultaneously.

To determine the effccts of impurities on kinetic
processes, experiments must be designed Lo isolate
a single process and to change chemical composi-
tion in a uniform and reproducable way. A direct
measurement of the process should be used where
possible, but for many of the materials parameiers
important 10 sintering, this presents formidable
experimental problems. The chemical composition
of samples must be measured throughout the en-
tire sample preparation and heat wreaiment cycle
1o assess the changes in contamunation during
each processing siep. During heai treatment, vapor
transport may change the concentrations of vola-
tile species, with either enrichment or depleuon
depending on the composition of the sample en-
vironment. In order for the data from isolated
processes Lo be useful for describing sintering in a
material, both the sintering studies and the studics
of separale properties must be performed using
material of the same chemical composition.

Because of the importance of the final stage of
sintering on the properties of ceramics, we have
concentrated on the effects of impurities and
dopants on microstructure evolution in the final

stage. The most imporiant parameter in the (il
stuge of sintering is the pore-houndury separalion
condition. Pores that become separated from gram
boundaries are “trapped” within grains and no
further pore shrinkage occurs. To develop a con-
trolled microstructure 31 is necessary 1o under-
stand the separation conditions and how they can
be influenced by composition.

To gain a beuer understanding of the porc-
boundary separation condition, the mobility of
gruin buundaries (or the grain growth rate in the
absence of pores} and the pore mobility must be
measured as a function of composition. Although
these properties have been measured for several
systems, all three measurements have not been
performed for the same material. The grain
boundary motion in LiF in the absence of pores
has been found to depend on part-per-milion
levels of trivalent impurities even in the presence
of high levels of divalent impurities [102). In re-
crystallization experiments in KCl and LiF, the
grain boundary velocily al & single lemperalure
varied over four orders of magniude, consistent
with different impurities either migrating with or
being left behind the moving boundary {94.102].
Recent experiments have shown that MgO ad-
ditions lower the grain growth rate in polycrystal-
line Al,O, samples without pores [105]. There
have been swudies of pore migration in single
crysial samples of KCl [106] in which the mecha-
nism was identified. The effect of impurities was
nol explicitly investigated.

ldeally the surface and grain boundary energics
as a function of orientation and composition, and
the impurily segregation profiles should also be
known. While the compositional profiles can be
measured with some difficully, and an upper limit
on the surface energy can be obtained from clea-
vage measurements, il is experimentally very dif-
ficult 10 make isolaled measurements of the grain
boundary encrgy. The grain boundary energy can
be measured calorimelrically during grain growth,
but only an average value of the grain boundary
cnergy is oblained. What are needed instead are
measurements of the grain boundary energy for
known orientation differences across the boundary.
Since the energies vary considerably with orienta-
tion, the pore-boundary separation condition will
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alse vary. The surface energy determined from
Vi ibE i3 1E THE i nniviksed saffabl withont
segregation of wnpurities. During sintenng, eyui-
Iibriwm segregation 10 all interfaces will oceur and
the energy of surlaces with segregation will be
Jowered., The surface energy measured from clea-
vage lechnigues will be less sensilive {0 Impunty
elTects due to the lack of segregation.

The dihedrul angle s an easily measurable
parameler that yields important information about
the surface energy and boundary energy anisolro-
pies. Changes in the dihedral angle distribution
can be used 1o monitor the microstruciure evolu-
tion during sintering. The pore-boundary sep-
aration condition, the driving force for pore
shrinkage and grain growth are all dependem on
the dihedral angie. Measurements ol the dihedral
angle distribution in MgO-doped and undoped
ALLQ; have shown thal the presence of MgO
changes the distribution and allows sintering to
full density. It is seen that the optimum distribu-
tion of dihedral angle is narrow, so that sinlering
will be more uniform, and has a mean value that is
a wrade-off between high pore shrinkage rates (high
dihedral angles) and a high pore-boundary altach-
ment force (low dihedral angle). The exact rela-
tionship between dihedral angie and the mi-
crostruciure evolution is complex and has not yet
been fully developed although, as discussed above,
many aspects of the relationship are known. Be-
cause the necessary materials parameters have not
been measured for ceramics it is not possible 10
predict what 1he exact distribution of the dihedral
angle should be for any material. To increase our
understanding of the basic phenomena of sinter-
ing. comprehensive studies of surface and grain
boundary properties, and how they change with
cOMPpOsilion, are Necessary.

A classic example of the dominance of sintering
by dopants is the case of Al,0, sintered with and
without MgO. Undoped a-Al,0, can be sintered
10 high density. (99.5%) without much diflicully
regardless of the cation impunity levels (except for
high levels of Na and §i). However the last 0.5%
porosity is not removed due Lo pore-boundary
separation. Additions of MgO at levels as low as
200 ppm (below the solubility limit) cause pores 10
remain auached to grain boundaries and the

MgO-doped material sinters Lo theoretical densily
j a7} Koeh oF TRE Hilfieals in pndermathing (HE
mechanism by which MgQ affects the sintering
arose because it was assumed thul MgO had only
a single effect. Recent results [10%8] show that MgO
has many effects, which, in combmauon, improve
the sinterability of AlLOy. I has been shown that
MgQ raises the effective diffusion coellicient (D, }
[109], Jowers the grain growth rate [105] and either
does not change the surlace diffusion coellicient
{wD,) significantly [24] or lowers wD, by a factor
of 10 [70]. An increase in D, allows pores to
shrink faster and thus stay attached 1o grain
boundarics during grain growih, since smaller
pores are able to migrate [asler. Lowering the
grain growth rale also allows pores 10 remain
altached 1o grain boundaries. A decrease in wD,
has two effecls on microstructure development:
coarsening by surface diffusion is suppressed and
the mobility of pores by surface diffusion is
lowered. The combination of these two effect pro-
duces minimal changes in the pore—grain boundary
separation condition [108]. We suggest that an
additional major effect of MgO additions is the
narrowing of the dihedral angle distribution which
leads 1o & more uniform microstruciure. While this
effect alone does not explain the role of MgO on
the sintering of Al Oy, it does demonstrate that
the driving force for sintering can be ahered,
along with 1he kinetics, due 1o the addition of a
dopant.

5. Summary

During the last 40 years of sintering rescarch.
an understanding has developed of how many
different variables affect microstruciure evolulion
during sintering. The effecis of changes in powder
particle size and size distribution, initial compact
density, heating rale, sintering lemperature, time,
atmosphere and  diffusion coefficients (lattice,
boundary and surface) have been modelled for
ideal geometries and are experimentally docu-
mented in a qualitative fashion. Investigating the
effect of these variables has led 10 a realization
that other properties in a sinlering system must be
included 10 develop predictive models of mi-

~Lg -~

o

e




[ 4 E Blendell, €. A Handwerker / Chemneal compositin und sintering of cerunminy

crostructure  evolution.  These  effects  include:
crystathine anisotropy, multiple transport mecha-
ntsms, complex geometries, and impurity effects.
In this paper, we have emphasized the effects of
variable concentrations of impurities at the trace
leve) that can mask the effects of changing any
other syslem parameter.

Impurities dominate lransport in the lattice,
along the grain boundary, and along the [lree
surface in ceramics with low intrinsic concentra-
tiens of lattice defects. Impurities that segregate to
grain boundaries or free surfaces lower the en-
ergies of the interfaces. The curvature of the pore
surface is determined by the force balance at the
pore-grain boundary intersection and will change
us the energies of the interfaces change. The
curvature can be directly related to the dihedral
angle, ¢, the angle between the twe pore surfaces,
at 1he pore-grain boundary imersection. Changes
in the interfacial energies by impurities will be
reflected in changes of .

Because pores that are separated from grain
boundaries (trapped inside grains) do not shrink,
pores musl stay attached 10 boundaries o achieve
high density. Impurities contrel the migration of
pores by diffusion or evaporalion/condensation,
the migration of grain boundaries by solute drag
and the pore-boundary separalion condition, by
changing ¢ which determines the force required
for separation.

The dihedral angle, . is one parameter which
can be used to monitor the effect of impurities on
sintering. A narrow distribution of  leads 1o
more uniform sintering with all pores either at-
1ached to or separated {rom grain boundaries. A
wide distribution of  leads to a heterogeneous
microstructure  with some pores attached to
boundanies and some pores entrapped within
grains. The distribution of dihedral angles in a
sintered polycrysiatline material can be measured
using a metal reference line lechnique on thermal
grooves formed at the intersection of grain
boundaries with free surfaces. Measurements of
chemical composition in conjunction with mea-
surentents of  allow an effect of impurities on
microstructure evolution 1o be evaluated.
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Diffusion-Induced Grain Boundary Migration in Ceramics

M.D. Vaudin, J.E. Blendell and C.A. Handwerker

Material Sclence and Engineering Laboratory
Nat{onal Institute of Standards and Technology
Gaithersburg, MD 20899

Abstract

High stresses at grain boundaries and surfaces are produced by diffusion of
solutes into polycrystalline materials where the lattlce parameters of the
solution vary with solute concentration. When D, >> D;,y.,.. boundaries may
migrate in response to these stresses. Recent observations of diffusion-
induced grain boundary migration in the Al;0,/Cr;0, system using optical, SEM
and TEM techniques are discussed in terms of the coherency strain theory In
which boundary migration is driven by the elastic energy produced by solute
diffusion.

Introduction

Diffusion-induced grain boundary migration (DIGM) is one of many
phenomena that may occur during diffusion of a solute in a polycrystalline
material. In diffusion regimes where there is substantial solubility of the
diffusing species and the lattice parameters of the solid solution vary with
composition, high stresses can develop at grain boundaries, particularly when
lattice diffusion is orders of magnitude slower than grain boundary diffusion.
The grain boundaries may migrate in response to these stresses; such migration
frequently produces characteristic “"wavy" boundary morphologies. Diffusion-
induced grain boundary migretion has been observed in many metal systems and a
smaller number of ceramic and semiconductor systems. Liquid film migraction
(LFM) is a similar phenomenon fn which there is a film of liquid between two
grains and the film migrates as & result of diffusion and stress generation in
the grains next to the liquid film. These subjects have been extensively
reviewed by Handwerker (1) and King (2).

In the coherency strain model of DICH, migration is induced by
differences in straln energy across the boundary., The strain arises from the
change in lattice parameter with composition, q. In cubic materials, the
strain, é, in the grain boundary plane is given by:

5 = (a(qy)-afg,))/a{q,) = n(g, - q,) (1

where a(q,) is the lattice parameter at the composition q, in the grain
boundary plane and g, is the composition of the original material. The second
equation assumes that da/dq is constant (Vegard's Law) such that

n = (1/a(q,))da(q))/dq; typically this is a valid assumption for small
concentration changes, If the solid solution is constrained to remain
coherent with the bulk marerial, the grain boundary layer will increase its
energy by the coherency strain energy, which is given by:

fcoh-r-nt - Y(n)62 (2}

where Y(n) is an orientation dependent elastic modulus with excrema at <100>
and <111>, For the two grains either side of an asymmetric grain boundary,
Y(n) will be different leading to a driving force for migration of the
boundary. For mon-cubic materials, n and D;,..;., 8re both tensor properties
so that the elastic strains and solute profiles on elther side of a boundary

may differ. The elastic epergy density Is a complex function of material
properties and grain misorientation. However, for any crystal class, solute
diffusion leads to an energy increase in the system if there is a solute-
induced lattice parameter change, and the energy difference, E,,,,, across the
boundary between the grains produces a driving force for migration of the
boundary. If the migrating boundary has non-zero curvature, K, Ej,,, will
contain an additional term which, for migration away from the center of
curvature, ls -29K where 7 is the grain boundary energy. When migration forms
"wavy" boundaries, the magnitude of the curvature term increases with
increasing migration distance; when the curvature and coherency strain terms
cancel, E;, ., = O, and migration ceases. Song, Ahn and Yoon (1) in LM
experiments in the W-Ni-Fe system measured the curvature at which the
migration direction reverses, i.e. the maximum curvature, and found it to be
the right order of magnitude for cancelling the effect of coherency stress.
The coupled diffusion and migration cause compositional changes in reglons
swept by the boundaries, and the resultant change of lattice parameter causes
the alloyed regions to lose coherence with thelir parent grains when the
boundary has migrated beyond a critical distance.

In this paper observations of DIGM in the alumina/chromia system using
TEM and SEM techniques will be described and discussed in the light of the
coherency straln theory. Migration of boundaries up to 10 um has been
observed in specimens of alumina (with MgO added as a sintering aid) exposed
to chromia vapor at 1500°C. This migration is a near surface phenomenon
occurring in the top 5 to 10 um of the specimen. The temperature range of
interest (1200°C to 1550°C) is well away from both the solidus (T, (Al;0,) =
2045°C) and the miscibility gap which exists below 950°C. This system was
examined earlier by the authors at lower temperatures where no migration was
observed and its reexamination was prowpted by a private communication from
D.N. Yoon who observed DIGM in the alumina-chromia oxide scale formed on
stainless steel.

erimenta

Slices of alumina 6 mm square were cut from a bar and polished to a 1 pm
diamond finish. For each DICM experiment, one polished slice was suspended on
spacers of the same alumina above a bed of chromia powder in an alumina boat
and the system was isolated with another alumina boat and an alumina crucible
as shown in Fig. 1. A total of 12 DIGM experiments were carried out at
temperatures of 1300°C to 1550°C; the times at these temperatures varied from
30 to 120 minutes, One feature of the experimental set-up that proved useful
when observing the DIGM was that part of each specimen was "shaded” from
direct unippeded exposure to the chromia vapor by being placed over the
alumina spacer, and developed a different surface morphology from the
"unshaded® parts of the specimen, as will be described below.

After heat treatment the specimens were examined using optical microscopy
and SEM. Parts of each specimen were then polished using 0.25 gm diamond
paste and 0.05 um alumina powder tc remove the layer of chromia that was
depesited on the surface of most of the specimens and the specimens were again
examined oprically and in the SEM. The crystallographic orientation of some
surface features of the specimens was determined with an electron back scatter
pattern (EBSP) detector and analyzer {n the SEM (4). Omne specimen (1550°C/0.5
hr) was thinned to electron transparency by dimpling and lon-milling from the
back side, and was then examined in the TEM.

Qbservacions
Graln surfaces



In all 12 DIGM experiments, the morphology of the surface of the
specimens changed as the chromia vapor condensed on the alumina grain
surfaces. 1t was clear that the grain surface morphologies depended on the
duration and temperature of the experiment and also on whether the grains were
in & shaded or unshaded part uf the ugau%unu, In agdicion, since in some
specimens adjacent grains have markedly different appearances, it was (nferred
that grain orientation affected the surface morphology. Fig. 2 is a SEM
micrograph from the unshaded region of the 1500°C/1 hr specimen and
demonstrates significant variation in grain surface morphology: facetting is
not observed, but the grain surfaces are no longer planar bur *rumpled"; the
wavelength and amplitude of the worphological instability varles from grain to
grain; the morphologies in some grains appear to be crystallographically
aligned.

For short times and lower temperatures SEM and EDS observation showed
that a chromia-rich deposit forwed on the surface in the form of hemispherical
islands which for some grain orientations remained isolated and in other cases
joined to form a complete layer. From EBSP observatlons of grains where the
chromia coverags was incoomplete it was detesrained that tha chromia-rich
islands were eplitactic with the alumina substrate., The curvature (K) of the
lattice planes in the islands was about 20 pm !, implying a dislocation
density (K/b) of the order of 10'° ca’?. In extreme cases, particularly in
the shaded reglon of the specimen, many grains remained flat and had light
contrast in secondary electron SEX images, and EDS detected little or no Cr;0,
at the surface. Since chromia {s at least 10 orders of magnitude higher in
electrical conductivity than alumina, light contrast in the SEM correlates
with chromia depletion. For the 1300°C/l hr specimen, the misorlentation
becween cthe specimen normal and the c-axis for several grains was measured
using EBSP’'s and correlated with the appearance of the grain (see Table 1),

It can be seen that the closer the grain surface was to basal orientation, the
more likely it was to be of light contrast. The optical micrograph in

Fig. 3(a) which is from a shaded region of the 1500°C/2 hr specimen shows that
in the flat grains residual scracches from the polishing have become decorated
with chromia.

Grain Boundarjes

In the as-treated specimens there is clear evidence of DIGM in specimens
heated to 1400°C or higher, particularly in the shaded regions of the
specimens. In Fig. 3(a), some of the grains have remained flat and
significant migration (up to 10 um) has occurred, particularly into the flat
grains; grain boundaries between "rumpled" grains have migrated less
suggesting that in the surface layer the sclution of chromia and/or the
development of the rumpled morphology tend to suppress DIGM. The migrated
boundaries are in most cases extremely facetted wich a lath-like appearance.
From EDS spectra the migrated grain boundary resgions have chromia
concentrations of 10X-15X% and the flat grains have essentially 0X Cr,0,. An
unshaded area Erom the same spacimen (Fig. 3(b)) has a completely different
appearance. All the grains have ruapled surfaces and the wavelengths of the
surface morphologies are longer than the rumpled grains in Fig, 3(a).

Evidence of DIGM is less clear and where it can be ssen (at arrowed positions)
it appears that chromia has plated over the surface after the migration
stopped. The grain boundary regions in this specimen have greater than 60X
Cr;0, and the grains have about 30%. It should be born in mind that the
generation volume for x-rays at this voltage (20 KeV) extends to at least 1 um
in depth and therefore an EDS spectrum represents a weighted average over this
depth. Ths profiles of chromia concentration in these various areas are the
rasult of simultanscus daposition and diffusion of chromia accompanied, in the
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grain boundary regions, by grain boundary migration; thus the profiles are
expected to vary with depth.

Afrer polishing che specimens to remove the surface layer of nearly pure
chromia, optical and scanning mlicroscopy showed that the boundary migration
panstrated below ehe surface laywr, produding the same facetted inteyface
morphology. Fig. 4(a) is an optical micrograph of the 1550°C/1 hr specimen
and shows that in the regions where the chromia layer has been completely
removed, the areas over which the grain boundaries have migrated are lighter
than the surrounding grains. This is in contrast to the reglons in which the
grains are chromia-rich and are lighter than the grain boundaries. Evidently,
the reflectivity of a chromia/alumina solid solution is proportional to
chromla content which correlates with the electrical conductivity of chromia
being much higher than that of alumina, In the SEM the contrast is reversed
as described above, and a SEM image of the polished surface of the 1550°C/0.5
hr specimen (Fig. 4(b)) shows the migration regions as darker than the grains.
The micrographs in Figs. 3 and &4 indicacte that the migracion distance varies
from boundary to boundary. Migration distances were measured for 4 specimens:
1400°C/0.5 hr, 1400°C/2 hr, 1500°C/0.5 hr and 1500°C/2 hr. The boundaries
fell into two categories, those where the migration distance was relatively
uniform along the length of the boundary and those where there was significanc
variation in distance (by factors of 2 or 3 in some cases). The data for the
boundaries with uniform migracion are presented in Table 2,

TEM observations of a thin foil taken from the 1550°C/0.5 hr specimen
revealed many of the classic features of DIGM. Almost all the boundaries
observed had migrated and some grain boundaries had migrated in borh
directions. Close to the original posicions of the grain boundaries there
was, in most cases, an array of dislocations across which there was no
detectable misorfientation. However, EDS analysis showed that between these
dislocations and the current position of the grain boundary there was from 1X
to 3% Cr,0, dissolved in the Al;0,, suggesting that these were misfit
dislocations accommodating the change in alumina lattice parameters caused by
the solute. Fig. 5 is a bright fleld image of the corner of a grain where the
grain boundaries have migrated from 0.8 to 1.2 um away from the center of the
strongly diffracting grain. The Interface between the pure and alleoyed
alumina is clear both from the misfit dislocations which run from the top to
botrom surfaces of the foil (and are close to end on in the micrograph) and
alsc from the complex distribution of fringes which are particularly visible
in the boundary on the left of the micrograph. The misfic dislocations in
this boundary appear to be of two different types with two different line
directions. Omne type is regularly arranged at the interface whereas only one
of the other type (which are in the minority) has incorporated into the
interface structure, where it is assoclated with a step. The chromia
concentration in the alloyed region of boundary A is 1.BX and the average
dislocation spacing is 0.45 um. The average dislocation spacing and chromia
concentration in a total of five boundaries was measured and these data are
summarized in Table 3.

Discussion

These observations of DIGYM in the alumina/chromia system are similar to
observations in metal systems such as Au/Ag. The most obvious differences lie
in the extremely facetced, finger-like nature of the morpholoegy that is
created by the DIGM, and the surface rumpling that occurred in all the
experiments. The observations of surface rumpling that vary as a function of
temperaturs, orientation and solute supply {(shaded or unshaded) all point to a
nucleation and growth mechanisa of spitaxy with the density of nucleation



sites being a function af surface orlentation. Surface diffusion and vapor
transport in this system are very rapid at these temperatures such that a
radical of Cr0" or Cro; condensing on the alumina surface will rapldly diffuse
to a site of low energy such as a surface step, scratch, pre-existing
epitaxial island, grain boundary or dislocation,

The tendency of both free surfaces and grain boundaries in ceramics to be
facetted has been noted by several authors (5, 6). The surface morphologies
developed here are not equilibrium shapes as the surface layer is thickening
and changing its stress stace throughout the experiment. Hence the regular
surface facetting observed in, for example, equilibrated NiQO/Mg0 solid
solutions (5) is not expected here. 1In contrast to surface morphologles, the
TEM observations presented here do not show facetting of the grain boundaries;
this difference in facetting {s likely to be because the TEM foil is from
several microns below the original specimen surface, zlthough the exact depth
is not known.

The variation of average migration distance with time and temperature has
the expected trends: increasing the temperature or time increases the
migration distance. For each experiment some migration may have occurred as
the specimen was heated to the experimental temperature, but after allowing
for this effect, the data in Table ? show that migration at the surface is not
linear with time. The coherency strain theory only predicts a constant
migration rate if there is no change in grain boundary length and no change in
curvature. When the curvature is changing and the grain boundary length is
increasing, the rate should decrease with rime.

As discussed above, the driving force for DIGM for the non-cubic crystal
classes is a complex issue. An algorithm to calculate the driving force as a
function of boundary normal, solute concentration, diffusion tensor and
distortion tensor for any crystal class has been developed and will be
published soon. The elastic energy density £ _, . . . can be expressed as
A(qQ - q,)%, where A is dependent on boundary normal, Symmetry arguments show
that for alumina/chromia, which is rhombohedral, A is the same for all
prismatic planes since the diffusion tensor and the distortion tensor are
isotropic for boundary normals in the basal plane. At room temperature, for
Prismatic planes & = 1.10 GJn? and for the basal plane A = 1.01 GJn *; the
difference of 900 Mim™? indicates that considerable driving forces for
boundary migration can be developed. Anisotropy of diffusion may be a
significant facter in determining the size of the driving force since changes
In solute concentration are squared in the expression for £, ..., ...-

In the simplest analysis, the solute-induced elastic strain is
approximately nq, where n is the average of the distortion tensor i1 My and
M3- For alumina/chromia n,, - N2z = 0.041 and nyy = 0.049 and n = 0.044, A
solute concentration of qQ In the basal plane produces a stress of Aq/n;, which
for q = 0.03 gives a stress of 680 MPa. Such a high stress will lead to the
formation of dislocations to relieve the stress when the depth of the
diffusion zone is greater than a certalin critical layer thickness (7).
Dislocation generated due to diffusion have been observed in TEM. Because the
boundary planes in the TEM foll studied are approximately perpendicular to the
plane of the foll, and the dislocation spacings are small compared to the foil
thickness, only a limited portion of sach misfit dislocation network is
visible. In addition the line directions of the dizlocations are typically
normal to the foll which is an unfavorable orientation for Burgers vector
determination. However, correlations have been made between the data in Table
3 on misfit dislocatien apacing D and solute concentration q in the alloyed
reglon. We can make two assunptions: (1) that this elastic strain is all
relieved by dislocations; and (2) the Burgers vectors of these dislocations

h*4t -

are parallel tu the grain boundary plane and have wagnitude b, Based on these
assumptions, the magnitude of b is glven by b = Dnq. Calculated values of b
are listed in Table 3 and should be com ared with the two smallest Burgers
vectors in alumina, 1/3<2T10> and 1/3<1100>, with wagnitudes 4.76 A and 5.12 A
respectively. If the relief of elastic strain 1s incomplecte, the calculated b
will be greacer than these values: and {f the Burgers vectors are not parallel
to the interface the calculated b will be less than these values. The degree
of agreement between calculated and allowed values of b is within 20% which is
good. The misfit dislocations in boundary A of Fig. 5 are arranged in facets
and steps as described above. Analysis of the relationship between the grain
boundary plane and facetting of misfit dislocation arrays is the subject of
future work and will not be discussed furcher here.
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Experimental set-up showing specimen suspended above bed of chromia
powder

SEM micrograph of unshaded region of 1500°C/1 hr specimen showing
variation of surface morphology between grains

Optical micrograph of shaded reglon of 1500°C/2 hr specimen showing
finger-like morphology of migration and decorated scratches

Optical micrograph of unshaded region of 1500°C/2 hr specimen showing
different surface morphology from 3(a) because of extensive plating on
of chromia

Optical micrograph of 1500°C/1 hr specimen after polishing

SEM micrograph of 1550°C/0.5 hr specimen

TEM wicrograph of 1550°C/0.5 hr specimen
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Migration of Sapphire Interfaces into Vitreous Bonded Aluminum
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ABSTRACT

Grain boundary migration in aluminum oxide at 1600°C was investigated by
sintering together alternating plates of presintered polycrystalline alumina
and sapphire. Two types of vitreous bonded alumina and two orientations
of sapphire, {0001} and {1120}, were used in this study. A comparison of
the mobility of these two planes at 1600°C showed the {1120) plane (nor-
mal to the a-axis) to have at least 3 times the mobility of the (0001} plane
(normal to the c- axis). A-axis oriented sapphire did not advance through
the alumina in a uniform manner; instead, the advancing interface was very
itregular. Droplets of glass, spinel particles and sometimes grains of alu-
minum oxide were entrapped within the sapphire after the front had passed.
By contrast, c-axis oriented sapphire tended to remain flat as it advanced
through the alumina. The kinetics of migration are interface controlled, and
the morphologies of the advancing sapphire interface are rationalized in terms
of interfacial attachment kinetics, the composition of the intergranular glass

phase, and interfacial surface energies of the sapphire plane relative to the -

average surface energy of the aluminum oxide grains in the alumina.
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INTRODUCTION

The kindlies of gFkin Heuhdary migration in AlOs hiave been examined by
severa) researchers using measurements of the growth of a large grain, re-
sulting either from discontinuous grain growth or the deliberate addition of
a single crystal, into a fine-grained matrix [1-7]. From the change in migra-
tion distance of the large grain with time, a “grain boundary” velocity is
calculated, which after adjustment for the change in grain size with time,
and, yields a grain bounary mobility. From this mobility parameter, eflects
of composition and temperature are then analyzed. In Al;Os, the calculated
mobilities vary by over three orders of magnitude for nominally similar com-
positions. As demonstrated by Kaysser et al. [6] and Handwerker et al. |7],
two of the factors leading to this large variation in mobility are a dependence
of the growth kinetics on crystal plane and chemical composition. In partic-
ular, Kaysser et al. found that the growth rate of large single crystal spheres
into a fine- grained Al;O; matrix containing an anorthite-based glass is ori-
entation dependent, with growth in the (0001) slowest relative to all other
directions. For this material, basal facets formed on grains that were wet by
continuous liquid films. Even in MgO-doped alumina, where no liquid phase
was observed, the growth rate was also a function of the crystallographic
orientation of the single crystal sphere.

In this study, model crystal growth experiments were performed on Al;O,
to separate effects of crystal growth anisotropy from effects of the chemical
composition. Growth rates of single crystals into a fine grained matrix of
Al; O3 were measured with either the a- axis or the c-axis orientation of the
single erystals normal to the interface. In the part of the study reported
here, two commercial grades of Al;Oy were used as the fine-grained matrix.
Fine grain aluminum oxides prepared under clean room conditions were also
investigated, but will be reported elsewhere, Results are discussed with re-
gard to growth anisotropy and grain boundary mobility of aluminum oxide.

EXPERIMENTAL PROCEDURE
Polished disks of dense alumina were placed in an alternating sequence with
sapphire disks having either an a-axis or a c-axis normal to the growth inter-

face, according to the geometry shown in Fig.1. The microstructures of the
two grades of alumina are shown in Fig.2. One of the grades, Coors AD96
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(Fig.2a), contained = 96 wt% aluminum oxide and = 8 vol% glass; the grain
size was =8 um. The total chemical composition of the AD96 alumina deter-
mined by induction coupled plasma emission spectroscopy (ICPES) for the
major elements in wt% is: Ca, 0.13; Fe, 0.026; Mg, 0.45; Na, 0.2; Si, 0.96;
Li, 0.015; K, 0.018. For minor elements, the composition in ppm by weight
is: B, 7.4; Ba, 64; Ga, 66.5; Mn, 7.9; Sr, 11; Ti, 60; Zn, 35; and Zn, 30.
Al the temperatures used for the present study, 1600°C, glass wetted all of
the grain boundaries and grains of alumina that were bounded by glass were
frequently facetted. From an earlier study of the as-received material (8],
the glass composition (wt%) determined by quantitative EDS analysis was:
8i0,, 56.2; Al;O4, 25.9; MgO, 8.5; Na,;0, 5.1; CaO, 2.8; K;0, 0.7; Fe0, 0.9.
MgAl; O, graina are also present in the alumina. The amount of spinel in
ADO6 is estimated to be 1.5 wi% calculated from the ICPES analysis assum-
ing that the MgO/SiO; ratio from the EDS glass analysis is correct. After
heat treatment at 1600°C for 24 hours, the composition (wt%) of the glass
was found to be: Si0,, 52; Al;04, 32; MgO, 12; Ca0, 5.

The second commercial material, Friedrichsfeld FF-99 (Fig.2b), was a hot-
pressed aluminum oxide containing s 99 wt% aluminum oxide. The as-
received grain size of this material was =3 um. The chemical composition of
Friedrichsfeld alumina by ICPES for major elements in wt% is: Ca, 0.076; Fe,
0.029; Mg, 0.19; Na, 0.029; and Si, 0.13. The composition for minor elements
in ppin by weight is: B, 14; Ba, 42; Ga, 65; Li, 18; Mn, 4; Sr, 4.5; Ti, 40;
Zn, 31; and K, 36. This material also contained grains of MgAl;0, dispersed
within the structure. Although examination by optical microscopy revealed
little if any glassy phase within this alumina, high resolution transmission
electron microscopy revealed glass pockets at many of the triple junctions
and along many of the grain boundaries. No attempt was made to determine
if all of the grain boundaries were wetted by the glass. From an analysis of
the larger pockets of glass in the as-received material, the glass was close to
an anorthite composition, Ca0-Al;0,-25103, so that, although the material
contained spinel crystals, the intergranular glass had no detectible MgO. The
lack of MgO in the glass {detectable at a level of 0.1 wt%) implies that before
heat treatment, the MgO is present in the FF99 as spinel at a concentra-
tion of 1.2 wi%. After heat treatment at 1600°C for 24 hours, EDS analysis
did reveal the presence of MgO within the glass phase (composition in wt%:
§i0;, 48; Al;04, 29; Ca0, 16; MgO, 6) indicating dissolution of spinel during

' The use of brand names is not 4o be interpreted as an endorsement by N.1L.S.T.
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the migration experiments.

The sapphire and polycrystalline disks were polished plane and parallel with
a mirror finish using the following sequence: 9um diamond paste on a cast-
iron lap wheel; 3um diamond paste on a solder-faced polishing wheel; and
lum diamond paste on a solder-faced polishing wheel. All disks were ul-
trasonically cleaned in a detergent and rinsed in alcohol between grit sizes.
After polishing, the specimens were glued with nitrocellulose epoxy into a
stack, which was then annealed in air at 1600°C. A light load, =~0.1 MPa, was
applied to the stack to maintain mechanical stability during the annealing
trealment. Annealing periods ranged from 1 hr. to 69 hr. After anneal-
ing, the stack of disks was sectioned perpendicular to the original plane of
the disks, and then polished to prepare specimens that could be examined
by optical microscopy. Specimene for examination by transmission electron
microscopy (TEM) were made from similar sections that had been reduced
in thickness to ~100 ym. Disks ~3 mm in diameter were ultrasonically cut
from the polished sections and were then thinned to electron transparency
by standard ion milling procedures.

RESULTS

Optical examination of cross-sections obtained from stacked arrays clearly
revealed the effect of annealing on the growth of sapphire into polycrys-
talline alumina. Figures 3 and 5 provide representative views of the overall
morphology of sapphire intergrowth into the fine grained aluminas under
different conditions, while Fig.4 summarizes migration rate data for a-axis
and c-axis growth into AD96. In both Figs.3 and 5, the migration inter-
face is clearly distinguished by virtue of relief-polishing of the polycrystalline
alumina, while the original contact interface is marked by a roughly planar
array of pores, now contained within the single crystal region. By inspection
of Fig.3, it can be seen that over the range of annealing times used in this
study substantial intergrowth of the sapphire occurs; migration distances
are generally multiple grain diameters, Figure 3 also shows that while grain
growth within AD96 occurs duting annealing, changes in grain dimensions
are relatively small, when compared to sapphire growth distances. Most im-
portantly, Fig.3 illustrates the pronounced effect of growth orientation on
the growth rate of sapphire into AD96. In this regard, comparison of either
Figs.3a with 3c or 3b with 3d shows that under identical conditions growth
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along the a-axis direction ({1120}) is significantly greater than that along the
c-axis direction {{0001}).

In order to quantify the dependence of migration distance in AD96 on both
time and orientation, the average migration distance, L., for both (0001}
and {1120) orientations was measured after annealing for from 1 to 69 hours
at 1600°C. The results are shown in Fig.4 where the total interface migra-
tion distance is plotted as a function of annealing time. As can be seen, data
for both growth orientations can be fitted to a straight line in the log-log
representation. On the basis of a linear least squares fit, the slopes (i.e. the
power law time exponents) are 0.88 for a-axis growth and 0.995 for c-axis
growth. Considering the experimental errors involved, the growth for both
directions can be considered to increase linearly as the time, i.e. L, = At.
Note, however, that growth along the a-axis is roughly three times faster
than that along the c-axis.?

Similar experiments aimed at quantifying the growth rates of sapphire into
the second alumina, FF99, were terminated due to excessive grain growth
and bubble formation accompanied by extensive cracking which led to non-
reproducible results for annealing times greater than 24 hours. Nevertheless,
a relative comparison of the a-axis and c-axis intergrowth into FF99 and
AD96 after 24 hours at 1600°C can be made; these results are shown in
Fig.5. While noting that a strict comparison is complicated by the fact that
the two aluminas differ not only in glass phase composition but in volume
fraction of glass and that abnormal grain growth has occurred in FF99, it
was found that the rate of sapphire intergrowth along the a-axis direction
was nearly the same for both aluminas (Figs.5a and b). In contrast, thegate
of c-axis intergrowth into FF99 was only one third of the rate of intergrowth
into AD96 (Figs.5c and d), or alternatively, only one-ninth the growth rate
along the a-axis direction. These results strongly suggest that glass phase
composition has a pronounced effect on migration rate, specifically by alter-
ing the effect of growth orientation.

In conjunction with the observed differences in growth rate for a-axis and
c-axis growth, there is also a significant difference in the morphology of the
growth interface for these two directions. In gerl_eﬁ!, the c-axis growth inter-
face was relatively fat, exhibiting large {greater than the grain size) planar

2The velocity ratio was determined at the midpoint of the data, ~24 hr., in Fig.4.
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regions (e.g. Figs.3c-d and 5c-d) separated by individual grains which were
partially encapsulated inthe advancing sapphire. By contrast, the a-axis
growth interface was wavy, with undulations occurring over multiple grain
diinensions (e:g: Fign:3n-b snd Sa<b), The thieknisa of the glaas layer at the
AD96 /a-axis interface did vary from grain to grain, however, no correlation
could be seen between the thickness of the glass layer and the growth rate.
The thickness of the glass layer at growth interfaces was more uniform for ¢-
axis oriented growth than for a-axis oriented growth. Regardless of sapphire
orientation, there was no glass buildup between the growing sapphire anf the
matrix grains suggesting that all of the glass within the AD96 is eventually
trapped within the sapphire. Sometimes, long stringers of glass were left
behind as the sapphire crystal grew into the polycrystalline matrix. These
occur as a consequence of a growth instability of the sapphire-glass interface.

Detailed observations by transmission electron microscopy {TEM) further
highlighted the difference in the morphology of the growth interfaces associ-
ated with growth along the c- and a-axis in sapphire. As illustrated in Fig.6,
for most AD96 grain orientations, the advancing sapphire surface was pla-
nar on {0001}, although steps of varying height, apparently corresponding to
growth ledges were found at high magnification, Fig.6¢c. Typically, a narrow
layer of glass, of the same composition as the binder glass in AD96, sepa-
rated the sapphire and the matrix grains. Across the glassy layer, the grains
adjacent to the growing sapphire were either planar, smoothly curved, or
facetted (as in Fig.6b) depending upon their specific orientation or proxim-
ity to large glassy multi-grain junctions (Fig.6¢). In regions where facetting
of the AD96 grains was observed, the facet planes invariably corresponded to
low index orientations in Al;O, such as {0001}, {1012}, {1011}, {1120}, and
{1123}. Similar observations of facet planes were made earlier by Hanson
and Phillips [9]. Further observations also showed that a non-planar interface
in {0001) oriented sapphire occurred only when the orientation of the dissolv-
ing AD96 grains was also close to the (0001) basal orientation. These cases
corresponded to the aforementioned partially encapsulated grains, which ex-
hibited interfaces that were highly facetted with long basal ledges.

In contrast to the above description of c-axis sapphire, interfaces associated
with the growth of a-axis oriented sapphire into AD96 were not planar, Fig.7.
This is evidenced by large scale undulations along the interface and by the
fact that the advancing sapphire surface is generally inclined in cross-section
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views, Fig.7a. In general, the specific details of the interface separating the
advancing a-axis sapphire from the dissolving AD96 grains varied consider-
ably and was clearly dependent on the specific orientation of the adjacent
ADO6 grain; Figa.Th<d. As a céhsequence, the merpholegy of the glassy layer
present at the interface also varied considerably. In this regard, a relatively
thick layer of glass is seen in Fig.Tb along that portion of the interface where
the dissolving AD96 grain is planar along (0001), but is not apparent along
the curved portion of the interface. Similarly, a glassy layer is not apparent
along the highly irregular interfaces separating the advancing a-axis sapphire
and the partially encapulated, tabular shaped grain in Fig.7c, but is clearly
present at the portion of the growth interface seen in Fig.7d. While facetting
of the AD96 grain surfaces and the a-axis sapphire surface was not uncom-
mon, the development of larger planar {1120} segments during a-axis growtih,
as seen in Fig.7d, was not typically observed.

Finally, X-ray energy dispersive analysis (EDS) was used in conjunction with
either TEM or SEM to identify the nature of the entrapped inclusions in the
intergrowth regions, Figs.3 and 5. While many of the features seen in these
micrographs correspond to pores inherent to both types of aluminas, a large
proportion were found to be glassy inclusions. The origin of these glassy in-
clusions apparently relates to instabilities along the advancing growth front
due to the presence of large glassy pockets at multi-grain junctions in the
aluminas, or to special orientation effects on the dissolution-precipitation
process, as seen in Fig.7b. In addition to encapsulated pores and glass inclu-
sions, crystalline inclusions are also found with the intergrowth regions (see
e.g. Fig.5b). Most of these inclusions, were readily identified as the small
(1 um) grains of MgAl;O, which are inherent to the microstructure of both
AD96 and, more abundantly, FF96. Occasionally, however, encapsulated
grains of Al;Oy were also found. Though rare and energetically unfavorable,
the presence of Al;Oy grains undoubtedly relates to the strong effect of orien-
tation and/or the thickness of an interfacial glassy layer on the local driving
force for dissolution-precipitation as depicted in Figs.7Th and c.

DISCUSSION
The major observations in this study are: (1) The average migration dis-

tance of the sapphire into the aluminas within experimental error increases
linearly with time; (2) average growth rates depend on the orientation of the
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sapphire seed crystal and on the composition of the surrounding glass; (3)
facetting occurs at both growing and dissolving interfaces; (4) local growth
depends on the orientations of both the growing and dissolving grains; and
{5) growth results in the encapsulation of glass inclusions, and of MgAl,0,
and Al,O; grains in the sapphire. We first discuss formulations of the driving
force for the growth of a large grain into a fine grain matrix and how this
driving force is affected by facetting of the grains in the matrix. Analogies
are made between the growth of isolated facetted crystals from high temper-
ature solutions and the growth of an assemblage of grains separated by liquid
films. We then discuss effects of composition on growth rates and interface
instability on liquid encapsulation.

The driving force for the migration of a large grain into a fine grain matrix is
typically described in terms of the curvature of grain boundaries whose en-
ergies do not depend on crystal orientation |10]. Such isotropic grain bound-
aries are curved in a well prescribed way in order to balance the forces at
intersections where three grains meet, i.e. the triple junctions. For a grain
much larger than the average matrix grain size, the boundaries adjacent to
the large grain will be curved, with the center of curvature lying outside the
large grain. Because of surface tensions inherent in such a geometry, large
grains will grow at the expense of the smaller ones, and the driving force for
growth can be related uniquely to the grain size of the matrix. Assuming an
average grain size, G, and an average mobility for the grain boundaries, M,
the displacement, L., of the large grain is given by the following equation
{8:

L =M (3T/G) -t {1)
where I' is the grain boundary energy and t is the annealing time. The
term, 3T /G, is proportional to the pressure difference (p = 4I'/G, assuming
a spherical surface of radius G/2) across the grain boundary due to curvature
and is the driving force for migration.

In the present experiment, the suzface energy in Eqn. 1 is the inter{acial en-
ergy between the vitreous phase in the solid and the aluminum oxide grains.
If this interfacial surface energy couid be assumed to be constant, then Eqn.
1 would apply exactly. However, as indicated by the facetting, the interfacial
energy is not a constant and some discussion of the eflect of surface energy
anisotropy on growth is warranted. Equation 1 can be shown to be valid for
solids in which the grains are completely wetted by a liquid, provided that

Sintering of Advanced Ceramics 265

all grains maintain their equilibrium shape during growth. In this case, the
chemical potential of the grains in the liquid is given by 4TV, /G;, where the
subscript ¢ indicates that the interfacial energy and the grain dimension, G|,
refers to one of the facets of the grain, and V,, is the molecular volume of the
solid. The grain dimension, G, is measured perpendicular to the facet. As
a consequence of the Wulff theorem [12], T';/G; for each grain is a constant,
so that the surface energy and grain width for any of the facets of the grain
can be used in Eqn. 1.

When a facetted single crystal grows into a polycrystal containing a low
fraction of liquid phase, the growth rates of different faces and the physical
constraints on the crystal are such that the grains will have shapes that differ
substantially from the equilibrium shape. Various factors such as densities
of growth ledges on close-packed faces may limit growth. In addition, the
pressure of adjacent grains on one another may prevent the crystals from re-
alizing their final equilibrium shape [13], and, as a consequence, will increase
the chemical potential of the constrained grains within the polycrystalline
solid over that of unconstrained crystals in solution. Thus, large variations
in local driving force for dissolution and growth are expected, leading to un-
even growth of the sapphire crystals into the alumina composites.

Because the boundaries of grains have random orientation and shape, Eqn. 1
can be used phenomenologically to calculate an average mobility, but should
be used with the understanding that the local motion of the interface is ex-
pected to depend on the shape, size and orientation of the individual grains,
and on the particular conatraints to which each grain is exposed. As the driv-
ing force for crystal growth in Eqn. 1 depends only on the grain size of the
alumina, differences in interface velocity can be attributed to first approxima-
tion to differences in interface mobility of the growing sapphire alone. Using
equation 1, the interface motion shown in Figs.3, 4 and 7 can be analyzed.
For a-axis sapphire growth into AD96 after 24 hours at 1600°C, a mobility
of = 1x10~" m?®/N s is obtained for an average grain size of =10 yum and a
value of 0.3J/m? for T'.* This value of the mobility is approximately one-fifth
of the value, 5.4 x 10°™ m*/N-s obtained by Monahan and Halloran [5] for
growth of single crystal sapphire rods at 1672°C in a direction approximately

3This conclusion is reached by using Eqn. 666 in Ref.11
4This value of T is the value used by Monahan and Halloran and in earlier calculations
in the literature,
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normal to the {0001} into undoped alumina contaminated with glass. This
difference in mobility is probably attributable to differences in temperature
and composition of the glass within the alumina. Based on the interface
velocity data in Fig.4, it can be concluded that the apparent mobility of the
¢-plane of the sapphire is one-third that of the a-plane. As the average grain
size of the aluminum oxide and the compositon of the glass adjacent to the
sapphire were independent of the orientation of the sapphire, this difference
in apparent mobility of the a- and c-interflaces cannot be attributed to a
transport controlled mechanism, but must be a consequence of differences in
the kinetic processes at the two types of sapphire interface.

The dependence of growth rate on crystal orientation was demonstrated ear-
lier by Kaysser et al. [6]. Examination of specimens by optical microscopy
after sintering clearly demonstrated facetting and slow growth of the sapphire
spheres along the basal plane during growth only when glass was present. The
results of the present study confirm those of the earlier one, and furthermore
demonstrate the presence of a continuous glass layer along the facetted basal
plane in all cases studied, as was originally hypothesized by Kaysser et al.

The planar (0001) growth-interfaces, observed here and in reference 6, can be
explained qualitatively if it is assumed that the interface formed by contact of
the basal plane with silicate glasses is the lowest energy interface for sapphire;
i.e., the basal interface corresponds to the deepest minimum or possibly a
cusp in the Wulff plot for this structure. That this assumption is probably
true, is justified by the fact that the plate-like crystals that develop during
exaggerated grain growth in vitreous bonded systems are often bounded by
basal planes. Moreover, basal planes form prominent habit planes on natu-
ral crystals, solution-grown crystals, and micro-facetted surfaces. If the basal
plane has a lower surface energy relative to all other planes, then the number
of steps on this plane will be minimized in order to minimize the total energy
of the surface and, for the same reason, growth should occur by the lateral
motion of the steps, i.e. a ledge growth mechanism. In this regard, the basal
growth interfaces are found to contain ledges with a spacing larger than the
grain size, which appear to correspond to growth ledges, Fig.6c. Thus, the
basal plane will remain flat while it grows, and, since new material is added
primarily at the surface steps, the rate of growth will be slow, because of the
low concentration of these steps. Conversely, the formation of growth steps
on planes having relatively high surface energies is more favorable, since these
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growth steps can have a lower surface energy and, as a consequence, lower
the total energy of the surface by facetting (see reference 14 for a discussion
of facetting of high energy surfaces).

Aluminum oxide grains adjacent to the growing interface will also influence
the shape of the growth interface. As these crystals vary in size and shape
and have random orientations relative to the growing crystal, the chemical
potential of the grains {(based on size and shape alone) will vary along the
matrix grain-liquid interface. The growth rate along the advancing sapphire
will be uneven because of this variation of the chemical potential of the alu-
minum oxide grains from point to point along the interface. If the sapphire
growth surface is free to change shape without substantially increasing the
interfacial free energy, as it does for a-axis growth, then grains with some ori-
entations will rapidly dissolve in the glass and re-precipitate on the sapphire
surface to form a rough interface such as those seen in the present study. If
grains adjacent to the a-axis sapphire dissolve fast enough, then grains with
the slowly dissolving faces (grains bounded by (0001) planes) will become
entrapped in the sapphire and be left behind by the advancing front to dis-
solve later or to remain in apparent metastable equilibrium. By contrast,
growth of c-axis sapphire, as discussed above, will limit the migration of the
interface and the flatness of the basal surface will be maintained regardless
of the size, shape or orientation of the alumina grains across the glass layer.
In this manner, many of the microstructural features observed in the current
paper can be explained. Quantitative aspects of the microstructure will re-
quire additional theoretical investigation.

From the data on the composition dependence of growth rate anisotropy, it
is clear that the composition, as well as the amount of glassy phase, affects
growth, The growth of the a-axis sapphire was approximately the same for
both aluminas, but the advance of the c-axis sapphire into AD96 was a fac-
tor of three slower than that of the a-axis and the advance of the c-axis into
FF99 was a factor of nine slower than that of the a-axis. Both theory and ex-
periment on flux growth of crystals indicate that the composition of the flux,
in our case a silicate-based flux, can change the growth rate anisotropy, the
facet planes, and the adsorption of impurities on crystal faces during growth.
For example, sapphire grown in PbF2 solutions with Mg, Mn, Ti, Cr, or Fe
dopants exhibit dopant incorporation only in certain crystal directions, the
amount of dopant incorporated also being a function of orientation {15]. In
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other studies, the growth shapes of sapphire in PbF;-Bi,O; fluxes change
from (D001} platelets in the undoped melt to a more equi-dimenstonal shape
with facets on (0112), (0001}, and (1011) planes with La;0Qy additions [186].

In the two aluminas examined here, the change in growth rate anisotropy
cannot, at this stage, be attributed with certainty to a difference in a spe-
cific impurity. However, from the measured compositions of the glasses lo-
cated between grains of Al;O,, the impurities most important in promoting
anisotropic growth in alumina in the present study can be ascertained. In
both cases we are dealing with multicomponent, alumina- rich systems with
three phases in equilibrium: alumina, spinel, and a liquid, but the composi-
tions of the two liquids are significantly different and depend on the overall
composition of the alumina. The most significant compositional difference
between the glasses bonding the aluminum oxide grains is in the calcium and
magnesium concentrations. For the AD96: Ca0/Si0; = 0.10; Mg0/5i0,; =
0.23; for the FF99: Ca0/S5i0; = 0.33; MgO/8i0, = 0.13. Therefore, the
concentration of Ca0Q in FF99 is =3 times that in the AD96, whereas the
concentration of MgQ in FF99 is =1/2 that of the AD96. The presence of
CaO and Si0; have previously been observed to promote anisotropic growth
of alumina. By contrast, additions of MgO to alumina containing Ca0 and
Si0; tended to decrease anisotropy [6, 17]. Dased on the EDS analysis of
glass compositions, this decrease in anisotropic growth with higher MgO and
lower CaQ concentrations is also observed in our study. Other elements
present in the glass {Na, K, Li) may also play a role in the determination
of growth morphology in alumina by extending the range of glass formation
and by promoting higher solubilities of alkaline earth oxide in silicate glasses.
However, these effects still remain to be explained as nothing definitive can
be said regarding the effect of these elements on growth morphology. To iso-
Jate quantitatively the effects of various components of silicate-based fluxes
on growth anisotropy, growth studies similar to the ones discussed here are
suggested, using ultra-clean starting powders and clean room processing to
contro] composition and purity level.

The fiquid entrapment that was observed is consistent with the calculations
and experimental observations of Voorhees and Schaefer {18] on the insta-
bility of the growing interface. Our system is analogous to theirs: two solid
grains are separated by a liquid layer and migration of the liquid layer occur-
ring by dissolution of one grain and precipitation onto the other grain, The
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growing interface is unstable with respect to small perturbations due to the
divergence of the diffusional fluxes, identical to the case of a freezing inter-
face during solidification. The presence of the dissolving interface across the
tiquid layer stabilizes the growing interface, and the degree of stabilization
increases as the thickness of the liquid layer decreases. During growth of
the sapphire, the glass layer will increase in thickness as glass (located orig-
inally between grains that have dissolved) is added to the interface between
the sapphire and the matrix. When the layer reaches a critical thickness
the growing interface becomes unstable and pockets of glass are left behind
in the sapphire. This reduces the layer thickness, so that the growing in-
terface is stable again until sufficient additional dissclution of the aluminum
oxide grains occurs. In this way the glass layer reaches a maximum thickness,
rather than increasing without limit as the small grains dissolve. In addition,
if the wavelength of the perturbation is large compared with the grain size,
small grains can be entrapped when the growing interface becomes unstable.
These small grains will dissolve at a later time.

This study is not the first to report the formation of liquid inclusions dur-
ing the growth of sapphire. Janowski et al. [19] observed liquid entrapment
under most growth conditions using PbF,-Bi; 0, and BiF;-Biy Oy melts; en-
trapment was most prevalent for fast growth conditions and for a platelet
morphology, i.e. the grain morphology we observe in our experiments. It is
important to note that examples in crystal growth, such as liquid entrapment
and solute adsorption, can be used to good advantage to explain phenomena
observed during grain growth in the presence of a liquid phase,

SUMMARY

This paper presented a study of interface migration in vitreous bonded alu-
minum oxide. In the course of experiments, in which sapphire of either a-axis
or c-axis orientation was held against two commercial grades of fine grain vit-
reous bonded aluminum oxide, the migration rate of the sapphire was mea-
sured and the morphologies of the sapphire-glass and the matrix grain-glass
interfaces determined. The interface mobility of the a-axis orientation was at
least 3 times that of the c-axis orientation for the commercial alusminas stud-
ied. The interface mobility also appeared to depend strongly on the chemical
composition of the glass in the alumina as well as on the orientation of the
sapphire. From the observations of facetting at the glass-alumina interfaces
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and the orientation and composition dependencies of growth, the migration
of the sapphire interface is believed to be interface rather than transport
limited. The growth kinetica of the c-axis oriented interface resulted in a

" relatively planar interface which was attributed to a low density of growth
jedges on the basal plane. The relatively nonplanar interface formed for the
a-axis orientation was attributed to local variations in the chemical poten-
tial of the alumina due to random orientations of the alumina grains across
from the growing a-axis sapphire. In particular, grains with basal planes fac-
ing the sapphire dissolve very slowly compared with their neighbors. These
grains become entrapped in the growing sapphire as their neighbors dissolve.
Finally, entrapment of liquid dropleta behind the a-axis interface is consis-
tent with the absence of a liquid build-up in front of the advancing sapphire
interface, and can be explained by the theory of Voorhees and Schaefer. For
many of these phenomena, the crystal growth literature has provided useful
analogues which aid in our understanding of grain growth processes in the
presence of a liquid phase.
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Figure 1. Experimental technique for bonding alumina to sapphire. The
applied stress was less than 0.1 MPa, which is less than the value of 1 MPa
usually accepted for the sintering siress, so that effects of stress on the sin-
tering process is expected to be minimal. Each stack would have at least two
different orientations of sapphire, and one or more grades of alumina.
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Figure 2. Transmission electron micrographs of the as-received aluminas: (a)
Coors AD9G; (b) Friedrichsfeld FF99, The ADS6 has a larger grain size =8
gm than the FF99, =3 um, and contains more glass, =8 versus =1 vol.%
respectively. Consequently, the alumina grains in the AD96 are completely
surrounded by glass, and large pockets of glass can be seen in the AD96. By
contrast, the glass in the FF99 only appears in relatively small triangular
triple junctions.
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Figure 6. Growth interface after migration of ¢-axis sapphire into AD96 alu-
mina at 1600°C. In each figure, the growth direction is from the bottom to
the top of the figure. Over the entire interface, a narrow glass layer separates
the growing sapphire and dissolving alumina grains. The sapphire growth
sutface is planar on {0001) except for isolated growth steps, while adjacent

alumina grain surfaces are either planar or facetted depending on their ori-
entation.
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Figure 7. A number of significant features associated with the growth
of the a-axis sapphire into AD96 at 1600°C are shown in the above micro-
graphs: (a) portion of irregular interface formed by migration of the a-axis
sapphire into the AD96. Typically, variations in migration rate and interfa-
cial morphology were found from grain to grain; {(b) Tabular alumina grain
with {(0001) basal plane situated at migration boundary. Note the flatness of
the {0001) grain surface, entrapped glass, and concave curvature of migrat-
ing a-axis sapphire; (c) Tip of a tabular grain nearly fully encapsulated by
the migrating a-axis sapphire. Little glass is apparent at the interface; (d)
Linear portion of migrating boundary. The migrating a-axis sapphire has
developed a planar (1210) surface, while the adjacent alumina grain surface
has also developed facets.
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