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2 R. HULL AND J. C. BEAN

extended the frontiers of materials science, physics, and semiconductor device
performance. Historically. the initial focus has been on the growth of material
combinations with essentially the same crystal lattice parameter and
structure, e.g.. Al Ga, _,./GaAs. Although the growth of ultrahigh ¢lectrical
and structural quality material in these and similar systems has required both
perseverance and inspiration. the fundamental physical constrainis on
successfully defining the epitaxial structure (i.e., point and line defect free,
with planar surface morphology) are greatly eased when the equilibrium
structure of the grown layers corresponds closely to that of the substrate.

tnterest in extending the range of possible material combinations has,
however, encouraged experimentation in lattice-mismatched epitaxial
structures. In addition to the problems encountered (and to a large extent,
solved) in lattice-matched epitaxy, the primary extra complication introduced
by this extra degree of freedom is the introduction of extended defects that
attempt to relieve elustic strain in the structure. Understanding and control of
these defects appears to be the principal challenge faced in strained-taver
epitaxy, und progress to date will be discussed in detail later in this chapter,
Other phenomena present in lattice-matched epitaxy, e.g., surface diffusion
and clustering phenomena, may be more significant in mismatched-epitaxy,
due to the likelthood of a greater chemical dissimilarity between materials in
the structure. Indeed. we shall aim to show in this chapter that each und every
stage in the heteroepitaxial growth process. from substrate preparation to
post-growth processing, is of critical importance in determining the final
structure.

The field of strained-layer epitaxial growth is very much in tts formative
stages and is continually evolving. Care will be taken in this chapter to
attemt to differentiate among those problems that appear presently to be
understeod. those in which an understanding is being developed, and those
that to date remain intractable. The following fundamental stages of the
heteroepitaxtai growth process should be considered:

(i) Construction of a suitable growth chamber;

(i} Preparation of the subsirate surface;

(ii)  Possible growth of a homoepitaxial buffer layer onto the as-cleaned
stbstrate surface;

{ivi Nucleation of the heteroepitaxial layer; clustering or layer-by-layer
growth;

(v) Introduction of extended defects {if critical-layer dimensions are
exceeded) to relax the elastic strain introduced by lattice mismatch:

{(vi) Evolution of the growth surface, L.e.. coalescence of individual nuclei,

or possibly roughening of a planar surface. Note that this stage could occur
before or after step (v} and
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(vii) Redistribution of defect populations within the epitaxial fayer, such
as by defect “filtering”™ via incorporation of strained-layer superlattices or
termination of a dislocation at the edge of a structure.

Each of these processes will be discussed in succeeding sections of this
chapter. Our aim will not be 10 review exhaustively all work done in the field
(specific materials systems are reviewed in other chapters of this volume), but
rather to outline the fundamental physical processes involved in strained-
layer epitaxy and to illustrate them with specific exampies.

11. Growth Techniques

A. INTRODUCTION

The fundamental tool of lattice-mismatched epitaxy is the crystal-growth
chamber. The major requirements of a growth chamber for high-quality
epitaxial growth include: 2 noncontaminating (ultrahigh vacuum or inert)
environment; source purity; a source-substrate geometry that allows de-
posttion uniformity; uniform substrate heating cooling: absence of part-
iculates and undesired impurity atoms: sufficient analytical techniques to
allow in situ monitoring of growth quality and control of layer composition
and thickness. In a reseurch environment, throughput of wafers 1s less critical,
therefore ultrahigh vacuum (UHY) techniques. particularly solid-
evaporation-source MBE, are ucceptable. MBE has two relevant advantages:
(1) exceedingly zood control of layer dimensions and composition; (2) growth
at minimal temperatures {generally well below those required for significant
bulk diffusion but not necessarily surface diffusion). Low-temperature growth
is an absolute requirement if one i1s to attempt metastable strained-layer
epitaxy (as in the germanium silicide system).

The following sections give a brief overview of the crystal growth
techniques being used for strained-layer growth including molecular-beam
epitaxy, atomic-layer epitaxy, gas-source molecular beam epitaxy and chem-
ical vapor deposition (CVID). However, in subsequent sections, discussion will
tend to focus on MBE. This is justified by the current dominance of MBE in
strained-laver epitaxy and by the fact that, with MBE, it is particularly
straightforward to define the role of substrate preparation, impurity effects,
and nucleation. Nevertheless, the reader should bear in mind that these issues
and discussions are generic to all crystal growth techniques.

B. MOLECULAR-BEAM EPITAXY AND ATOMIC-LAYER Eriraxy

Some important principles of the MBE growth technique are iflustrated in
Figs. 1a and 1b. The essential requirement for a MBE growth chamber is that
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growth take place at a sufficiently high vacuum so that arrival and sticking of
impurity atoms from the ambient occur at a negligible rate. This s
particularly important in the growth of strained-layer heteroepitaxy. On
growing surfaces, impurities can massively perturb growth by providing
heterogeneous cluster or defect nucleation sites. Within the crystal, impurities
may precipitate to form nucleation sites for strain-relieving dislocations.
To first order, impurity gas impingement vades inversely with partial
pressure with a pressure of 10 torr producing a flux of 1 atomic monolayer
per second. Thus, a total chamber pressure of 1071 torr corresponds to an
arrival rate of ~ 10 ™ atoms or molecules sec ! ¢m ~* on the growth surface.
For typical MBE growth rates of ~ | monolaver sec ', this relatively low
arrival rate would still produce an unacceptably high impurity concentration
in the growing epilayer, were the sticking coefficient for the impurities unity.
Fortunately. at the elevated temperatures (of the order of 700- 1200 K)
generally employed during substrate cleaning and epilayer growth, sticking
coefficients for most UHV constituents are manv orders of magnitude less
than one, permitting high purity growth, However. there are exceptions, and
these exceptions strongly affect the design of the MBE growth chamber. [n
particular, growing AlAs and AlGaAs alloys have an extremely strong affinity
for oxygen derived from the strength of the oxvvgen-aluminium chemical
bond. Oxygen can affect {ayer morphology and electronic carrier transport.
[n a leak-free MBE system, this oxygen comes from decomposition of
ambient water vapor held over from earlier venting of the vacuum chamber,
This can be largely eliminated by the addition of extensive internal shrouds
filled with liquid nitrogen on which the water is trapped. With the advent of
plumbed-in liquid-nitrogen supply systems. these shrouds are frequently
cooled not only during growth but continuousiy. over months of operation.
The strength of the carbon -silicon bond poses a similar problem in MBE
of silicon and silicon alloys. Although carbon is reiatively solubie in silicon,
its presence at a growing crystal surface can lead to the formation of silicon
carbide nuclei. These nuclei are extremely stable and, given their hexagonal
crystal structure. they provide ready sites for defect nucleation in the cubic
silicon lattice. Carbon can come from several sources. [t is present in ail but
the most carefully controiled chemical cleaning solutions. Even if such
controf is maintained, an atomically clean surface will immediately react with
carbon i ambient air. Ex situ cleaning is therefore cenerally terminated with
the formation of a comparably inert chemical oxide that can be readily
reduced and desorbed by heating in vacuum. While such surfaces are
adequate for bastc studies of silicon homoepitaxy, residual carbon can still
adversely affect heteroepitaxial nucleation and strained-layer relief, as de-
tailed later.
Carbon may also come from the decomposition of oils used in certain
vacuum pumps. In the last decade or so, such pumps had been largely
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eliminated in favor of oil-free ion pumps and closed-cycle He cryogenic
condensation pumps. Recently, however, manufacturability issues have
ssmulated renewed interest in gas-source MBE or MBE/CVD hybrid
vacuum technologies. lon pumps cannot handie significant gas loads. and the
accumulation of typical gas-source chemicals within cryogenic pumps poses
both toxic hazards and the possibility of ignition and./or explosion. Gas-
source systems must therefore use nonaccumulating pumps such as diffusion
pumps or turbo-molecular pumps. Carbon contamination from such pumps
proved to be the bane of early attempts at silicon MBE (Joyce, 1974). The
challenge is thus to develop hydrocarbon trapping technigues and chemically
resistant oil-free fore-pumps. Whereas this might appear to be a problem
unique 1o silicon MBE. the handling of fore-pump oils contaminated with
I1I-V toxic materials is already a significant safety concern. At least one
organization is already recommending the elimmation of conventional oil
fore-pumps on all gas-source systems.

Ironically. the reduction of oxygen and carbon contamination 1 solid-
source MBE systems has introduced another defect-producing mechanism:
particulates. In a solid-source MBE system {or a hot-wall CVD-like system),
materiat will deposit in areas other than the targeted substrate. If vacuum is
maintained for long periods. the buildup of material will produce strains
leading to fracture and the release of very fine particutates. {Gross flaking
may also occur. but it poses less of a problem.) Under the influence of applied
electric felds or even typical MBE vapor fuxes, these particulates can
actually be propelled upward onto a growing epitaxial surface {Matteson and
Bowling, 1988).

Uncontrolled. these particulates can produce defect densities of 00— 1000
per square centimeter { Bellevance, 1988). There are two emerging strategies to
control this problem. This first is to tightly columnate the deposition fluxes to
the substrate surface alone. The columnators are then replaced or cleaned of
accumulated deposits at each vacuum break. The second approach is to
grossly reduce thermal cycling within the MBE chamber. thereby maximizing
deposit adhesion. In AlGaAs systems. this is accomplished by continuous
cooling of liquid-nitrogen shrouds. In silicon-based MBE systems. the newest
generation of equipment goes one step further. Because oxygen does not
bond strongly to heated silicon, water vapor is not as critical a concern.
Liguid-nitrogen shrouding is thus being removed from the growth area in
favor of water cooling of either shrouds or chamber walls (e.g., Parker and
Whall, 1988).

Assuming one can provide a suitably clean environment for molecular-
beam epitaxy. the next problem is that of controlling layer composition. In an
alloy system, such as Ge,Si, _,, significant errors may be tolerable. Growth of
compounds, e.g. GaAs, however, requires controi of stoichiometry to ievets
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better than one part per million. If such contro! is not maintained, second-
phase inclusions will form and crystal growth will be massively disrupted.
Figures la and 1b illustrate typical schemes for the growth of I11-V and
column-1V materials, respectively, Neither temperature-controlled Knudsen
cells, mass-flows-controlled gas sources. nor sensor-controlled electron guns
offer the requisite part-per-million regulation.

MBE thus depends on one of two mechanisms to maintain stotchiometry.
For common 111-V semiconductors, it was found that although the column-V
species will bind tightly to a freshly deposited column-U1 layer, it will not
bond well to another column-V layer. In terms of GaAs, this is to say that As
will bind to Ga but tends to re-evaporate from another layer of As
Stoichiometry is thus maintained if one provides an excess flux of the
column-V species. The crystal then adsorbs oniy the species it requires.

Atomic-layer epitaxy (ALE) simply takes this process one step lurther: For
example. in growth of certain [[-V[ semiconductors, the complementary
process is also active, and whereas column-[[ materials will bind to column
VI, neither will bind to itself (at appropriate growth temperatures). Growth
rate is then independent of the incoming fiux and depends only on the
number of times the substrate is exposed to alternate puises of column-{f und
V[ atoms (as each pulse produces a single, seil-limiting atomic layer of
deposition). This self-balancing process is essentiully the same as that active
in liquid-phase epitaxy or chemical vapor deposition.

The second self-balancing mechanism is operative in MBE growth of
compounds such as CoSi, on Si. Neither Co nor Si will re-evaporate, but
excess Co will readily diffuse through a thin CoSi, laver to react at the silicon
substrate. In essence. stoichiometry is achieved by simultaneous vapor-phase
crystal growth at the surface and solid-phase growth at the substrate. Excess
metal fluxes may thus be used in thin layers, but as the epilayer thickness
increases. diffusive transport of Co through the epilayer becomes increasingly
difficult, and growth will ultimately break down.

C. Gas5-SOURCE MOLECULAR-BEaM EPITAXY

For the purposes ol this chapter, gas-source MBE (GSMBE) can be
considered a simple derivative of the solid-source process. Gas sources
address three weaknesses of conventional MBE. First, Knudsen evaporation
sources have a finite capacity (of the order of 50— 100 cc) and may be depieted
within as little as a month. This is particularly true for the column-V species,
where excess fluxes must be maintained in order to assure stoichiometric
growth of a [[1-V compound. Further, before a cell is fully depleted, there
will be serious shifts in evaporation rates due to the reduction of charge size.
To compensate for this, frequent, sacrificial calibration runs must be made,
and for very critical structures, the shift of calibration within a single run may
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become unacceptable. The use of external, casily replaceable, gas cylinders
eliminates this problem. Fluxes are continuously calibrated and regulated by
mass-flow controllers or temperature baths. Moreover, the elimination of
vacuum breaks not only increases chamber up-time but can result in a
significant overall reduction of vacuum impurity levels.

Gas sources have a second advantage in that they overcome difficulties in
handling pyrophoric species such as white phosphorus. Phosphine, although
highly toxic, is not spontaneously flammable and with proper handling will
not accumulate within the MBE system. This has opened the door to the
highly successful growth of GalnAsP species by MBE.

Finally, with certain chemistries and growth temperatures, the species
from gus sources may decompose at the heated substrate surface alone. There
will be little or no wall deposition. and the elimination of such accumulations
will lurgely eliminate particulate contamination due to flaking. Although not
currently recogmized as an issue in [H-V MBE, it has been shown that solid-
source wall deposits can limit sithcon MBE materials to defect densities of
above [00-1000/¢m?, as discussed carlier.

D. CueMmicarL Varor DEPOSITION

Turning history around a bit, CVD can be viewed as a high-pressure variant
of gas-source MBE (GSMBE). The chemistries are fundamentally similar; the
differences depend primarily on what is done with the gaseous species. in
CVD. gascous species are delivered to the substrate wafer in their original
form, that s, as column-V hydrides or column-lI[ organics. In GSMBE., the
hydride is often thermally "cracked™ into a subhydride or pure column-V
species by passing through a heated nozzle {often including a catalyzing
metul). For the purposes of this chapter, the major possible advantage of this
cracking process is that it can permit growth of epitaxy at lower substrate
temperatures. This could be important if one is attempting to maintain
strained-layer epitaxy to thicknesses above equilibrium !imits. The reduction
of temperature would then inhibit nucleation and growth of defects and thus
reduce the relaxation of strain. However, to date, such metastable growth has
only been well documented tn the GeSi system. Thus, for the bulk of ITI-V
growth, the absence of precracking places CVD at no sigmificant disadvan-
tage, and enhancements in wafer size and sample preparation may actually
make it more desirable than MBE for the buik of II[-V growth systems.

{il. lmportance of the Substrate Surface in Heteroepitaxial Growth

The initial stage of the deposition process is to obtain a suitable surface on
which to initiate growth. The primary concern is to obtain a surface that is
atomically clean, i.c., stripped of its native oxide and free of any other : srface

[. PRINCIPLES AND CONCEPTS OF STRAINED-ULAYER EPITANY 9

or near-surface contaminants. To prevent reoxidation or contamination of
the cleaned surface. at least the final stages of the cleaning process are usually
done in situ under UHV conditions.

Tn general, the requirements for cleaning elemental column-1V substrates
are more stringent than those for cleaning of 111-V-compound semiconductor
substrates. This is driven both by technological requirements und by the fact
that nutive oxides desorb at significantly lower temperatures for the latter
class of materials. By current standards, an adequate GaAs substrate can be
prepared by ex situ wafer degreasing, followed by in situ oxide desorption at
~ 600°C and growth of a homoepitaxial buffer laver. To produce state-of-
the-art Si epitaxy, much more ingenuity and care are required. Tendencies
toward islanded growth also make silicon substrate preparation a major
ssue in strained-laver growth of disparate materials such as GaAs on Si.

Conventional silicon substrate cleaning technigues fail into three general
classes: (i) ex situ chemical cleaning followed by growth of a relatively volatile
surface SiO (x ~ 1) layer, followed by in situ desorption of the volatile oxide.
this occuring at much lower temperatures than for the native St0, oxide; (1)
in situ removat of the surface and near-surface region by sputtering with inert
{generally argon) ions, followed by a thermal anneal to remove sputtering
damage: (it} in situ back-etching of the substrate under chlorine gas to
remove several hundred angstroms of material. Only the later buck-etching
technique has demonstrated quality adequate for commercial production of
complex integrated circuits. Unfortunately, its use is restricted to halogen
CVD growth. and virtually ail the work in this book is based on the first two
approaches.

In the first class of cleaning techniques. the major requirements are first to
chemicaily strip the Si-substrate surface in a manner that does not leave any
detectable contaminants, especially carbon or metallic species, second, to
produce a volatile oxide layer of uniform stoichiometry and thickness, and
third, to successfully desorb the volatile oxide in situ in the growth chamber.
None of these requirements are easy 10 satisfy. A variety of chemical cleaning
techniques have been developed to satisfy the first two requirements above,
e.8.. the Henderson (1972) and Shiraki-Ishizaka (Ishizaka et ai., 1983) cleans.
The latter treatment is most widely used and consisis of repeated oxidation
and stripping of the surface in nitric and hydrofluoric acids, respectively,
followed by growth of an approximately 10-A-thick SiO layer in a hydrogen
peroxide-hydrochloric acid mixture. In the original reference, it was sug-
gested that desorption temperatures as low as 750 C would be sufficient to
produce an oxygen-free surface: it has been our experience and that of others
(e.g.. Xie et al., 1986) that somewhat higher temperatures { > ~ 900°C) are
required to produce truly clean surfaces using this technique. This is
iltustrated by secondary ion mass spectroscopy (SIMS) data showing the
residual surface contamination following Shiraki oxide desorption at various
temperatures in Fig, 2.
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A number of variants of the basic Henderson and Shiraki methods have
been developed. Oxide desorption has been shown to be more effective when
a Si Alux impinges upon the surface {Tabe er al.. 1981; Hardeman et al., 1985).
presumably because pockets of O-rich SiQ, can be converted to the correct
monoxide stoichiometry, Another variant involves ozone cleaning under
ultraviolet irradiation between the volatile oxide growth and desorption
stages {Tabe, 1984); this technigue has been shown to be cxtremely effective at
reducing surface organic contaminants, reducing homoepitaxial defect dens-
ities by ~ 2 orders of magnitude on Si(100) and (111) surfaces for desorption
temperatures of 800-900"C.

The second major class of cleaning techniques consists of in situ sputtering
with inert gas ions to remove the near-surface region. In our laboratory, Si
surfuces are cleaned using ~ Ar” ions accelerated to 0.2keV, with the
substrate held at room temperature. Approximately 100 A of material is
removed. leaving a clean but disordered surface. The substrate is then
anncaled at 750 C for five to fifteen minutes. The amorphous surface layer
reorders by solid-phase epitaxy as the sample passes through 300-600' C. and
residual point defects are annealed out at 750 C. Defect densities in
homoepitaxial layers grown upon these cleaned surfaces are of the order of
10° 10" cm " %, comparabie 10 or better than Shiraki-type cleaning tech-
niques at §00°C.

A recently developed cleaning technique (Grunthaner er ul., 1988) offers
promise of clean Si surfaces at far lower temperatures. This process involves
¢X situ removal of a thin 10 A chemicul oxide by spinning in a N, dry box
loadlocked to the MBE chamber, while rinsing/etching first in pure ethanol
(added dropwise), then in 1:10 HF :ethanol. and finally in pure ethanol. This
technique produces an atomically clean (to a level at least comparabte to
standard in situ volatile oxide desorption al temperatures of ~ 800°C)
hydrogen-passivated 1 x | surface after heating to 150°C. Conversion to a
7 x 7 reconstruction on a (111) surface occurs at temperatures of ~ 500°C.

Although further improvements in Si cleaning techniques are both
preferable and possible. it appears that careful control of these processes can
produce Si surfaces that are sufficiently clean to aliow high-quality hetero-
epitaxial growth upon them. An area that has hitherto received little
attention, however, is the effect of the substrate cleaning on surface morp-
hology and the resultant heteronucleation stage. For growth on Si substrates,
we have observed that both major classes of cleaning techniques can affect the
surface morphology and influence the initial stages of heteroepitaxial growth.

In Fig. 3. we show high-resolution cross-sectionat transmission electron
microscope (TEM} images of the early nucleation stages of GaAs grown on a
Si substrate cleaned by the Ishizaka process (for exact details, see Koch et af.,
1987). The substrate orientation is with the surface normal 4 degrees from
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A

(b

Fii. 3. (a) ¢ ross-sectional TEM images of GaAs nucleation onto a vicinal (4 degrces toward
<0184 100) wafer following SiO desorption at 380°C for 20 minutes. Note nucleation of GaAs
on surface facets (arrowed} (from Hull er al., 1987b); (b) lattice structure image of one facet {from

Hull et ul., 1987a. b).

[100], the direction of the misorientation being towar{is an in-plant_: <0115
azimuth. Growth of GaAs on such misoriented wafers historically believed to
produce a uniform array of (200} steps on the Si surface, which prevents the
formation of antiphase boundaries at the GaAs-Si interface {e.g., Kroemer,
I';'Sl?r]-om the images of Fig. 3, we note, however, that the Si substrate surface
does not consist of a regular array of {200) steps and (100) terrace, but rather

I. PRINCIPLES AND CONCEPTS OF STRAINED-LAYER EPITAXY 13

displays a distribution of "step groups™ approximating low-angle facets many
monolayers high. Note that nucleation of GaAs islands {arrowed) 15 as-
sociated with these facets. The effect of this facet-nucleation correlation is
strongly demonstrated in Fig. 4. which is a “plan-view” TEM image where
the electron beam is approximately (depending on the exact electron
diffraction conditions used) perpendicular to the Si surface. The GaAs nuclei
show as long strings of material nucleating along the [011] direction of the
crystal, which equates to the direction of surfa~e steps induced by the
deliberate substrate misorientation. By comparing measured facet heights
with the measured distances between “strings™ of GaAs nuclei (Hull et al..
1987a.b), we have been able 1o show statistically that the GuAs nucleation
density is controfled by the substrate surface facet distribution.

We have ascertained by TEM that the interface between the as-grown
volatile oxide and substrate surface {i.c., before the oxide desorption stagej is
not similarly facetted. Thus the surface facetting appears to occur during the
oxide desorption stage. [n situ reflection bigh-energy electron diffraction
(RHEED) measurements show that the initial surface structure of the
misoriented Sif100} surface during the early stages of the oxide desorption
process is a combination of the two orthogonal (2 < 11 +{l x 2) recon-
structions possible on the {100} surface. The presence of these two domains
indicates the existence of single monolayer (400) steps on the Si surface, As
oxide desorption progresses, the RHEED pattern generally evolves into that
cxpected from a single 2 x [ surface domain, indicating reconstruction of
pairs of (400) into (200} steps (see. e.g., Kaplan. 1980: Kroemer, 1986), Note
that the efficiency of this process depends on the magnitude of the substrate
misorientation toward [011], being most effective for tilts of 2-4 degrees
{Koch er al, 1987, Griffith et af. 198%: Wierenga et al, 1987} This is
demonstrated beautifully by the scanning tunneling microscope images of

F1G. 4 Plan-view TEM 1mage of the structure imaged in
cross-section in Fig. 3. Note anisotropic nucleation of GaAs
along 011 facets (Hull er ul. 1987a.b),
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FiG. 5. Scunning tunneling microscope image of (a) a 4-degres and (b) a 2_-dcgrcc
misoriented (toward an [011] azmuth) silicon (100} surface, cleaned by Ar” an_nea.hng a_nd
sputtering. A higher proportion of double monolayer steps exists on the higher misotientanon
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1989,

i4

1. PRINCIPLES AND CONCEPTS OF STRAINED-LAYER EPITAXY 15

Fig. 3, which demonstrate the difference in step structure for “low™ and “high”
substrate misorientations.

The oxide desorption temperature used in these experiments, ~ 900°C, is
well below the expected roughening temperature on Si(100) surfaces.
Measurements of the degree of surface facet height as a function of oxide
desorption time {Huil er al.. 1987¢) shows increasing facetting with longer
time at the desorption temperature. A preliminary model for this facetting
mechanism is shown in Fig. 6. Local nonstoichiometries (oxide rich, probably
SiQy,) in the Shiraki oxide require excess Si to achieve the correct SiO
composition for low temperature desorption. [n the absence of an impinging
Si flux, this excess Si may arrive only from the substrate. The easiest way to
provide the required Si Aux is via flow of surface steps (produced by the
substrate misorientation} towards the O-rich region. In this manner. a facet is
produced at this location. A similar mechanism of Si surface diffusion has
been identified during decomposition of SiO; on Si(100) via reduction to SiO
(Tromp er al., 1985; Rubloff ¢r al., 1986). Motion of surface steps could also be
impeded by surface impurities such as carbon. again producing step
“groups.” Nucleation studies of GaAs on vicinal Si{100) using UV-ozone
substrate cleaning have demonstrated 4 much lower degree of facetting and
signiticantly more isotropic nucleation of GaAs/Si {Biegelsen er al. 1988),
suggesting a more uniform Shiraki oxide and/or lower surface contamination
ievels by this technique. It has also been suggested that As adsorption onto a
vicinal Si( 100) surface can itself produce a facetting transition as the sample is
cooled through a temperature of ~800"C (Ohno and Williams, 1989).

The above results indicate that the heteronucleation process can be
strongly influenced by the substrate cleaning technique and may in fact be
controllable by suitable choice of a substrate surface “template.” We note also
that ion sputter cleaning of Si substrates may also influence surface structure
and subsequent heteronucleation (Hull et al, 1987¢). Since cleaning of
[1-V compound semiconductor substrates is generally easier and more
standardized, we are not aware of any similar reports in which the surface
cleaning technique has been correlated to the nucleation mode in -V
epitaxy. Certainly, in the limit where the cleaning technique significantly
affects surface stoichiometry and morphology, however, such effects would be
very likely. These are most likely to arise where integrated growth of different
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Fi1G. 6. Schematic illustration of possible model for surface facetting on Shiraki-cleaned
vicinal Si(L00) surfaces. (From Huil et ai. 1987c. Paper originally presented at the Fall 1987
meeting of the Electrochemical Society held in Honolulu, Hawaii).
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semiconductor “famities”™ practically prevents growth of a homoepitaxiai b
uffer layer onto the original cleaned surface. In the example given earlier,
GaAs is usually grown on Si substrates in modified 111-¥V MBE chambers or
in MOCVD chambers without a silane source. Thus, GaAs is deposited
directly onto the as-cleaned Si surface without intervention of a $i bufler
layer. Such a buffer layer, if present, might be expected to modify the as-
cleuned surface morphology. In compound semiconductor growth, before
deposition of. say, a III-V heterostructure on a GaAs substrate {e.g.
AlGaAs/GaAs or InGaAs;GaAs), growth of a homoepitaxial buffer layer on
the as-cleaned substrate 15 standard. This might be expected to effectively
bury any as-cleaned surface nonstoichiometries or other anomatlies. In
“muxed” deposition, such as deposition of [[-VI materials onto a IlI-V
substrate without intervention of a homoepitaxial buffer layer, the effect of
the surface clean is more likely to be noticeable. An example of this is the
fascinating phenomenon of “double positioning”™ observed for growth of
CdTe/GaAs (Kolodziejski et al., 1986; Faurie er al.. 1986a; Ponce et uf., 1987),
where CdTe deposited directly onto an as-cleaned GaAs substrate is
observed to grow in two separate epitaxial orientations (100, .. parailel to
100¢yr, and 100, ,, parailei to 11147, as shown in Fig. 7. This effect has
been correluted to the extent of the presence of residual oxide on the cleaned
GuAs surface. Development of linked “double-chamber™ systems, with
growth of HI-V materials in one chamber and [I-V1 materials in the other will
help overcome such difficulties. Note that it has also recently been reported
{Reno er al, 1988) that deliberately induced substrate misorientation can
improve the structural quality of growth of (111) CdTe on (100) GaAs. and
that for growth of Cd,_,7Zn,Te,GaAs(100), the epitaxial orientational
relationship between substrate and epiiayer depends upon the composition x
{Faurie er ul., 1986b}.

IV. Nucleation and Growth Modes

A critical factor in the practical applicabiiity of strained-layer heteroepitaxial
structures is the thickness uniformity of the grown layers. Three general
heteroepitaxial growt modes have been observed, as illustrated in Fig. 8 (a)
layer-by-layer or two-dimensional growth {Frank-Van der Merwe mode) of
the epilayer; (b} clustered or three-dimensional growth (Vollmer-Weber
mode); and {c) a hybrid growth mode known as Stranski-Krastanow
(Stranskiand Krastanow, 1939; Bauer and Poppa, 1972; Fisanick er al., 1988),
in which the growth mode is initially layer-by-layer for a few monolayers and
subsequently clusters. Unfortunately, the general growth mode of an epitaxial
layer on a chemically dissimilar substrate consists of nucleation of clusters of
the deposited material, as may be seen from the force balance equation for the
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Fiti. 8. Schematic illustration of the three primary heteronucleation modes: (a) layer-by-

layer (Frank - Van der Merwe): (b} clustered (Vollmer - Weber) and [¢) Stranski-Krastanow
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£ en
FiG. 9. Schematic illustration of the liquid-drop sus
muodet for predictiong eguilibrium cluster contact angles.
liquid-drop modet of a nucleus,
G, = g + 0,05 8, (1

where a,, is the energy per unit area of the substrate—vapor (for MBE, the
substrate— vacuum} interface, g, is the energy per unit area of the epilayer-
vapor interface, o, is the ¢nergy per unit area of the substrate-epilayer
interface. and ¢ is the contact angle between epilayer and substrate, as defined
in Fig. 9. Unless there is a fortuitous combination of surface and interface
energies, the above equation will only be identically true for layer-by-layer
growth (¢ = 0) for homoepitaxy, where o, = 7., and o, = 0 or for the case
where (o, — 0.)/d,, > 1. e, where the substrate surface energy is high
relative to the interface and epilayer surface energies. Thus, the general
heteroepitaxial nucleation mode will be clustered, or three-dimensional,
growth, Note that the diquid drop model does not take into account the effect
of laktice-mismatch rain.

Equation (1}, however, assumes that the structure can reach its equilibrium
state and is thus effectively assuming infinite surface diffusion lengths to form
the necessary clusters, In epitaxial growth. surface diffusion iengths may be
controlled primarily by (i) substrate temperaturc, and (i) by deposition rate.
Lower substrate temperatures will mean lower, or perhaps even negligibie.
diffusion lengths and therefore promote laver-by-layer or two-dimensional
growth, assuming uniform arrival of atomic molecular flux at the growth
surface. If the temperature 1s too low, however, this will be at the expense of
crystalline perfection. In Fig. 10, we show the tendency for two-dimensional
(2D) versus three-dimensional (3D} growth as functions of alloy composition
and substrate temperature in the Ge,Si, - .. Si( L00) system (Bean et al., 1984).
Note that the tendency for 3D growth is reduced both by lowering the
substrate temperature and by decreasing the Ge concentration x in the alloy.
In the limit of x = 0. we are regressing to the homoepitaxial case. Similar
trends have been observed, for example. by RHEED in MBE growth of
In,Ga, _.As on GaAs (Berger et al., 1988).

The effect of deposition rate on suriace morphology has not been studied
systematically to our knowledge and is not well understood. Presumably, the
deposited species will generally diffuse most easily as single surface adatoms;
as the deposition rate increases. the probability that further deposited atoms
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FiG. 10, Clustered versus laver-by-layer growth for MBE growth of Ge 81, . Sw 1001 ilrom

Beun et ul., 1984).

will impinge upon and bond with the diffusing adatom before it reaches a
stable cluster will increase. It might therefore be expected that higher
deposition rates would effectively inhibit surface diffusion and reduce cpnl;yer
surface roughness. Evidence contraiy to this hypothesis, however, comes
from analysis of low-temperature photoluminescence (PL} studies in
AlGaAs; GaAs/AlIGAs quantum well structures (e.g., Bimberg er al.. 1986;
Hayakawa et al. 1985). In these structures, it is commonly found that
interrupting growth for a time of the order of seconds to minutes at the
heteraepitaxial interfaces (this might be regarded as the limit of a vanishingly
_small growth rate) significantly reduces the photoluminescence line width, as
illustrated in Fig. 11 (Note that in the 100 sec spectrum in this figure, the peak
hi‘is split into a fine doublet structure, attributed to two discrete well widths
d1ﬂcr:qg by one monolayer). [t is generally believed that this corresponds to a
plananzation of the growth surfaces during interruption, a significant factoc
n the_PL peak broadening being well-width variation, and hence variations
in exciton energy, arising from interface roughness. [t would thus appear that
in L_hns system, reducing the growth rate allows surface diffusion to reduce
_surtace roughness. This apparent dichotomy might be resolved by consider-
ing the specifics of the AlGaAs;GaAs system, where the constituents are
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ciosely lattice-matched, tsostructural, and chemically similar. Thus, the
thermodynamic driving forces for cluster deposition are relatively small or
non-cxistent. In these growth-interruption experiments, a continuous flm of.
say. AlGaas is fikely to have formed over the preceding GaAs laver before the
interruption. At this stage, energy is lowered in the only posstble way. ie.. by
mimimization, in this case by planarization, of the free growth surface. The
liquid-drop model discussed ecarlier and defined in Eq. (1) might thus be
expected to apply only when a significant fraction of free substrate surface
remains,

Surface morphology may thus also be regarded as a function of the
deposited epilayer thickness, in that depending on the nucleation density, at
some mean deposit thickness k., the substrate will attain complete substrate
surface coverage. Further deposition will thus approximate the
homoepitaxial case, where the epitaxial material is growing onto itself. At this
stage, surface diffusion would be expected to act such as to planarize the
surface, because the sole free surface is now the growth surface. whose energy
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will be minimized for a minimum area. ie. 2 single plane. Details of
nucleation kinetics with temperature have been studied in many systems fe.g.,
Biegelsen er al., 1987 Zinke-Almang et al.. 1987; Venables er af. [987) 1t is
generally found that the nucleation density increases us substrate temper-
ature and surface diffusion decrease. as illustrated in Fig. [2. Thus, at lower
lemperatures, the thickness i, will be less than for higher temperatures, since
individual nuciei require less lateral growth before coalescing with their
neighbors. This is used to advantage in the growth of GaAs on Si. where the
inutsal growth stages are highly three-dimensional {Bicgelsen er al., 1987; Hull
and Fischer-Colbrie. 1987). [n this system {e.g.. Fischer er ul., 1983; Nishi et
wl. 1985; Harris et ul.. 1987}, growth of GaAs normally proceeds with a low.
temperature { ~ 400°C) “buffer” luyer of thickness of ~ S00- 1000 A. prior to
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FiG. 12, Nucleation density for GaAs. vicinal Sql0m (2.3 degrees toward <011)) as a

function of substrate inverse temperature (Reprinted with permission [rom the Matertals
Reseurch Society, from Biegelsen et al.. 1988



22 R. HULL AND I, C. BEAN

higher-temperature (~ 600 C) growth under conditions more appropriate to
homoepitaxiai GaAs. This buffer layer produces better surface morphology
than uniform growth at the higher temperature. because the higher nu-
cleation density produces more rapid substrate coverage and an eariier
simulation of homoepitaxial conditions. In summary, it is indeed fortunate
that the very conditions that produce clustered growth {significant surface
diffusion) can act so as to repair the surface morphology if the deposited
epilayer is significantly thick. Note, however. that in the example of GaAs/Si.
individuai nuclei are typically relaxed before they coalesce (e.g.. Hull and
Fischer-Colbrie. 1987} and thus strain is not playing a significant role in the
coalescence process. It has been suggested {e.g., Grabow and Gillmer (1987)
and Bruinsma and Zargwill (1987)) that island formation on a previously
planar-strained epilayer can be coincident with the strain relaxation process.
as in the Stranski— Krastanow transition. It appears that kinetics may defeat
this process, however, under typical growth conditions of semiconductors.

The above "liquid-drop™ model should, in general, be modihed to include
the effect of variation of surface energy over different surfaces in the epitaxial
cluster. As the contact angle ¢ increases, so will the range of surface normal
directions over the cluster. [f the cluster contains only a very small number of
atoms, it is unlikely that surface atoms will experience an environment that
closely approximates to uniform surfaces of atoms in low index planes.
because the orientations of tangential planes to the cluster surface will vary so
rapidly over the cluster. As the clusters grow, however, larger and larger
numbers of surface atoms will approximate low-index planes. At some critical
size, the cluster might thus be expected to facet into low-index planes so as to
minimize its surface energy: this process will be encouraged for high substrate
temperatures and for systems, such as [fI-V compounds, where different low-
index planes may have very different energies.

The above arguments are illustrated with reference to the
InAsg :Sbg 3/GaAs system in Figs 13-15. Figures 13 and 14 are respectively
cross-sectional and plan-view TEM images of different stages of the
InAs, »Sby 4 /GaAs deposition process {Yen et al.. 1987, Hull er al.. 1988a). [t
can be seen from Fig. 13 that in the earliest stages of growth (average nominal
epilayer thickness of ~ 350 A), approximately hemispherical InAsy ;Sby g
clusters nucleate on the GaAs surface, As deposition continues, individual
nuclei grow, and at a critical dimension, corresponding to a nucleus radius of
~ 200 A, starts to exhibit strong surface facetting behavior. As can be seen
from Fig. 13. the facetted nuclei correspond to trapezoids, with large surface
areas exposed on the top (100) surfaces, and with the trapezoid edges
corresponding to {111} faces. For compound semiconductors such as GaAs.
two types of (111) surface exist: the column-Ii1{or 111A) face and the column-
V (or 114B) face. The (111)A and B faces are generally of different energies,
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100

Fi6, 13, Cross-sectional <0t1> TEM images of InAsSb alloss depusited on GaAs substrites.
Nominal mean alloy thicknesses are: (1) 50 A2 (b} 100 A1) 300 4:1d) 600 A. The substrate surface
in each image i1s arrowed.

which often leads to anisotropically dimensioned facetted nuclei in epitaxial
growth of HI-V compound semiconductors (see. ¢.g.. Pirouz et al., 1988).
The extreme sensitivity of the nuclei dimensions to surface facetting is
illustrated in Fig. 1 5. which plots the height. h. and the width. w, of individual
nuclei versus their cross-sectional area, 4. [t can be seen that in the earliest
stages of growth, the nuclei are approximately hemispherical, te.. w ~ 2h As
the nuclei pass through a critical value of 4 ~ 100.000 AZ, growth along the
substrate normal almost arrests, and further growth is almost entirely lateral.
In this regime. dw/dA ~ 10(dh/dA). The enhanced lateral growth corresponds
to the extension of the (100 trapezoid top and the long trapezoid edges of
lower energy {111} with respect to the higher energy {111} short trapezoid
edges. When lateral growth has been sufficient so that neighboring nuclei
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Fi. {4 Plan-view TEM images of InAsSb alloys de-
posited on GaAs substrates. Nominal mean alloy thick nesses
are: (ah S0A; (b1 100 A:(c) 300 A: (d) 600 A. The lighter areus
m cuch image correspont to uncovered substrate.

have coalesced and the substrate surface has been approximately entirely
covered, further lateral growth of the deposit is not possible, and further
growth has to be along the surface normal. This happens at a mean substrate
deposit thickness of ~ 300 A.

The above experiments were carried out for substrate temperatures of
500°C, which are very near the InSb melting point of 550°C. Thus, we would
expect very high surface diffusivities and almost equilibrium sueface cluster
condtitions to apply. It is interesting, and conceivably of practical importance.
that the very conditions that promote surface clustering in this system also
generate a self-planarizing mechanism. The very different surface energies of a

compound semiconductor such as [nAsSb, in this case, have produced
dramatic surface facetting and enhanced lateral growth. Thus, by a mean
deposit thickness of only 300 A, a system that was initially highly three-
dimensional has converted to a relatively planar surface morphology. These
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FiG. 15. Graphs of measured island height, A, and sland width, w, versus island cross-
sectional area, 4. All measurements are from cross-sectional TEM images of nominal [00 A and
300 A InAsSb thickness samples. Error bars are not shown in the figure for clarity; the estumated

errors on A and ! are ~ + 20 A. Experimental points for isiand height are denoted by dots, and
for island width by crosses.

trends are in qualitative agreement with RHEED patterns in this thickness
regime. which show the corresponding transition from sharp to streaked
diffraction peaks (Yen et af.. 1987).

V. Strain Relief in Lattice-Mismatched Epitaxy

A. [NTRODUCTION

It has tong been recognized that, in principle, it is possibie to grow coherent
lattice-mismatched epitaxial structures, where the lattice parameter of the
deposit is different from that of the substrate (Nabarro, 1940; Mott and
Nabarro, 1940; Frank and Van der Merwe, 1949a,b,c). This concept is
tllustrated in Fig. 16. In lattice-matched heteroepitaxy (Fig. 16a), the deposit
and the substrate have the same lattice parameter, and deposition of the
epilayer atoms onto the substrate surface allows them to casily locate the
potential minima corresponding to the substrate [attice sites, assuming they
have sufficient thermal energy (i.e., if the growth temperature is high enough)
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FiG. 16, Schemarnic illustraton of (a) lattice-matched heteroepitaxy: (b) coherently strained
lattice-mismatched heteroepitaxy: (¢} relaxed lattice-mismatched heteroepitaxy. {Reprinted with
permission from Plenum Pub. Corp.. ftom Hull et al., 1989d.)

to move {0 the nearest minimum. In strained-layer epitaxy (Fig. 16b), despite
the difference in substrate and deposit lattice parameters, deposit atoms are
constrained to the substrate interatomic spacings in the plane of the interface.
We designate such structures commensurate or coherent. Significant elastic
strain energy is stored in the structure (accommodation of a lattice mismatch
of just 1%, wn this fashion produces a stress field equivalent of 2 GPa,
assuming a shear modulus of 5 x 10'° Pa and a Poisson's ratio of 0.33). A
tetragonal distortion of the unit cell of the deposit is also produced, since
clasticity theory shows that the planar stress parallel to the interface, ;. will
produce a normal strain g, given by:

£, = £ 2)

Here v is Poisson’s ratio. and g 15 the interfacial strain produced by
accommodation of the lattice mismatch, equal to ~(a, —a,})/a,, where a, and
a, are the substrate and epilayer bulk {relaxed) lattice parameters, re-
spectively. These relationships assume effectively that the substrate is of
infinite thickness. ~uch that all the elastic strain energy is stored in the
deposit. In practice, the thickness of the substrate (typically ~ 5 x 10" *m) is
very much greater than the epilayer thickness {A to microns), so this
approximation is reasonably valid. In deposition onto thin flm substrates,
corrections have to be made for the finite substrate thickness.

For a given lattice mismatch, the elastic strain energy in the coherent
deposit will increase approximately linearly with the substrate thickness.
When the strain energy is sufficiently large, it will start to be relieved by
deformation of the hitherto coherent structure, This process occurs via the
introduction of slipped regions into the crystal, bounded by line defects
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known as “misfit” dislocations. As shown in Fig. t6c, these act so as to
effectively remove planes of atoms from the deposit if the epilayer is of larger
lattice parameter than the substrate (if the epilayer has the smaller lattice
parameter, then extra planes will be effectively introduced into the deposit).
The removal of these atomic planes increases the average spacings between
deposit atoms, allowing the epilaver to relax toward its bulk structure. We
designate such structures semicoherent or discommensurate,

B. REVIEW OF GENERAL DISLOCATION PROPER1IES

Before giving a more detailed description of present understanding of the
strain relaxation process via the introduction of misfit dislocations, we will
now briefly review the known salient properties of dislocations. Much classic
work in this field has been done (see, e.g, Hirth and Lothe, 1968, and
Nabarro, 1967), particularly in metals. The primary technique for experi-
mental study of dislocation microstructure is TEM, as pioneered by Hirsch
and co-workers (Hirsch et al., 1977).

A perfect or total dislocation may be viewed as the boundary surrounding
a slipped region of a crystal. As such. it is a line defect. [t is a geometrical
property of a perfect dislocation that it cannot simply terminate in the bulk of
a crystal, but must rather terminate at a free surface, or upon itself by forming
a continuous loop. or at a node with other defects. The structure of a
dislocation is determined by its line direction, L, and by its Burgers vector b.
The Burgers vector is defined by the direction and magnitude of the closure
failure of a rectilinear loop drawn around the dislocation line. For a total or
perfect dislocation, the Burgers vector links two atomic sites in the unit ceil.
The Burgers vectors of total dislocations in the cubic semiconductors
discussed in this chapter are almost always $(011). The Burgers vector of a
given dislocation is constant anywhere along that dislocation apart from a
possible change in sign, according to convention. If b is parallel to L, then the
dislocation is said to be of the screw type, whereas if b and L are orthogonal,
the dislocation is of the edge type. Any intermediate configuration is said to
be mixed screw and edge. Since a dislocation is not constrained to be straight,
its screw/edge character (but not its Burgers vector) can change along its
length.

Dislocations move on a given set of planes known as slip planes; in the
cubic semiconductors considered here, these are {111} planes. For a (100)
interface, these planes make [0t1] or {011] intersections with the interface;
thus, misfit dislocations typically lie in a square mesh along these directions.
If the dislocation Burgers vector lies within its slip plane, it may move by a
low-energy cooperative process known as glide. This process involves no
mass transport of atoms and is thus re'atively rapid. If a dislocation has its
Burgers vector out of the slip plane, then it must move by a process known
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as climb, which involves mass transport of either vacancies or interstitials.
Thus, this is generally a much slower process than glide.

The specific configurations of misfit dislocations to be considered here are
shown in Fig. 17. For a (100) interface, consider for example the (T11) slip
plane. This will intersect the interface along the [017] direction. Total
dislocations of b = 1[101] or 4[110] will lie in this slip plane and thus be able
to move by glide. Since b is neither parallel nor perpendicular to L, these are
mixed dislocations. Their Burgers vectors lie at an angle of 60 degrees to the
interface and to their line directions (they are often referred to as 60-degree
dislocations); thus, their component in the interfacial plane is only 4. For this
reason, these dislocations are only 50%; effective {as a fraction of their total
Burgers vector magnitude) in relieving lattice mismatch. Dislocations of the
type $[011], however, will have b perpendicular to L (edge or 90-degree
dislocations), and their Burgers vectors will be 100% effective at relieving
lattice mismatch. Since their Burgers vectors lic outside the slip plane, they
must move by climb. Thus, although they may be regarded as more efficient
than 60-degree dislocations, they will grow more slowly. The final possibility
of screw-type {0171 dislocations may be discounted, because they do not
relieve any lattice mismatch in this configuration,

The deformation around the dislocation line is very well described by
classic elastic theory, apart from the region very close to the dislocation
center. known as its core. In this region, atomic displacements are sufficiently
high so that Hooke's law is invalidated. and the total dislocation energy is
given by the elastic energy outside of the core (which may be accurately

bl = '/z [Oﬁ]

by = %{110]

by = %[101]

FiG. 17. Schematic illustrauon of the misfit-disiocation configurations encountered in cubic
semiconductors at {100) interfaces,
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calculated and is proportional to b?), plus the energy within the core, which is
not well known. The size of the core region is very small, being confined in
semiconductors to a radial coordinate < b from the deformation center.

The strain field around a dislocation produces a stress field. This field may
act either upon the dislocation itself if it is curved (this gives rise to the
concept of dislocation line tension), upon point defects, upon a free surface
(giving rise to the concept of an image force), or upon other dislocations,
causing interdislocation interactions. The force that two dislocations 4 and B
exert on each other is proportional to the dot product of their Burgers
vectors, b, - by, and is inversely proportional to the distance between them.

Finally, a total dislocation may dissociate into partial dislocations of
lower magnitude Burgers vector. In the absence of external stress fields, this
will be energetically favorable if the sum of the squares of the partial Burgers
vectors is less than the square of the original total Burgers vector. The
Burgers vectors of partial dislocations do not link lattice sites and thus
produce stacking faults. For cubic semiconductors, (112} and 111} are
the partial Burgers vectors most commonly observed. In a dissociation
reaction, the partial dislocations will move apart producing a stacking fault
between them. Their equilibrium separation will then be determined by the
stacking fault energy. The total Burgers vector is always conserved in any
such dissociation reaction. Note that other dislocation reactions are also
possible involving total and/or partial dislocations. the criteria being that the
total energy of the system is reduced and that the total Burgers vector is
conserved.

C. CmumnicaL THICKNESS

[t might be expected that there will be a characteristic epilayer thickness (for a
given lattice mismatch) at which the commensurate-discommensurate
transiton occurs, or at least dramatically accelerates. The magnitude
of this “critical thickness,” h_, will be related to the balance between the
relief of strain energy and the extra energy associated with the lattice
distortions produced by the misfit dislocations. A number of equilibrium
theories have been developed 1o attempt to describe h, as functions of the
elastic mismatch and the elastic constants of an epitaxial system. Early
medels by Frank and Van der Merwe and co-workers (Fronk and Van der
Merwe 1949a.b.c; Van der Merwe and Ball, 19735) attempted to model the
commensurate -discommensurate transition by minimizing the energy of a
misfit dislocation array at the interface. These formulations were originally
developed for consideration of body-centered cubic metal systems. They are
mathematically rigorous and have no analytical solutions. Different approxi-
mations are required for solution in the thin and thick epitaxial film limits
(dimensions are defined here relative to the spacings of the misfit-dislocation
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arrays). Matthews and Blakeslee (Matthews and Blakeslee 1974a.b; Mat-
thews, 1975) developed models for strain relaxation in epitaxial LII-V
compound semiconductor systems. In the most commonly quoted formula-
tion of this model, they assumed that the source of misfit dislocations was the
density of pre-existing “threading dislocations” in the compound semicon-
ductor substrate. At the time of the original formulation of the Matthews and
Blakeslee models, the threading-dislocation density in commercially
available II1-V substrates was of the order of 10%cm ™2, producing a
sufficiently high-density source for the misfit-disiocation process. Relaxation
of the epilayer was predicted to occur via glide of the originai threading
dislocations akong the strained interface, as illustrated schematically in Fig.
18. To analyze the conditions required for this process to occur, Matthews
and Blakeslee considered the forces acting on the laterally propagating
threading arm. The force that drives extension of the misfit dislocation along
the interfacial plane is the force due to the misfit stress in the structure, F,.
Competing with this is the force due tv the misfit-dislocation line tension, Fr.
This force essentially represents the fact that as different segments of a curved
dislocation exert a force on each other, extending the length of the dislocation
requires work to be done against the stress field exerted by other dislocation
segments (see Hirth and Lothe, 1968, for a complete discussion). The
condition for misfit-dislocation propagation is then simply that F, > Fy; the
epilayer thickness where F, = Fy may be regarded as the critical thickness
where misfit dislocation propagation begins to occur,
Simple elasticity theory yields

(1+v)

F, = 52Gbh
(1+v

&, (3
where G, h. and v are the shear modulus, thickness, and Poisson ratio,
respectively, of the epitaxial deposit, b is the dislocation Burgers vector, Sis

an angular factor resolving the misfit stress on the glide direction. and ¢ is the
strain due to the mismatch between the lattice parameters of epilayer and

substrate.

h< "'c h-hc hbhc

c
a b

FiG. 18. Schematic illustration for the Matthews and Blakeslee model of misfit-dislocation
propagation,
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The line-tension force, Fr, is configuration dependent. An appropriate
expression for the magnitude of this force for the threading-dislocation
configuration is

2y 2
L et () “

™™ d4n(l -v) b

where @ is the angie between the threading-dislocation line and its Burgers
vector, and x is a constant representing the dislocation-core energy (o is
generally taken to be 4 for covalent semiconductors; see Hirth and Lothe,
1968).

Equating (3) and (4) enables a solution for the critical thickness h = h,.
This original Matthews and Blakeslee formulation appears appropriate for
the substrate threading-dislocation mechanism they propose, and has been
experimentally verified for I1I-V compound semiconductor strained-layer
epitaxy (see, e.g., Fritz et al,, 1985), as iliustrated in Fig. 19. Extension of this
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Fig. 19. Critical-thickness measurements as a [function of composition in the
In,Ga, - [As/GaAs(100) system (from Fritz er al.. 1985). Solid points correspond to misfit-
dislocation-free structures and open points to dislocated structures. Solid line is from theory of
Martthews (1975}
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model to systems such as those grown on Si substrates where there js not a
high threading-dislocation density in the substrate, however, may not be
appropriate as the activation barriers for dislocation nucleation and motion
may prevent the essentially equilibrium configuration predicted by the
Matthews- Blakeslee formulation from being attained {the nucleation barrier
for the substrate threading-dislocation configuration will be zero). Such a
discrepancy is illustrated in Fig. 20, where experimental data for strained-
layer Ge,Si, _ /Si{100) critical-thickness transitions are shown. Two different
curves are shown for substrate temperatures of 350°C (Bean et al., 1984) and
750°C (Kasper et al., 1975), respectively. It can be seen that critical
thicknesses are dramatically reduced at the higher substrate temperature, As
dis_cusscd later in this section, we interpret this temperature dependence as
being due to the activation barriers that have to be overcome for dislocation
nucleation and motion. Also shown in Fig. 20 are the predictions of the
Matthews and Blackeslee model for the “equilibrium™ critical thickness. [t
should be noted that the exact form of this curve depends upon both the
dislocation configuration and its structure {Burgers vector). Here we draw the
curve appropriate to a (01 1) dislocation of 60 degree character {ie., with its
Burgers vector lying within its glide plane) and in a hexagonal halfl-loop
configuration, with one side of the semihexagon lying in the interfacial plane,
and the other sides threading to the growth surface.

10000 ——— ' . .
1000 ~
he(A)
EXPT: 5507Ce
780°C x
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FiG. 20. Critical-thickness measurements in the GeSi/Si system (from Bean er al., [984;
550°C; Kasper et al.. 1975, 750°C), with equilibrium predictions of Matthews- Blakeslee theory.
¢Reprinted with permission from Eisevier Sequoia 8. A, Huil, R., Bean, J. C., Eaglesham, D. .,
Bonar, I. M., and Buescher, C. (1989), Thin Solid Films 183, 117)

1. PRINCIPLES AND CONCEPTS OF STRAINED-LAYER EPITAXY 33

The discrepancy between experiment and equilibrium theory is apparent.
[t should also be noted that, as has been pointed out by Fritz (1987), the exact
positions of the experimental curves will depend on the sensitivity of the
techmique used to detect strain relaxation. The curves of Fig. 20 were
determined using Rutherford backscattering (RBS) X-ray diffraction, and
plan-view TEM, which are probably sensitive to strain relaxation of the order
of one part in 10%. More sensitive techniques would probably cause both
experimental curves to (all at lower cnitical thicknesses. This effect has been
experimentally verified in the InGaAs/GaAs system (Gourley et al., 1988),
where it has been shown that application of a technique (in this case PL
imaging) that is able to detect very low dislocation densities may reveal the
onset of misfit-dislocation formation at epilayer thicknesses significantly less
than those inferred by lower sensitivity techniques (e.g., RBS or TEM).
Similar results have been demonstrated via X-ray topography in the GeSi/Si
system (Eaglesham et al., 1988).

An eiegant model that accounts for the temperature dependence of strain
relaxation has recently been developed by Dodson and Tsao (Dodson and
Tsao, 1987: Tsao et al, 1987). The model assumes the velocity of misfit
dislocations, once nucleated. to be proportional to the excess stress in the
strained epilayer. This excess stress is defined as the actual stress within the
epilayer minus the residual stress that would be expected in the equilibrium
state of the system. This excess stress may be derived straightforwardly in the
framework of the Matthews and Blakeslee model as the stress due to the
lattice mismatch, as obtained from Eq. (3}, minus the self stress produced by
the fine tension in Eq. {4). If a dislocation source term (not explicitly identified
in this model} is assumed, the solution of the relevant dynamic equations
allows the strain state of the system to be predicted as functions of layer
dimensions and compositions. and the growth temperature and time. Using
bulk activation energies for dislocation glide in Si and Ge {Alexander and
Haasen, 1968; Patel and Chaudhuri, 1966), this model has successfully
predicted a wide range of experimental data in the Ge,Si, __/Si{100) system
{Dodson and Tsao, 1987), where equilibrium theories have not described
experimental results well. If the relevant experimental data for disiocation
glide energies and ¢lastic constants exist, then this model should be equally
applicable to any other strained-layer system.

D. DETAILS OF THE STRAIN RELAXATION PROCESS

[. Introductory Remarks

Precise application of a kinetic theory such as the Dodson—Tsao modet,
however, requires detailed knowledge of dislocation nucleation mechanisms,
activation energies for nucleation and propagation, knowledge of the precise
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dislocation configuration (Burgers vector, line direction, and dissociation
state), and the details of defect interactions. Experimental and theoratical
understanding of these various processes is still incomplete.

The main stages in relaxation of elastic strain via introduction of misht
dislocations are shown in Fig. 21. In Fig. 21a, dislocations are nucleating. In
the absence of significant dislocations pre-existing in the substrate, this
nucleation stage is perhaps the least understood event in the relaxation
process. Given the requirement that a dislocation terminate upon itself at a
node with another dislocation or at a free surface, the three generic
possibilities for nucleation within the epitaxial layer of the first dislocations
are shown: nucleation of a complete loop at a point within the epitaxial layer
or at the substrate—epilayer interface, or nucleation of a half-loop at the free
growth surface. [n Fig. 21b, these initial loops are shown expanding such that
the length of misfit dislocation in the substrate—epilayer interfacial plane is
growing. Finally, the dislocation population will become high enough so that
adjacent defects will interact, modifying their energy balance (Fig. 21c).

1. NUCLEATION
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Fig. 21.  Schematic illustration of (1) nucleation, (2) growth, and (3) interaction of misfit
dislocations. (Reprinted with permission from Plenum Pub. Corp., from Hull et 4., 1989d.)

1. PRINCIPLES AND CONCEPTS OF STRAINED-LAYER EPITAXY as

2. Nucleation of Misfit Dislocations

To illustrate the difficulties associated with the nucleation of misfit disloca-
tions, consider the activation energy required to nucleate a half-foop at the
growth surface. As a function of the loop radius, the total loop energy, E,.(r),
will be given generically by the relationship

Elol(r) = E;:II’(F) - Err(r) + Eslep(r) - Edil(r)' (5)

Here E,.(r) is the self energy of the dislocation loop, E,(r) is the strain
energy relaxed by the dislocation loop. E,, () is the energy associated with
possible creation or removal of a surface step, and E,,[r) is the energy
associated with possible dissociation of the total dislocation into partials. The
exact forms of these individual components depend on the specific dislocation
microstructure but have been evaluated for different systems and config-
urations by several authors (e.g.. Matthews et al., 1976; Fitzgerald et al,, 1989;
Eaglesham et al.. 1989; Hull and Bean, 1989a). The calculated loop energy
generally passes through a maximum or activation barrier, SE. at a critical
loop radius, R.. The magnitude of R, is typically of the order of 10-100 A for
common lattice mismatghes of, say, 0.3-3%,. The activation barriers generally
become of the order of a few eV or less at strains > ~ 4-5%, making this
nucleation process energetically feasible, but are extremely high (tens or even
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FiG. 22. Activation barriers for the nucleation of a surface hall-loop in the
In,Ga, -, As/GaAs system (from Fitzgerald er al., 1989). Different values of § correspond to

different estimates of the dislocation core energy (see Hirth and Lothe, 1968: Eaglesham er al.,
1989).
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hundreds of eV) for more moderate stresses of < ~ 1%, as illustrated for
In,Ga, _,As/GaAs in Fig. 22. Similar numbers are obtained for the GeSi/Si
system (Eaglesham et al., 1989: Hull and Bean, 1989a). It thus appears that in
the relatively low mismatch regime, alternative nucleation sources have to be
sought. Note that nucleation of full loops within the epilayer or at the
epilayer—substrate interface would be expected to produce higher activation
barriers, due to the necessity to nucleate a complete loop. as opposed to a
half-loop at the surface.

Little work exists to date in establishing alternative nucleation paths. In a
detailed analysis of dislocation densities in finite InGaAs pads grown on
GaAs substrates, Fitzgerald et al. (1989) deduced that dislocation nucleation
is due to “fixed” sources, i.e., sources inherent to the substrate or growth-
chamber geometry such as substrate threading dislocations. oval defects, or
particulates. Hagen and Strunk {1978) have proposed that intersection of
orthogonal dislocations with equal Burgers vectors can produce a regen-
erative multiplication mechanism, a process that has been identified in several
systems (Hagen and Strunk, 1978; Chang et uf., 1988: Rajan and Denhofl,
1987: Kvam et al., 1988). This process, however, still cannot explain the
generation of the initial defect density necessary to produce the observed
intersection events. Eaglesham ¢¢ al. (1989) have detected a novel generation
mechanism in low-mismatch (< 1%5) GeSi/Si systems, consisting of the
dissociation of $( 114> diamond-shaped loops. In the same system, Hull et al.
{19892} have measured a relatively low activation energy of 0.3+02eVY for
Gey 35Sig.5/Si(100) and have suggested that this may be associated with
clustering of atoms in the alloy epilayer (Hull and Bean, 1989a). A widespread
and detailed understanding of this nucleation process, however, is still clearly
facking and may be unique to particular systems and growth conditions, and
even to specific growth chambers.

3. Direct Observations of Dynamic Misfit-Dislocation Events

Detailed understanding of the strain relaxation process has been hampered
by the absence of direct techniques for observing dynamic misfit-dislocation
phenomena. We have recently developed techniques for in situ relaxation
experiments in a TEM that allow real-time observation of misfit-disiocation
nucleation, propagation, and interaction phenomena.

The experimental configuration for these experiments is shown in Fig. 23.
A suitable strained Ge,Si, _ ./Si(100) structure is grown in the MBE chamber
at a substrate temperature of 550°C. The epilayer thickness is designed to lie
between the equilibrium value of #, (Matthews, 1975) and the experimentally
measured value (Bean et al., 1984) for this substrate temperature. Thin plan-
view TEM samples are then fabricated, and the thinned structure is
subsequently annealed inside the electron microscope. While the annealing
temperature is raised to the growth temperature and above, the essentially
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F1G. 23, Schematic itlustration of the experimental geometry for TEM in situ strained-layer

relaxation experiments. (Reprinted with permission from Plenum Pub. Corp., from Hull et af
1989d.) ’

metastable 550°C structure relaxes as dislocations nucleate and then grow.
Both static (photographic negative) and dynamic (video) images of the
relaxation process may be recorded. Thus, the various strain relaxation
processes (dislocation nucleation, growth, and interaction) may be observed
direc;tly and in real-time. As described in detail in Huil ¢r al. (1988b), the
crucug] experimental complication is careful consideration of thin-foil re-
laxation effects in the TEM sample. Consideration of such effects leads to the
conclusion that films of Ge composition x ~ 0.25-0.30 a few hundred A thick
represented the optimum geometry because (i) layer thicknesses are much less
than the maximum thinned substrate thickness penetrable by imaging
electrons, and (ii) surface roughness is negligible. Samples are always
prcpared in the plan-view geometry for these experiments, because annealing
in the cross-sectional geometry would leave open the question of surface
diffusion across heteroepitaxial interfaces at the top and bottom thin-foil
surfaces. [n the plan-view geometry, the Ge_Si, _,-Si interface is buried away
from any free surfaces.

Plan-vi'ew TE_M imag§s of a typical annealing sequence are shown in Fig.
24. The dislocation density is observed to increase with annealing temper-
ature. In Fig. 25, we show the average measured spacing between dislocations
asa function of annealing temperature for two different sample thicknesses. [t
is observed that for x = 0.25, relaxation of Ge,Si, _ ./Si(100) heterostructures
s relatively slow and continuous over the temperature range 550-900°C. As

expected, the thinner epilayer relaxes more slowly, because its effective stress
is less.

4. Misfie-Disfocation Propagation

_By direct observation of dislocation motion via a video camera, image
mtenl_slﬁcr, and video recorder, we are able to directly measure dislocation
velocities as a function of temperature. The time resolution of these
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FiG. 24. Plan-vicw TEM images of a 350 A Ge, ;4 Sio »5/5i(100) structure (a) as-grown at
550°C; (b) anneated to 700°C; and () annealed to %00°C (from Hull er al., 1988b)

experiments is an individual TV frame, ie., yssec. The minimum mag-
nification we obtain on the viewing screen with the microscope objective lens
excited is ~ 45,000 x (1500 x on microscope screen and 30 x on video
viewing screen via camera). Thus, we may measure dislocation velocities from
« 1 micron sec”! to ~ 100 micron sec”'. The disiocation velocities we
observe are typically of the order 1000 A — | micron sec™! at the growth
temperature of 550°C, rising dramatically with annealing temperature until
they are > 100 micron sec ! at 800°C. The measured dislocation velocity at
the growth temperature immediately tells us something of great importance
about metastability in this system: Even ignoring questions of misfit-
dislocation nucleation and interactions, the low growth-temperature velocity
severety limits strain relaxation. Thus, for the structures studied here, a
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FiG. 25. Variation of average distance between misfit dislocations, p, versus annealing
temperature. T, during relaxation of Geg ;5Sig -5, Si( 100 structures (Hull er al., 1988¢. Reprinted
with permission from “Distocations and Interfaces in Semiconductors,” eds. K. Rajan, J.

Narayan, and D Ast. 1988, Metallurgical Society, 420 Commonwealth Drive, Wacrendale, PA
13086.)

sample thickness of 350 A and a growth rate of ~ 3A sec”! implies a
maximum misfit disiocation length of ~ 0.1 mm. Since this is very much less
than the wafer diameter, the ends of the misfit dislocation have to terminale
at the nearest free surface. which in general is the growth surface. These
dislocation ends thus constitute so-called threading dislocations, which are so
deleterious to transport/optical properties and device performance in the
epilayer. In the Ge,Si, _/Si(100) system, they arise naturally as a resuit of the
finite velocities of propagating dislocations.

Note that the above estimate of maximum dislocation length is very much
an upper limit. In practice. measured dislocation lengths will be much lower,
because (i) only for part of the growth time will the epitaxial film be obove the
equilibrium critical thickness that will produce an e¢xcess stress to drive
dislocation growth, (i) misfit-disiocation kinetics are known to be partially
nucleation limited in this system {Eagiesham et al, 1989; Hull and Bean,
1989a), and {iii) as will be discussed later, dislocation interactions fargely limit
growth. These combined factors actually limit the average length of misfit
dislocations in the Ge, ;5Sig.75/Si(100) structures discussed above 1o ~ 10
microns {Hull e al., 1989a).

Temperature-dependent in situ measurements of the glide velocities of
non-interacting 60° dislocations suggest activation energies that are generatly
of the same order as those expected from interpolation of measurements in
bulk Ge and Si (1.6 and 2.2eV, respectively, e.g., Alexander and Haasen
(1968) and Patel and Chaudhuri (1966)). However, we have measured
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FIG. 26.  Arrhenius plots of aatural logarithm of dislocation glide velocity (velocities in
Asec™!) vs. inverse energy for (A) 1200A Ce, 53ig g3 buried beneath a 3000 A Sit100) cap and
(B) 4 surface fayer of 800 A Geg 4Sis -, 0n Si{100) (from Hull et af, 1989a),

dislocation velocities in very thin and highly stressed Ge,Si, _./Si(100)
structures where activation energies are a few tenths of an ¢V less than
expected from bulk measurements, as illustrated in the Arrhenius plots of Fig,
26. Possible models for this apparent activation energy lowering are: (i) a
stress dependence of the “Peierls™ (Peierls, 1940} or glide activation energy
barrier {Dodson, 1988a) and (ii) propagation of the disiocation by nucleation
of single “kinks” {(see Hirth and Lothe, 1968) at the free epilayer surface as
opposed to the classic bulk double kink nucleation mechanism. We also note
that in more relaxed films where dislocation interactions become more
significant, apparent glide activation energies may be further reduced {(Hutll et
al., 1989a). Also shown in Fig. 26 are in situ glide velocity measurements from
a Ge,Si, _, layer buried beneath a Si cap. In these structures, we generally
observe activation energies equivalent to the bulk values and velocities that
appear to be substantially lower than in uncapped Ge,Si, _, layers, assuming
a linear dependence of dislocation velocity on excess stress (Dodson and
Tsao, 1987). Further work will be necessary to determine the precise defect
propagation mechanisms.

We are not aware of any similar measurements of misfit-dislocation
velocities in strained-layer compound semiconductor structures, In principle,
the experiments we have described earlier could be applied to such materials
in a relatively narrow temperature range between the original sample growth
temperature and the temperature at which surface desorption (of, eg, Por
As) starts to significantly affect the surface stoichiometry.

5. Dislocation Interactions

[t has been shown by Dodson {1988b) that interaction of high densities of
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misfit dislocations can significantly slow the rate at which a strained structure
will relax. By experimentally measuring and theoretically modelling the rate
at which a strained InAsSb/InSb with different types of compositional
grading relaxed. it was shown that a simple “work-hardening” approach to
misfit-dislocation interactions was reasonably successful at describing experi-
mental data.

The importance of dislocation interactions has also been demonstrated by
in situ GeSi/Si relaxation experiments (Hull er af., 1989a: Hull and Bean,
[989b). Shown in Fig. 27 are the vartation of average dislocation spacing, p,
average density of misfit dislocations, N, and avciage misfit-dislocation
length, L (cafculated from a from a simple geometrical relationship linking p,
N, and L as described in Hull er al, 1989a), versus temperature during
thermal relaxation of a Geg 55Sig -5/Si{ 1003 film. [t can be seen that although
N increases and p decreases with temperature as expected, L does not increase
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FiG. 27.  Variation of average distance between disiocations, p, number density of disloca-
tions, N, and average disiocation length, [ during thermal relaxation of a 350 A
Geo ;581 75/Si100) structure (from Hull et al., 1989a),
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but remains relatively constant at ~ 10 microns and actually decreases al
higher temperatures. This demenstrates that dislocation nucleation plays a
pivotal role in the relaxation process. The data of Fig. 27 show clearly that
relaxation does not occur solely via growth of existing defects. The fact that
the average dislocation length is not increasing shows also that defects are
being inhibited from continual growth. Inspection of TEM images (Hull and
Bean, 1989b) has indeed revealed that intersection of orthogonal dislocations
frequently pins propagating defects. This “pinning probability” is strongly
dependent on epilayer thickness, as is suggested by Fig. 28, which shows
representative relaxation data for 350 A and 3000 A Ge,Si, _,/Si(100) films. It
is observed that the higher thickness film is considerably more thermally
unstable. Inspection of dynamic and still TEM images of the relaxation
process (Hull and Bean, 1989b) has shown that this is due to the far greater
case of orthogonal dislocations crossing each other in the thicker tilms. This
may be understood in terms of the relative misfit stress, line tension,
interaction and image forces acting on the dislocations at the two different
thicknesses (Hull and Bean, 1989b).

In summary. it is clear that dislocation nucleation, propagation, and
interaction phenomena all play a role in determining strained-layer re-
laxation. The relative significance of these events in a given structure will
determine its stability with respect to variations in temperature and epilayer
thickness and composition.
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FiG. 28. Variation of average distance between misfit dislocations during thermal relaxation
of {a) 350 A Gy, 1 5Sig, +5/Si( 100y and (b) 3000 A Geg. 1 sSig s3/5i{100) (from Hull and Bean, 1989b).
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E. RELAXATION IN STRAINED CLUSTERS

It should be stressed that the two-dimensional epitaxial structures discussed
so far in this section actually represent a special case in heteroepitaxial
growth. in the more general case of three-dimensional or clustered growth,
we should discard the concept of critical “thickness™ and consider all
dimensions of the strained island. The limiting case of a strained rectilinear
slab has been treated theoretically by Luryi and Suhir {1986), who related the
strained -dislocated transition of a slab of height h and edge length 2L to the
configuration of a two-dimensionai epilayer of thickness h via the relation

hE = G(L/ )AL= = (6)

Here hb ts the critical slab dimension and AL~ ™ is the two-dimensional
critical thickness. The reduction factor ¢{L/h) is oblained from the equation

’ 3 el emL 12 L 1i2
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(1 4+ v}

These equations predict that as the slab width 2L decreases, the slab height at
which the strained-dislocated transition occurs will increase. In fact, the
Luryi-Suhir equations predict a critical edge half-length, L., below which the
slab may be grown infinitely thick without misfit-dislocation introduction.
This may be understood physically on the basis that if the slab width is less
than approximately half the equilibrium average misfit-dislocation spacing
for a planar structure, introduction of a single misfit dislocation into the
slab-substrate interface will increase the magnitude of the lattice mismatch
by making it larger but of the opposite sign to the undislocated structure.
The Luryi-Suhir model has been experimentaily investigated in the
GaAs-Si system (Hull and Fischer-Colbrie 1987). Cross-sectional TEM is
used to probe the strain state of individual GaAs nuclei grown at 400°C on
vicinal Si{100) substrates. Results are plotted in Fig. 29, which shows each
island height, h, versus the ratio of island height to width (h/L). Dislocated
islands are marked by crosses, whereas undislocated islands are marked by
dots {note that in cross-sectional TEM, we will only observe island widths
and components of dislocation Burgers vectors perpendicular to the electron
beam. These experiments may thus be thought of as a two-dimensional
version of the Luryi-Suhir model). A clear dependence of the undislocated -
dislocated transition upon h/! is observed. Also shown are predictions of the
Luryi-Suhir modet. This model requires knowledge of the two-dimensional

where
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FiG. 19. Experimentally observed (via cross-sectional TEM) transitions between com-
mensurate (@) and dislocated { x ) GaAs nuclet grown on 4-degree misoriented Sif 100) surfaces
{from Hull and Fischer-Coibrie, 1987). The island heighl 4 is plotted on the ordinate, whereas the
ratio of island height to width, (R} is plotted on the abscissa. The drawn curves represent the
predictions of the Luryi-Suhir model using the 1wo-dimensional ¢ritical-thickness models of
People and Bean (dashed curve) and Matthews and Blakesiec (dotted linek

critical thickness as a function of varying strain in the system, Since this is not
experimentally possible in the GaAs-Si system, where only one elastic
mismatch is possible in the undislocated state, h{e) is obtained from
theoretical models, namely the Matthews— Blakesiee model (1974a.b), and a
more recent model by People and Bean (19835, 1986). The results of these
models inputted into the Luryi-Suhir model are displayed in Fig. 29 by
dotted and dashed lines, respectively. [t is observed that these two theoretical
curves straddle the experimental transition and are of similar form to the
experimental results.

F. CraTicAL-THICKNESS PHENOMENA (N MULTILAYER STRUCTURES

Extension of c-itical-thickness concepts to multilayer structures is highly
complex due to the greater degrees of freedom involved (individual layer
strains and dimensions, total number of layers. total multilayer thickness, and
50 on). However, a simple energetic model has been developed (Hull er ai.,
1986a) based on the reduction of the multilayer to an equivalent single
strained layer.

Consider a multilayer structure consisting of n periods of the bilayers 4
and B, of thickness d, and d, and lattice-mismatch strains with respect to the
substrate of ¢, and ey, respectively. This structure is shown schematicaily in
Fig. 30. The total thickness, T, of the multilayer is s{d, + dg).
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Fi1G. 30. Schematic illustration of critenia for structural stability of a stratned-layer
superlattice, (a) shows the unreiaxed superlattice and {b) its energy ground state ifrom Hull e al.,
1986a). In (a} the total strain field 1s shown by the dashed line and may be regarded as the
supposition of a uniform strain (solid line} and an oscillating strain (dotted line).

Experimentally, it is observed that provided that each of the individual
multilayers is thinner than the critical thickness for that particular layer
grown directly onto the substrate (if this condition is not met, then individual
interfaces within the superlattice will relax), the great majority of the strain
relaxation occurs via a misfit-dislocation network at the interface between the
substrate and the first strained multilayer constituent. This is demonstrated
by cross-sectional TEM images of GeSi/Si and InGaAs/GaAs multilayer
structures in Fig. 31. Thus, the relaxation may be regarded as occurring
between the substrate and the multilayer structure as a whole.

For an undislocated structure, the elastic strain energy of the con-
figuration in Fig. 30 would be

E o = nlkydaei + kgdaei) (%)

where k, and ky contain the relevant elastic constants for layers 4 and B.

Introduction of a misfit-dislocation array at the substrate~multilayer
interface will change the [attice constant throughout the multilayer structure
by an amount z, and the strain by an amount § ~ a/dy, where a, is the
average bulk lattice parameter of the multilayer. such that

Eyin = nlkpdales — B)? + kydgleg — Y. (9)
Energy is minimized by setting dE/df = 0, yielding
E o - nd k dgkgle, — £g)°
min —
daks + dpkg

This may be regarded as the ground energy s:ate of the superfattice with
respect to dislocation formation at the substrate -multilayer interface. The

(10)
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Fig. 31. Cross-sectional TEM images of (2) partially relaxed In GaAs/GaAs on GaAs (from
Hull et al., 1987¢) and (b) GeSi/Si on Si multilayer structures {from Hull et al., 1986a). Note lhfal,
as indicated by arrows, the vast majority of misfit dislocations are at the substrate-superiattice

interface.

amount of energy available for relaxation by the dislocations is thus given by
the energy of the undislocated state minus the energy of the ground state, (8)-
(10), yiciding

_ mkpdaga + kndgts)® (i
- doky + dukg

rel
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The form of this relaxable energy is equivalent to the average strain energy
in the superlattice, weighted over the appropriate elastic constants and layer
thick nesses. Consider a system with continuously varying strain as a function
of varying composition, e.g., In,Ga, _./GaAs or Ge,Si, _,/Si, where one of
the superlattice constituents (say B) is the same as the substrate. If we assume
that k, ~ k, and that the elastic strain varies linearly with x, then the
relaxable strain energy simplifies to that in a uniform layer of the same total
thickness as the superlattice equals n(d, + dg), and the average superlattice
composition. x,, = xd, /(d, + dg). This relationship may be used as a guide for
predicting the superlattice stability, based upon the experimentally aeter-
mined critical thickness of single uniform strained layers of Ge,Sij _, on
Si(100). In Hull et al. (1986a), it is shown that this model is accurate to within
20%, for varying superlattice layer thicknesses of Gey  Sip, on Si(100),
although as pointed out by Miles et al. (1988), dislocation motion through a
multilayer structure is more difficult than at a single strained interface, so that
at moderate temperatures, kinetic effects will limit the accuracy of the above
relationship. Thus, it should be stressed that the above approach to
superiattice critical thickness, while energetically correct, does not take into
account atomistic details of dislocation motion and interaction. Nevertheless,
it represents a reasonable first-order approximation of relating the stresses n
multilayer structures to those in equivalent single layers.

G. TECHNIQUES FOR DISLOCATION REDUCTION IN STRAINED-LAYER EPITAXY
1. The Fundamental Problem

It is apparent that for lattice mismatches of greater than ~ 2%, the critical
layet thickness {of the order 100 A from theoretical modelling and experi-
mental measurement in different systems) becomes prohibitively smail for
most practical applications. For some materials combinations of high
potential importance (GaAs/Si, Ge/5. InAsSb;GaAs), the critical thickness
(assuming two-dimensional growth is possible) is predicted to be ~ 10A.
Thus, in many areas of strained-layer growth, generation of enormous
quantities of interfacial misfit dislocations is unavoidable. The challenge then
becomes to control the misfit-dislocation structures and distributions after
they are generated.

[f an epitaxial layer is of sufficient thickness, dislocations constrained at or
near the interface with the substrate need not be deleterious to the materials
properties of the layer sufficiently far away from the interface. Thus,
electronic device fabrication in the near-surface region of a 1-micron layer
need not be impeded by misfit dislocations confined to the original interface.

Unfortunately, as described earlier, a simple geometrical property of
dislocations precludes the possibility that all misfit dislocations will be
confined to the.interface region: the need for a dislocation to terminate upon
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itself, at a node with another defect. or at a free surface. A segment of
interfacial misfit dislocation must then be associated with two free ends that
must terminate in one of the rbove fashions. In general. this will mean
termination at the nearest free surface, which will usually be the epilayer
growth surface, because this will be at most microns from the interface, as
opposed to the waler edge, which will on average be centimeters away. Thus,
each misfit-dislocation segment would be associated with two threading-
dislocation ends.

The amount of strain relaxation in a lattice-mismatched system will be
defined by (i) the total length of misfit dislocation and i) the dislocation
Burgers vector. Considering the case of a constant Burgers vector, the total
dislocation line length L will be given by N!,,, where N and !, are the number
of misfit-dislocation segments and their average length. respectively. Assum-
ing first that dislocations are noninteracting, i.e., that they must terminate at
a free surface, the number of threading dislocations. ¥, will be given by
~ 2N for I, « D, the wafer diameter. We then obtain the relationship

oL
Now~ T (12)

av

Thus, as might intuitively be expected, the number of threading disioca-
tions is inversely proportional to the average disiocation length for a given
amount of strain relaxation. The ideal case, indicated schematically in Fig.
32a), 1s where the dislocations are essentially infinitely long, terminated only
at the boundary of the wafer. The number of threading dislocations ts then
zero. In reality, misfit dislocations are generally of finite length {limited by
dislocation nucleation, growth, and interaction rates) with [, <« D, as
indicated schematically in Fig. 30b. High threading dislocation densities then
result.
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F1G. 32,  Schematic illustration of the difference between (a) infinitety long misfit dislocations
and (b} misfit dislocations of fimte length. (from Huil et af., 1989d)
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Two approaches may be adopted in reducing threading dislocation
densities: (i) increase I,, during growth or (i) “filter” threading dislocations
after they have formed. The former possibility requires detailed knowledge of
the activation barriers for dislocation nucleation and motion, as well as

defect interaction mechanisms, as we have outlined in previous sections of

this chapter. The latter possibility generally involves three major concepts:

thermal annealing, strained-layer superlattice incorporation, and patterned
growth.

2. Effect of Thermal Annealing

It is widely recognized (e.g.. Chand et al.. 1986: Cho et ul,, 1987a; Lee ot al.,
1987} that thermal annealing either during or after the growth cycle may
reduce threading-defect densities. {n general. extra thermal energy will
produce threading-dislocation motion, and if this process results in intet-
action of dislocations, defect reduction may result as indicated in Fig. 33
Interdislocation forces may either encourage or suppress defect interactions,
depending upon the relative orientations of the defect Burgers vectors.
This process, although possibly producing significant improvement in
material quality at relatively high defect densities (say. greater than ~ 10—
10%cm ™2), is unlikely to be effective at lower defect densities, < ~ [0°-
107 cm "% This is because as defect densities decrease, the average spacing
between threading defects necessarily increases, and this will in turn decrease
the probability of defect interactions. [f the original mismatched interface is
fully relaxed. then the motion of the threading defects will, to a first
approximation. be random during thermal annealing (local strain variatious
due to nonuniform defect distributions would be the major correction to this
approximation), and there will be no systematic driving force for defect
interactions at lower defect densities. [n addition. thermal stresses arising
from differential thermal expansion coefficients might act as a source for
Jurther defect generation in some systems.
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Fic. 33, Schematic illustrations of possible mechanisms for dislocation—threading arm
interaction;/annihilation events.
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3. “Filtering” of Threading Dislocations by Strained-Layers Superlattices

A systematic driving force encouraging threading-defect motion in particular
directions can be provided by incorporation of strained-layer superlattices
into the epitaxial structure. It has long been recognized (e.g., Olsen et al.,
1975: Fischer et al., 1986; Liliental-Weber et al., 1987; Dupuis et al., 1986)
that strained interfaces in such superlattices may deflect threading disloca-
tions into the interfacial planes between layers. The driving force for this
process is essentially that described by the Matthews and Blakeslee mechan-
ical equilibrium theory of lattice-mismatch relief, as outlined in an earlier
section. The threading dislocations are bent into the interfacial planes to
relieve mismatch at the interfaces. If care is taken with layer thicknesses,
strains, and the structure growth rate, it may be possible to promote this
process without generation of new mismatch-relieving dislocations.

For high threading-defect densities, this process is likely to be extremely
effective at producing dislocation interactions and encouraging
combination/annihilation events. For a threading-defect density ncm ™2, the

average distance between the threading dislocations will be [/\/;. Thus, at
threading-defect densities of ~ 10'%cm ™2, typical of near-interface regions in
highly lattice-mismatched systems such as GaAs/Si and Ge/Si. the average
dislocation separation will be only ~ 1000 A. Since typical dislocation
velocities during growth will be of the order of microns sec™ ! at usual growth
temperatures, very littie lateral deflection of threading defects will be required
to produce dislocation interactions at these densities. [ndeed, it was pointed
out by Gourley et al. (1986) that even elastic moduli (with lattice parameter
matching) mismatches can be sufficient to produce the necessary deflections.
Thus, for very high initial defect densities, crystal quality may be expected to
improve dramatically during the first few thousand A of epilayer growth.
At moderate (for highly lattice-mismatched materials!) defect densities,
however, strained-layer superlattices will be expected to become much less
efficient at defect filtering. At defect densities of 10®cm®, the average
threading-dislocation spacing becomes | micron. Although, lateral motion at
strained interfaces of tens or even hundreds of microns may be possible under
optimum growth zonditions, one has also to consider the requircment that
defects interact as they laterally propagate. Since there are only four possibie
directions for interfacial defect propagation at {100) interfaces for 011}
Burgers vectors dislocations moving on {111} planes in cubic semiconductors
(the 011, 0TT, 017, and 0TI directions as shown in Fig. 34), there is a relatively
narrow range of defect positions that will allow interaction. [t can easily be
shown geometrically (Hull et al., 1989b) that the most favorable conditions
for defect interaction correspond to dislocations moving towards each other
on inclined {111} glide planes with parallel intersections with the (100}
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FtG. 34.  Schematic djagrum indicating probability of dislocation interactions (from Hull ¢t
al, 1989b). The dislocation X' may move in one of four [011] directions. For an average
interdislocation distance R. zdjacent dislocations must lie within an angle ¢ of these directions,

where 0 ~ $h/R./3.

interface. Under these conditions, threading-arm intersection is possible if the
corresponding misfit-dislocation segments in the interfacial plane are no
further apart than Zh/\/i, where h is the epitaxial layer thickness. This leads
to the concept of a defect “capture angle,” # = 4h/R\/§, where R is the
average distance between defects in the dislocation propagation direction, as
iilustrated in Fig. 34. Four capture angles exist, corresponding to each of the
in-plane {011} directions. Consideration of relative defect geometries and
interaction probabilities in this theoretical framework (Hull et af., 19898)
leads to the result that the average distance each dislocation has to propagate
before a threading-arm intersection event is [,, = ﬁ/}’,hn. If we assume
h=1000A, we have for n = 10% 10% and 10'°, L ~ 1000 microns, 10
microns, and 0.1 micron, respectively. The actual distance a threading
dislocation will be expected to propagate in the interfacial plane will depend
upon a number of factors including the number of strained interfaces, the
layer thicknesses and lattice mismatches, the growth rate, and the growth
temperature. ft is apparent, however, that the probability of defect inter-
actions decreases dramatically with decreasing threading-dislocation dens-
ities. Of the figures quoted above, a 10-micron lateral propagation seems
attainable, but 1000 microns seem unlikely. This suggests that threading-
dislocation filtering via strained-layer superlattices, at least by the generaily
assumed mechanism of defect annihilation via interaction, is likely to become
ineffective at threading-defect densities of the order of 10°-10%cm *? or
below.
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4. Growth on Patterned Substrates

An extremely promising technique for relaxing many of the constraints
discussed previously is patterned growth onto bulk substrates. If instead of a
uniform coverage of an eptlayer onto a bulk substrate, selective growth {or
etching) of features with dimensions much less than wafer diameter is
successfully achieved, the probability of a threading defect terminating on a
free edge of the structure (as opposed to the growth surface) is greatly
enhanced. In the discussions above, we have ignored the possibility of
threading-defect termination at the wafer edges, because in general, this
would require lateral propagation of the order of centimeters {in structures
that are at most microns thick). Patterned growth of structures of the order of
microns or tens of microns wide will significantly relax this constraint so that
anncaling or strained-superlattice techniques could make these pads es-
sentially defect free. In the ultimate extension of this technique, one could
envisage pads of the order of hundreds of A in dimension that would inhibit
the formation of any misfit defects (Luryi and Suhir, 1986). Such pads wouid
presently be very difficult to define by lithographic techniques, but natural
seeding using porous Si substrates has been proposed (Luryi and Suhir. 1986;
Lin er al., 1987).

Recent work in growth of In,Ga, .  As on circular GaAs mesas (Fitzgerald
et al., 1988, 1989) has ciearly shown that dramatic reductions in threading
and threading-defect density may be achieved as the mesa diameter is
reduced. This is believed to be both a function of reduced density of
nucleation sites (reducing the number of misfit-dislocation segments) and of
dislocation termination at the mesa edges, thus reducing the number of
threading dislocations per misfit-dislocation segment. Representative results
from this work are illustrated in Fig. 35. Recent work in epitaxial GaAs
growth on patterned Si substrates has also been reported (e.g., Matyi et al.,

1988: Lee et al., 1988).

YL Atomic-Scale Structure of Epitaxial Layers

A, INTRODUCTION

For many devices (e.g., high-mobility modulation-doped structures and
quantum-well-confined optoelectronic devices) and physical measurements
(electron/hole mobilities, excitonic recombination energies, etc.), the detailed
atomic atructure of epitaxial layers and their interfaces is of paramount
importance. Many high-resolution experimental techniques have been devel-
oped to study this structure.

B. THEORETICAL DESCRIPTION OF [SOSTRUCTURAL INTERFACE STRUCTURE

Perhaps the most important class of semiconductor heteroepitaxial interfaces
{(including almost all T1[-V and I-VI structures, GeSi/Si, etc.) consists of
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F16. 35, Lincar interface disfocation density versus circular mesa diameter for samples with
JSGOA_ of In,'{)a, -xAS (x = 0.05) grown onto GaAs with (a) 1.5 x 10°cm 2 and (b} 10*cm 2
pre-existing dislocations in the substrate (from Fitzgerald er i, 1989.)
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isostructural interfaces, i¢., those interfaces where the crystal unit cell is of
identical symmetry on either side of the interface, and the only difference is in
the atomic species across the interface. Two structural parameters are
generally of importance: the interface diffuseness (variation in interface
structure perpendicular to the interface) and the interface roughness (variat-
ion in structure parallel to the interface). In general, an ideal interface will
have zero diffuseness and roughness.

In this section, we will discuss interface roughness and diffuseness by using
the model illustrated in Fig. 36 and described in more detail in Hull ez al.,
(1987d). An interface between two materials, A and B, is defined arbitrarily as
lying at the boundary of 100% material A. The mean interface position is
taken to be the plane = = 0, such that the interface lies in the x-y plane. The
interface roughness is thus defined as the deviation of the interface at an
arbitrary point (x;, ;) from the plane = =0. =, where z; is given by the
“interface roughness function,” f{x, y). An interface diffuseness function, g(z)
then defines the perpendicular variation in composition from the interface
coordinate [x;, y;, 7). such that the composition at a point (x;, y;, 2') is given
by the function [z’ — f(x;, y;)]. A complete knowledge of the two functions
g(z) and f(x, y) thus allows an exact description of the interface.

C. ORIGINS OF INTERFACE ROUGHNESS AND [DIFFUSENESS

A description of a perfect interface using the nomenclature of the previous
section would be for y(z) and f{x. ¥) to be zero. Satisfaction of the condition
that flx,y)=0is essentially a thermodynamic requirement at least for
oriented substrates. The primary necessity is that the growth be two-
dimensional, ie. either Frank-Van der Merwe or the earliest stages of
Stranski- Krastinov, and not three-dimensional (Vollmer-Weber). Thus, as
discussed in Section IV of this chapter, low growth temperatures should
encourage planar heteroepitaxial interfaces. Growth of sufficiently thick
layers in a system where nucleation is by the Vollmer- Weber mode may also
reduce interface roughness, as individual nuclei coalesce, and further growth
of that particular layer is essentially homoepitaxial, causing growth surface
plananzation.
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FiG. 36. Schematic illustration of the concepts of interface roughness and diffuseness, as
measured by the functions giz) and f(x, yh respectively (from Hull et al., 1987d).
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To a higher degree of perfection, for an absolutely abrupt interface, it will
be necessary to grow integral numbers of monolayers, otherwise monolayer
interface roughness will necessarily result. In this case, it has been shown that
growth interruptions at each individual interface in compound semicon-
ductor growth can cause significant interface smoothing (e.g., Hayakawa et
al.. 1985; Bimberg et al., 1987) by allowing surface monolayer islands to
coalesce.

Interface diffuseness will generally be caused primarily by (i) source
switching conditions in the growth chamber, (ii) interdif"1sion of the layers at
elevated growth temperatures, or (iii) interfacial exchange reactions to
improve local electroneutrality {see e.g., Kroemer, 1986). Thus, for reason (ii),
lower growth temperatures again encourage sharper interfaces.

The effect of source switching conditions on interface abruptness is much
more difficult to ascertain. Solid sources that may be simply shuttered, as in
conventional MBE, might be expected to give the sharpest interface trans-
ition. Even in this case, however, slight interface transients might be expected
due to both finite speed of shutter motion and redistribution of the
temperature distribution around the source as the shutter is opened and
closed (this effect will be minimized if the shutter is as far away from the
source as possible). In gas-source growth, such as MOCVD or GSMBE,
switching conditions are generally much less ideal, and optimization of this
process for a given chamber is a science in itself. Characterization of
switching effects using TEM, x-ray diffraction, and photoluminescence has
been attempted (¢.g., Carey et al, 1987; Vandenberg et al., [986).

D. EXPERIMENTAL TECHNIQUES

In this section, we will briefly discuss experimental techniques for deter-
mining the atomic-scale structure of interfaces. For a more complete
description of experimental techniques for studying epitaxial growth in
general, see Chapter 3 by S. T. Picraux et al. in this volume,

1. High-Resolution Transmission Electron Microscopy

Many experimental techniques have been developed to probe the structure of
buried interfaces. The highest spatial-resolution (better than 2 A) imaging
technique is high-resolution transmission electron microscopy (HRTEM).
Under narrowly defined experimental conditions (Spence, {981), an HRTEM
image represents a two-dimensional map of the crystal potential projected
through the specimen thickness onto a plane perpendicular to the electron
beam (note that, in general, HRTEM images are interpreted on the basis of
numerical simulations of dynamical electron scattering, ¢.g., the muitislice
method; Goodman and Moodie, 1974). If the electron beam is aligned
parallel to the interface, atomic-scaie information about interface structure
may be obtained subject to three major limitations: (i) Structure variations
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parallel to the beam direction are averaged out. This necessitates either
imaging of the same specimen area along different crystallographic zone axes
{(Hull et al, 1986b; Batstone er al, 1987) or assumptions about structural
isotropy along crystallographically equivalent axes. {ii) Image noise effects
tend to obscure fine image detail such as atomic steps (Gibson and
McDonald, 1987). (iit) Thin-foil specimen preparation or the incident electron
beam itself may modify interface structure. Despite these limitations,
HRTEM has played a valuable role in elucidating interface structure in a
wide variety of 1sostructural epitaxial systems including GeSi/Si (Hull et al.,
1984), GaAs/Si (Hull er al., 1986b; Otsuka er al, 1986), InGaAs/InP
(Ourmazd et al, 1987), AlGaAs/GaAs {(Qurmazd et al, 1989), and
InGaAs/InAlAs (Bimberg er al., 1989). Most notably, in some instances, it has
been possible to correlate atomic structure with other interface or quantum
confinement properties, e.g., with electronic mobilities at Si/x-S8iO, interfaces
iLiliental et al.. 1985; Goodnick et al., 1985) with interface state denstties in
CaF,/Si (Batstone et al, 1989) and photoluminescent line broadening in
InAlAs/ TnGaAs/InAlAs quantum-well structures (Bimberg er af., 1989). The
experimental complications outlined earlier, however, particularly the pro-
jection and noise effects, severely imit the accuracy to which g{z) and f(x, y)
may be determined. It has been shown {Hull er al., 1987d) that detailed
analysis of intensity changes across the interface as a function of interface
sampling area can yield information about the magnitude of ¢(z) and the
integral of spatial frequencies of f(x,)) greater than approximately the
inverse of the sampling area dimenstons. An example of this method is shown
in Fig. 37. Line scans perpendicular to the tnterface in a lattice image of a
Geg 151, /510100 structure are recorded with varying “slit” lengths parallel
te the interface and with lattice resolution perpendicular to the interface.
Many scans are recorded for each slit length. The interface “width” is plotted
as a function of sampling length and approximate specimen thickness, with
the product of iength and thickness giving the interface area sampied. The
width is defined in this case as being the number of {200) monolayers in the
interface region lying within the 20%,-80%, intensity interval, where the 0%,
and 1003, levels correspond to the mean intensities of the materials on either
side of the interface. The plot shown in Fig 37 demoanstrates a continuously
increasing interface width with sampling area. In the limit of this area tending
to zero (i.c., the ordinate intersects in Fig. 37), an upper limit to the spatial
extent of g(z) is obtained, in this case < ~2 x (200) monolayers. The
roughness characteristic of a particular interface area may also be cont-
inuously read from the plot. increasing to several (200) monolayers for
interface sampling areas ~ 10,000 AZ. These values essentiaily correspond to
the integral of the Fourier spectrum of f(x, )} up to spatial frequencies
comparable to the inverse of the slit length and specimen thickness. The
numbers thus obtained are of physical importance in determining, for
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Fig. 37. {a) Cross-sectional TEM lattice structure image of a Geg (Sip /Si(100) interface;
(from Hull er al, 1987d); (b) measured interface ~width,” w. versus slit length, L, for
microdensitometer scans across the intetface of the structure imaged in (a). (From Hull et i,
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example, the characteristic interface roughness sampled within excitonic or
electron wave-function diameters.

Other emerging electron microscopy techniques are proving to provide
invaluable information about interface structure. Analysis of Fresnel fringe
contrast at interfaces has been shown to be sensitive to interface diffuseness
and is perhaps easier to interpret than lattice-structure images (Boothroyd et
al.. 1987). Measurement of extinction-contour positional variation across
interfaces in 90° wedge-shaped samples has been demonstrated to be sensitive
to absolute composition variations across the interface (Kakibayashi and
Nagata, 1985, 1986), and high-angle annular detection in the scanning
transmission electron microscope (STEM) can give very high signal-to-noise
ratio interface images (Pennycook et al., 1989).

2. Reflection High-Energy Electron Diffraction

Perhaps the most prevalent in situ technique for determining growth-surface
morphology (and thus, by inference, buried interface morphology) is
RHEED. In its simplest form, it gives coarse information about surface
morphology via the extent of reciprocal lattice reflections, a spotty pattern
corresponding to islanded growth and a streaked pattern corresponding to
two-dimensional growth (Note. however, that the observed streaks on
“planar” surfaces generally arise from imperfections such as steps and
terraces. For a perfectly planar surface, reciprocal fattice spots are expected —
see Dobson, 1989 for a fuller discussion.) This technique. however, has
recently been made dramatically more powerful and quantitative via the
identification of oscillations in the RHEED intensity corresponding to
completion of monolayers during two-dimensional growth (Harris et al.,
1981: Neave et al.. 1983). In principle, therefore. the smoothness of the growth
surface can be determined to submonolayer precision. [n addition, during a
growth transition from one material to another {i.e. formation of an
interface), where the amplitude of the RHEED oscillations may be expected
to vary between the materials, information about the abruptness of the
interface transition may, in principle, be obtained {Madhukar et al., 1985).
Although RHEED is an extremely powerful and now almost routine
(particularly in compound semiconductor epitaxy) growth characterization
tool, some compi:cations remain in using this technique to deduce
quantitative and detailed measurements of the interface structure. By their
nature, RHEED oscillations characterize growth that is close to two-
dimensional, and are therefore of limited use in the more general case of
three-dimensional heteronucleation. The transition from a “spotty” to a
“streaked” RHEED pattern can give information about this process, but in
the absence of imaging capabilities, important parameters such as nucleation
density cannot be directly deduced (unless the incident beam can be spatially
collimated down to dimensions comparable to individual nuclei, as can be
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achieved in an electron microscope). The coherence length (approximately
hundreds of A) of the energetic electrons used in the RHEED process also
naturally define a length scale on which this technique will be sensitive to
surface roughness. Finally, the theory of electron scattering processes in
RHEED is still at a formative stage, possibly rendering highly detailed
interpretation unreliable. [t should be stressed, however, that the very
macroscopic nature of this technique, which lessens its impact in determining
exact microscopic structure, is exactly what makes it such a powerful and
crucial in situ tool for the crystal grower in determining epitaxial layer quality
in real-time during growth.

Extension of the RHEED principle to imaging processes has led to the
development of reflection electron microscopy (REM). For example, studies
of atomic steps on clean semiconductor surfaces in ultrahigh vacuum electron
microscopes have been reported (e.g., Osakabe et al., 1980; Cowley, 1984).

3. Photoluminescent Spectroscopy

A number of authors {e.g, Deveaud er al, 1984; Bimberg et al, 1986
Havakawa et al., 1985; Tsang and Schubert, 1986; Ogale er al.. [937, 1988)
have attempted to infer interface structure from photoluminescent measure-
ments of buried quantum wells. Clearly, the quantum confinement energy of
two-dimensional excitons will be highly sensitive to exact details of the well
interfacial structure. By solving the one-dimensional Schrédinger equation
for the particular well shape and dimensions, it should, in principle, be
possible to determine the exact excitonic recombination energy. In addition,
known variations in interface structure should produce calculable excitonic
energy spreads. These calculations will clearly be most sensitive for narrow
well widths where quantum confinement energies are a significant proportion
of the bandgap discontinuity, and monolayer variations in the well structure
produce appreciable energy shifts.

If the excitonic recombination spectrum s accurately measured by using
photoluminescence and photoexcitation techniques. then information about
the quantum-well structure can be inferred if certain simplifying assumptions
are made. For example, if it is known that the interfaces are abrupt (from
RHEED or HRTEM, for example), then the energy position of the maximum
of the recombination peak allows the mean well width to be calculated from a
single excitonic transition, subject to certain experimental and theoretical
reservations that will be discussed in the following. In addition, it should be
possible to relate the shape (most simply the full width at half maximum
intensity (FWHM) of the excitonic peak to the variation in well width.

Many experimental and theoretical complications arise from such inter-
pretation, however. In the simplest case, where the interface is totally abeupt,
the following factors have to considered: (i) An accurate knowledge of
electron/hole effective masses (particularly in the case of high confinement
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energies where the parabolic band approximation may not apply), two-
dimensional excitonic binding energies, bandgaps and conduction-/valence-
band discontinuities is required. Uncertainties in some of these parameters
can significantly affect the accuracy of calculations at lower well widths. (ii)
The material has to be low in doping and unintentional impurity levels to
prevent excitonic screening effects. (i) Other broadening effects such as band
filling have to be taken into account. (iv) Barrier penetration by the wave
function at low well widths becomes appreciable; thus, it is important to
know the electronic properties of both the well and the barrier matenals. (v)
The excitonic spectrum is only sensitive to interface variations larger than a
scale approximating the two-dimensional exciton diameter {itself not ac-
curately known as a function of well width). Roughness on a scale smaller
than this is “averaged out” in the spectrum.

Experimentally the simplest corretation is to measure the most intense
recombination peak (i.e, the n = | to heavy-hole level) at low excitation
intensities at liquid-helium temperature as a function of quantum-well width.
With complementary experimental evidence regarding the interface diffuse-
ness (unction, g(z), this will allow the interface roughness function f(x, y) to
be determined for spatiai periodicities greater than approximately the exciton
diameter. In high-quality III-V epitaxial systems, it has been reported that
single excitonic peaks can split into a doublet and triplet structure arising
from monolayer interface roughness, producing relatively large regions of
discrete well widths of varying sizes (Deveaud er al.. 1984; Hayakawa et al,
1985; Bimberg et al., 1986); it has also been found that interrupting growth at
GaAs/AlGaAs interfaces can provide the time scale necessary for surface
diffusion of growth ledges to planarize the surface and remove the
doublet/triplet structures.

Further refinement of these measurements is possible by monitoring the
spectrum as a function of temperature; this allows assumptions about other
spectral broadening mechanisms to be validated (Bimberg et al., 1986), and
by varying bandgaps, it allows testing for self-consistent solutions. In systems
where it is possible to simultaneously record several higher-order excitonic
transitions (Tsang and Schubert, 1986), highly detailed interface interpre-
tation may be possible, assuming theoretical modelling is sufficient. In this
case, it may be possible to independently determine g(z) and f{x, y) (rom the
excitonic spectrum,

As with RHEED, it should be pointed out that as a coarser tool for
measuring interface quality, photoluminescent and photoexcitation tech-
niques are powerful and convenient. [n general, the recombination energy
gives a relatively accurate measurement of well width, and as the width of the
peak reduces, interface planarity will be increasing. More detailed conclu-
sions, however, will require extensive experimental and theoretical
interpretation,
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4. Other Experimental Techniques

A number of other experimental tools have been developed to look either
directly at the buried interface structure or indirectly via in situ monitoring of
the growth surface. For example, photoemission spectroscopy has provided
valuable information on the electronic structure of near-surface interfaces
(e.g.. Bringans et al,, 1985; Himpsel er al., 1986; Olmstead et al., 1986), ion-
scattering techniques have elucidated the structure of sirained metal silicide -
silicon interfaces (Van Loenen, 1986), and x-Ray diffraction is particularly
sensitive at determining the average structure of many intecfaces in a
superlattice structure (e.g.. Segmuller and Blakeslee, 1973; McWhan et af,
1983; Vandenberg et al., 1986). Recent time-resoived low-temperature cath-
odoluminescence images {Bimberg et al.. 1987) have directly imaged mono-
layer high islands at GaAs/AlGaAs interfaces, and both low-energy electron
diffraction (LEED) (see ¢.g., Henzler, 1983. for a review) and in situ electron
microscopy (Gibson, 1988, 1989; Petroff, 1986: Takayanagi, 1978) have
provided significant information during the growth process. Finally, Raman
spectroscopy of interfacial atomic coordination in ultrafine-period {of the
order of a few monolayers) structures has yielded information about

mterfacial planarity and diffuseness in Ge -Si multilayer structures (Tsang et
al., 1987; Iyer et al., 1989).

E. NONISOSTRUCTURAL INTERFACES

The above discussion has deaft primarily with isostructural interfaces, ie.
those in which the crystal structure and orientation is equivalent on either
side of the interface such that the atomic positions are known but not the
nature of the atomic species on each site. This turns out to be the most
important class of interfaces in strained-semiconductor epitaxy because it
embraces the majority of systems of technological and physical interest. A
number of other interfaces are clearly of great interest, however. In some
systems, the structure of the material on either side of the interface is similar
or even equivalent but. generally due to a very large lattice mismatch between
the materials or due to surface structure or contamination effects, the
crystallographic zone axis along the growth direction is not constant across
the interface. In this case, more than one orientational relationship across the
interface may result. This concept is known as “double positioning™ and
occurs in epitaxial metal silicides on Si (Cherns et al., [984; Tung and Gibson,
1985), epitaxial fluorides on Si (Phillips et al., 1988; Schowalter and Fathauer,
1986; [shiwara et af.. 1985), [I-VI growth on IlI-V surfaces {Kolodziejski et
al., 1986), and Al/GaAs (Liliental-Weber, 1987; Batstone et al., 1987), among
other systems. The easiest method of determining the orientational relation-
ships is using diffraction techniques, particularly electron diffraction when
very thin epilayers and small grain sizes are invoived. In many other
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nonisostructural systems, the arrangements of atoms at the interface are not
self-evident (especially where the two materials have different forms of
bonding), such as the epitaxial silicides and fluorides on Si discussed
previously and GaAs/Si (Bringans et al., 1985; Kroemer, 1986; Patel et al.,
1987). Arrangements of atoms at such interfaces can be studied using
HRTEM (e.g.. Batstone et al,, 1988; Cherns et al., 1984; Tung and Gibson,
1985}, photoemission {e.g., Bringans et al, 1985; Himpsel et al, 1986;
Olmstead er al., 1986) or x-ray diffraction (e.g., Patel et al, 1987). Of these
techniques, only HRTEM can analyze interface structure far away from the
growth surface.

F. STRUCTURE OF EPITAXIAL SEMICONDUCTOR ALLOYS
{. Alloy Ordering

A great number of important epitaxial semiconductor systems, e.g.,
InAlAs/InGaAs, GeSi/Si, InGaAs/GaAs, InGaAs/InP, AlGaAs/GaAs.
InGaAsP/InP, have one or both constituents in the form of an alloy. In the
bulk form (where the bulk analogue has been studied), such alloys are
generally assumed to be random structures, e.g., GeSi{Hansen, 1958). in thin-
film form, it is often found that evidence for ordering of two or more of the
alloy constituents exists, whether as a function of growth (kinetic) conditions
or as a function of strain, such that the unit cell no longer has a random
distribution of atoms within it. It is also possible that nonrandom distribu-
tions of alloy constituents may occur on a larger scale, either through
clustering of like atoms, or through periodic decomposition of the alloy, such
as spinodai decomposition.

The first direct evidence {or long-range ordering of atoms within an
epitaxial alloy unit cell was shown in the work of Kuan et al. (1983), who
detected ordering within the unit cell of AlGaAs grown by MBE on (001) and,
particularly, (110) GaAs substrates by electron diffraction, as illustrated in
Fig. 38. The ordered unit-cell structure was equivalent to monolayers of AlAs
and GaAs stacked along a {110} axis of the crystal, yielding a nominal
ordered composition of Aly (Gag sAs. Since the work of Kuan and co-
workers alloy ordering has been detected in a host of [I1-V ternary structures,
with the ordered species lying on both the column-III and column-V
sublattices (e.g., Jen et al., 1986, Gomyo et al., 1988; Shahid et al,, 1987; thm et
al., 1987). InGaAs, in particular, has been observed in several ordered states.
Such semiconductor alloy ordering is analogous to ordering in metallic
alloys, and virtually all ordered semiconductor states observed have their
metallic analogues.

The presence of ordered domains within the alloy could strongly affect the
optical and electronic properties of the material. The ordered state will have
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FiG. 38. Electron diffraction patterns dlustrating the presence of column-I1l sublattice
ordering in AlGaAs layers grown on GaAs. Reflections (arrowed) anise from ordering of Al and
Ga atoms (from Kuan et ai,, 1985).

different band structures (and bandgaps) {rom the random alloy; thus,
domains of ordered material in a disordered matrix are likely to produce
spectral broadening in radiative recombination processes and extra
electronic scattering mechanisms. Successful growth of a perfect uniform
ordered alloy, however, could be extremely desirable because it raises the
prospect of a material free of disorder scattering and free of random
compositional variations that might produce spectral broadening in direct
bandgap alloys. Such ordered alloys would offer advantages over artificiaily
grown monolayer or short-period superlattices that have been grown to
synthesize ordered ailoys (Tamargo et al.. 1985; Bevk et al., 1986; Petroff ez al.,
1978), since they would not be so subject to growth nonuniformities.

2. Alloy Clustering

Even if an alioy exhibits no signs of unit-cell ordering as discussed in the
previous section nonrandom distributions of alloy species may still be
present. The phenomenon of “clustering” of atoms of like species has been
invoked (e.g.. Holonyak et al., 1981; Singh and Bajaj, 1984, 1985) to explain
anomalously high luminescence line widths from alloys, particularly those
containing Al Consider a three-dimensional exciton of radius R in an
epitaxial alloy layer of thickness » R. For a unit cell containing N atoms on
the clustering 4,8, _, sublattice and with a volume ¥, the number of A
atoms within the recombining exciton voiume will be

_4nR® x N,

N, A
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Gaussian statistics using the binomial approximation for large N, would

predict a variance, ¢} = | / N ax(1 — x). The spectrai broadening 6E/E, where
OE represents the FWHM of the spectral line then becomes

2.35(./x(1 = x)/\/ﬁ. Using the relationships given and £ ~ | eV,
V.= (5.6 A3 N. =28 (for one sublattice in the zinc-blende structures),
R =150 A and x = 0.5, one obtains £ of the order of 2 meV. This represents
the lower limit to the optical line width from excitonic recombination in
semiconductor alloys (Schubert et al., 1984).

Experimental techniques for measurement of possible semiconductor
clustering independent of optical measurements are relatively few and
indirect. Experimental attempts have included those by Raman spectroscopy
(Parayanthal and Pollak, 1984), infrared spectroscopy (Braunstein, 1963),
and HRTEM (Hull et af, 1989¢). More local environments (say, first- to
third-nearest neighbors) have been studied by extended X-ray absorption fine

structure (Mikkelsen and Boyce, 1982) and Raman spectroscopy (Renucci er
al, 1971),

VII. Summary

In this chapter, we have attempted to outline present theoretical and
expertmental understanding of the physical processes involved in lattice-
mismatched epitaxy. In this final section. we will summarize our understand-
ing to date, emphasize those areas in which little understanding has et
emerged. and predict future directions for research,

[n Section I11 of this chapter, we demonstrated that there can be a strong
influence of the initial substrate cleaning process on subsequent hetero-
epitaxial growth. This arises primarily from unexpected influences of the
substrate cleaning on the resuitant surface morphology. In addition, it is
already well known that surface contaminants (e.g., Joyce, 1974) and surface
reconstruction (e.g., Gossman, 1987) can significantly affect epitaxial growth.

Further knowledge of these processes will depend critically on develop-
ment of experimental techniques to sensitively measure surface structure and
contamination levels. Techniques such as LEED and RHEED give accurate
information about surface reconstructions and some information about
surface morphologies (terrace widths, etc); and Auger spectroscopy can
measure average surface contaminant levels to < 0,01 monolayers, but many
significant effects can exist beyond the detectability level of these techniques.
Insitu TEM, for example (Gibson, 1989), has suggested that C contamination
levels below the Auger detectability limit on a S surface can still produce
high silicon carbide particulate levels. The point here is not so much the
absolute level of C contamination as its environment: g 0.01 monolayer that
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is evenly dispersed will be totally different from a 0.01 monolayer that has
reacted to form a high density of SiC particulates, Such information is not
readily available from Auger spectroscopy. and development of in situ
imaging techniques such as TEM, scanniug tunneling microscopy (if chemical
identification can be more readily achieved), low-energy eiectron microscopy
{Telieps, 1987), and reflection electron MICroscopy (see e.g., Cowley, 1984)
may significantly extend our knowledge of surface processes in epitaxial
growth.

The fundamentals of nucleation theory remain a much-studied topic, but
the specific events that are not well understood during semiconductor
epitaxial growth are interactions with surface structure and contamination,
the role of nuclei coalescence boundaries in defect generation, cluster versus
adatom mobility (see, e.g.. Zinke-Allmang et af., 1987; Venables et al, 1987),
and defect generation in clusters. Again, direct in situ imaging observations of
these processes may help, and even nontmaging in situ techniques such as
Rutherford backscattering (Zinke-Allmang et af. 1987) have proven
invaluabie.

The primary physical process inherent to stratned-layer epitaxy is that of
strain relaxation via misfit-dislocation generation. Although many details of
this process remain poorly understood. much progress has been made in
recent years. Earlier theories of Matthews and Blakeslee for misfit-defect
propagation (Matthews and Blakeslee, 1974a.b: Matthews, 1975) have been
developed and extended into a general kinetic model by Dodson and Tsao
{1987}, Preliminary measurements of activation energies necessary to describe
these kinetic processes have been reported by Hull er al. (e.g. 1989a), and
initial attempts to describe the role of defect interactions have also been
published (Dodson, 1988b: Hull and Bean, 1989b). Attempts to critically
examine disiocation nucleation modes in specific systems have been made
{e.g., Matthews er al., 1976; Fitzgerald, 1989 Eaglesham et al, 1989; Hull and
Bean, 1989a; Fitzgeraid er al., 1989 Hagen and Strunk. 1978; Gibbings et al.,
1989: Dodson, 1988¢), and some new candidate sources have been identified.
Moiecular dynamics and other computer simulations of epitaxial growth are
also providing significant insight {e.g., Grabow and Gilmer, 1987; Dodson,
1984; Thomsen and Madhukar., 1987a,b,¢; Choi et al., 1987b). Refinement of
our knowledge of these various processes should enable a complete predictive
theory of strain relaxation to be developed, but much further work is required
particularly in the areas of defect nucleation and interactions. Little work has
been done to date on the extension of single strained-layer concepts to
multilayer systems.

Experimental techniques for reducing threading-dislocation densities in
thicker epitaxial layers exist, the primary tools being thermal annealing,
filtering via strained-layer superlattices, and finite area growth. Of these
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techniques, it appears that the first two may be useful only down to moderate
defect densities, of the order of 108cm™? — 107 cm™?, although recent
reports suggest that clectric field effects may extend the useful range of
strained-layer superlattice filtering to lower defect densities (Liu et al., 1988;
Shinohara, 1988). Techniques for patterned epitaxial growth are currently
being developed with success in defect-density reduction being reported, for
example, in InGaAs/GaAs (Fitzgerald et al., 1988 Fitzgerald, 1989; Fitzger-
ald et al., 1989) and GaAs/Si (Matyi et al., 1988; Lee et al., 1988).

Techniques for growing and measuring extremely abrupt and planar
interfaces appear to be relatively advanced, as outlined in Section V1 of this
chapter. Molecular- and chemical-beam epitaxy technigues have advanced to
the stage where interfaces that are planar and abrupt to small {ractions of a
monolayer may readily be synthesized (e.g. Petroff et al., 1978; Tsang et al.,
1987: Bevk er al., 1986; Bimberg et al. 1986). Switching conditions in
MOCVD growth, however, still appear to fall somewhat short of this.
Developments of new crystal growth techniques such as ultrahigh-vacuum
chemical vapor deposition (e.g.. Meyerson, 1986; Meyerson et al., 1988),
limited reaction processing (Gibbons et al., 1985, and atomic-layer epitaxy
(c.g.. Bedair et al., 1985; Nishizawa et al., 1985) may further extend epitaxial
layer quality in some systems. Much fascinating science also remains to be
done in understanding the exact nature of alloy materials, which are so
important to many heteroepitaxial materials combinations,

In summary, much progress has been made in the last decade or so in
understanding the limits of structural growth of lattice-mismatched epitaxial
materials. In some systems, it is already possible to grow quasiperfect
heteroepitaxial structures (misfit-defect free, with planar and abrupt inter-
faces), and the limits of growth of such structures are semi guantitatively
known and understood. At this stage, however. it appears that in the field in
general, more remains to be discovered than is already known.
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